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EXECUTIVE  SUMMARY 


The  third  annual  report  of  the  University  Research  Initiative  project  at  UCSB 
on  High-Temperature,  High-Performance  Composites  consists  of  sections  compiled 
in  a  total  of  six  books.  The  first  section  in  Book  1  is  concerned  with  the  properties 
and  structure  of  bimaterial  interfaces  and  the  related  problem  of  coating  dccohcsion 
and  cracking.  Th>-.  second  section  describes  research  on  the  strengths  and  fracture 
resistance  of  brittle  matrix  composites  manufactured  with  fibers,  whiskers  and 
ductile  phases.  This  information  is  presented  in  Books  2  and  3.  The  third  ruction 
addresses  the  /low  and  creep  strength  of  reinforced  systems,  with  emphasis  on  effects 
of  aspect  ratio  and  the  incidence  of  damage,  and  is  offered  in  Book  4.  The  fourth 
section,  Books  5  and  6,  describes  work  on  processing  of  intcrmetallic  and  ceramic 
matrices  and  composites,  as  well  as  numerical  modelling  of  the  melt-spinning 
process. 

SECTION  1:  COATINGS  AND  INTERFACES 

The  research  on  interfaces  has  utilized  basic  mechanics  concepts  for  interface 
cracks  for  the  continued  development  of  test  methods  for  measuring  the  fracture 
resistance  properties  of  interfaces  in  the  range  ot  mode  miuity  of  most  interest. 
These  methods,  coupled  with  previously  devised  tests,  have  been  used  to  obtain 
data  for  numerous  bimaterial  systems.  A  particular  emphasis  has  been  the 
acquisition  of  data  for  potential  fiber  coating  systems.  The  results  hav }  revealed  that 
various  oxide  coalings  (such  as  Y2O3  and  AI2O3)  have  low  fracture  energies  within 
refractory  alloy  toughened  inter.netallics  and  thereby  encourage  extensive 
debonding,  as  elaborated  below.  For  oxide  based  composites,  not  surprisingly,  most 
oxide  coatings  proviae  a  fracture  energy  unacceptably  large  for  debonding 


purposes.  However,  ZrOz  coalings  on  AI2O3  are  an  exception;  they  exhibit  a  low 
fracture  energy  and  debond  extensively.  These  results  provide  guidance  for  a 
related  program  on  fiber  coatings  in  composites. 

The  overall  mechanical  behavior  of  external  coatings  have  been  explored,  with 
emphasis  on  coating  decohesion  and  on  the  role  of  ductile  inclusions  in  the  cracking 
of  the  coating.  The  ductile  inclusions  are  found  reduce  the  cracking  properly  of  the 
coating,  as  evident  for  cracking  patterns.  The  mechanics  of  cracks  at  coating 
interfaces  subject  to  combinations  of  mode  I,  II  and  III  has  also  been  formulated 
(Jensen  et  al.),  leading  to  test  procedures  for  readily  examining  the  effects  of 
modes  II  and  III  on  the  interface  dccohcsion  energy.  A  simple  formulation  for 
representing  effects  of  the  shear  modes  on  tire  interface  decohesion  energy  has  also 
been  proposed  and  shown  to  provide  a  good  description  of  available  data. 

SECTION  2:  STRENGTH  AND  FRACTURE  RESISTANCE 

FIBER  REINFORCEMENT 

The  axial  tensile  properties  of  a  range  of  fiber  reinforced  ceramics  have  been 
rigorously  evaluated  and  shown  to  be  consistent  with  models  previously  developed 
in  the  program.  In  particular,  the  matrix  cracking  stresses  and  the  ultimate  strength 
have  been  predicted  through  the  models  based  on  independent  measurements  of  the 
clastic  properties,  the  interface  sliding  stress,  the  interface  debond  energy,  the 
residual  strain  and  the  in  situ  strengths  of  the  fibers.  The  basic  models  applicable  to 
tensile  properties,  as  well  as  the  methods  for  measuring  the  important 
microstructural  properties,  are  thus  concluded  to  capture  the  essential  features  of 
composite  behavior. 

Mode  I  resistance  curve  measurements  have  been  made  on  composites  heat 
treated  to  produce  fiber  interfaces  having  sufficient  sliding  resistance  that 
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dclamination  cracking  is  suppressed  (Sbaizero).  The  materials  and  test  spedmons 
lead  to  large  scale  bridging  and  the  measured  data  require  correction  for  this,  as 
elaborated  below.  The  crack  growth  behavior  has  also  been  numerically  simulated 
(Horn  and  McMccking)  based  on  bridging  and  sliding  traction  laws  derived  in 
previous  research  within  the  program.  Good  agreement  between  the  simulation  and 
experimental  data  is  demonstrated  for  an  interface  sliding  stress  consistent  with  the 
measured  fiber  pull-out  lengths.  The  results  also  reveal  that  frictional  dissipation 
during  pull-out  provides  the  main  contribution  to  the  toughness  (Kc  *  20  MPa  'Jm 
at  steady-state)  and  that  large  scale  bridging  effects  lead  to  substantial  overestimates 
of  actual  toughness  levels  when  conventional  linear  elastic  fracture  mechanics 
formulae  arc  used. 

Dolamination  cracking  has  been  investigated  in  a  laminated  composite 
(Sbaizero  et  al.)  and  the  data  have  been  interpreted  based  on  solutions  for  mixed 
mode  cracking  in  anisotropic  media  (Suo).  Delaminalion  crack  growth  resistances 
have  been  deduced  and  shown  to  be  governed,  primarily  by  the  matrix  fracture 
energy,  with  some  contribution  from  distributed  fibers  that  bridge  the  crack 
surfaces.  The  crack  is  also  found  to  progress  into  a  steady-state  trajectory  along  a 
laminate  interface;  furthermore,  the  initial  crack  path  rotates  toward  that  interface  in 
a  sense  governed  by  the  sign  of  K». 

To  further  understand  these  effects,  a  new  method  for  fabricating  ceramic 
composites  has  been  invented  (Folsom  etal.).  The  method  involves  bonding 
together  thin  ceramic  sheets  and  thin  layers  of  fibers  to  form  a  multiple  sandwich 
composite  comprising  of  alternate  layers  of  ceramic  and  fibers.  The  thin,  strong 
ceramic  sheets  are  formed  by  a  method  used  to  make  ceramic  substrates  for 
electronic  packaging.  The  fiber  layers  can  be  in  the  form  of  either  aligned  fibers  or 
doth,  which  are  penetrated  with  an  appropriate  bonding  agent,  e.g.,  an  epoxy  resin, 
metal  or  ceramic  powder.  The  composite  is  formed  by  sandwiching  the  ceramic 
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sheets  with  fiber  layers  and  then  bonding  the  ceramic  sheets  to  the  fiber  layers  with 
an  applied  pressure  at  the  appropriate  temperature.  Current  work  emphasizes 
composites  formed  with  epoxy  resin/  carbon  fiber  prepregs  laminated  between 
ceramic  sheets  comprised  of  either  alumina/  transformation  toughened  zirconia,  or 
glass  by  hot-pressing.  Because  processing  is  simple  and  carried  out  at  low 
temperatures/  large  numbers  of  composite  modifications  arc  being  explored. 

Fracture  resistance  caused  through  bridging  by  fiber  and/or  by  ductile 
reinforcements  has  been  addressed  in  the  large  scale  bridging  regime  (Zok  and 
Mom),  by  experiments  conducted  on  metal  reinforced  ceramics  (Vclamakanni  ct  a!.), 
on  fiber  reinforced  ceramics  (Sbaizero  et  al.)  and  on  a  metal  fiber  reinforced  polymer. 
The  results  establish  a  strong  influence  of  large  scale  bridging  on  the  apparent 
fracture  resistance,  consistent  with  numerical  simulations  of  crack  growth  in  such 
materials.  An  approximate  analytical  solution  has  also  been  developed  that 
correlates  well  with  the  data  and  may  be  used  for  interpretation  purposes  and, 
furthermore,  generates  actual  material  resistances  from  the  experimental  results. 
Additionally,  this  work  clearly  indicates  that  nominal  fracture  toughness  results  can 
substantially  overestimate  actual  properties  and  must  be  used  with  caution . 

DUCTILE  REINFORCEMENT 

Following  the  results  of  the  previous  year  which  highlighted  the  importance 
of  interface  debonding  and  of  the  reinforcement  ductility  (Ashby  et  al.)  on  the 
toughness,  a  systematic  study  has  been  completed  on  the  effects  of  those  variables 
(Cao  et  al.;  D6ve  et  al.).  For  this  purpose,  experiments  have  been  conducted  on 
composite  cylinders  and  on  laminated  systems  consisting  of  TiAl  and  Nb/Ti  alloys 
(thickness,  2R),  with  various  thin  oxide  coatings  and/or  reaction  product  layers 
between  the  matrix  and  reinforcements.  The  results  reveal  that  Y2O3  coatings  inhibit 
reactions  and  also  ailow  extensive  debonding  (debond  length  d  «  20R),  consistent 
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with  its  relatively  low  fracture  energy  (T|  -  25  Jm~2).  For  high  ductility 
reinforcements,  such  as  high  purity  Nb,  debonding  leads  to  a  large  work  of  rupture 
(X  ->  6-7).  In  the  absence  of  a  coating,  more  limited  debonding  occurs  (d  -  5-6R) 
along  a  c-phasc  reaction  product  layer,  resulting  in  a  smaller  work  of  rupture 
(X  *  2.5).  Furthermore,  for  the  latter,  X  is  found  to  be  similar  for  composite 
cylinders,  for  laminates  and  for  actual  composites.  High  strength,  low  ductility 
reinforcements,  such  as  Ti-33%  Nb,  indicate  different  characteristics.  In  this  case, 
extensive  debonding  (induced  by  Y2O3  coatings)  results  in  abrupt  reinforcement 
rupture  and  small  x  (1-1.5).  However,  when  debonding  is  suppressed  by  averting 
the  formation  of  a  brittle  reaction  products  layer,  inhomogeneous  deformation  in  the 
Ti/Nb  apparently  suppresses  necking  and  allows  a  moderately  large  work  of 
rupture  (X  *•  2-3  in  laminates  and  X  “  4-5  in  composites).  The  approach  needed  to 
achieve  optimum  toughening  thus  depends  sensitively  on  the  flow  and  fracture 
behavior  of  the  reinforcement.  An  important  effect  of  matrix  crack  offset  on  X  has 
also  been  found  (Ashby)  in  the  sense  that  X  increases  as  the  offset  angle  increases.  It 
remains  to  ascertain  how  this  benefit  can  be  encouraged  in  actual  composites. 

An  essential,  related  aspect  of  this  study  concerns  diffusion-couple  annealing 
experiments  which  have  been  used  to  explore  interactions  between  y-TiAl  matrices 
and  ductile-phase  reinforcements  based  on  P*(Ti,Nb)  alloys.  The  nature  and  rate  of 
evolution  of  the  interfacial  layers  have  been  characterized  and  the  interdiffusion 
coefficients  of  Nb  and  A1  in  the  (3-(Ti,Nb)  phase  have  been  calculated  for  the 
900-100°C  temperature  range  using  a  Matano-Boltzmann  analysis.  While  the 
interdiffusion  coefficients  are  dependent  on  alloy  composition,  the  activation 
energies  were  found  to  be  quite  similar  in  all  cases,  about  250  ±  40  kj/mole 
(Jewett  et  al.). 

A  process  for  producing  ceramics  with  an  interpenetrating  network  of  a 
metallic  alloy  has  been  invented  (Velakammani  et  al.).  In  this  process,  ceramic 
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powder  is  packed  within  a  pyrolyzable  preform,  e.g.,  an  organic  fiber  felt,  by 
pressure  filtration.  The  preform  is  then  pyrolyzed  at  low  temperature  of  produce  a 
powder  compact  containing  pore  channels  remnant  of  the  preform.  The  ceramic 
powder  is  densified  at  higher  temperatures  without  eliminating  the  pore  channels 
which  at  infiltrated  with  a  molten  metal.  A  systematic  study  of  the  fracture 
toughness  based  on  the  above  variables,  which  can  be  changed  with  this  new 
processing  method,  is  in  progress.  Initial  studies  have  emphasized  Al^Oj  and 
transformation  toughened  ZrOi  matrices  containing  20  |Am  fibers  of  a  Al-Mg  alloy 
with  an  architecture  remnant  of  a  needled  felt  used  to  create  the  channels  within  the 
ceramic.  Squeeze  casting  is  used  to  intrude  the  molten  metal  into  the  pore  channels. 
Preliminary  fracture  mechanics  testing  to  determine  crack  growth  resistance  as  a 
function  of  crack  length  has  shown  that  the  ductile  bridging  ligaments  increase 
fracture  toughness. 

Studies  of  the  deformation  behavior  of  the  reinforcements  have  provided 
additional  insight.  Deformation  of  TiNb  involves  rafted  dislocation  pile-ups  in 
narrow,  coarsely  distributed  slip  bands  that  extend  large  distances  away  from  the 
crack  surfaces.  Fracture  occurs  at  the  intersection  of  these  bands.  In  the  Nb  system, 
twinning  and  slip  occur  in  the  y  matrix  around  the  interface  and  near  the  crack 
piano.  Furthermore,  debonds  along  the  CT  phase  reaction  product  layers  appear  to 
initiate  at  sites  where  the  twins  intersect  this  layer: 

MATRIX  TOUGHENING 

An  investigation  of  ceramics  toughened  with  whiskers  (Campbell  et  al.)  has 
established  both  the  prevalent  contributions  to  toughness,  as  well  as  the  realistic 
toughening  potential.  The  two  principal  toughening  contributions  derive  from  the 
extra  surface  energy  associated  with  debonding  along  the  amorphous  phase  at  the 
interface  and  the  energy  dissipated  as  acoustic  waves  when  the  whiskers  fail  in  the 
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crack  wake.  These  contributions  can  lead  to  toughness  of  order  Kc  »  10  MPaVnv 
Much  larger  toughness  could  be  induced  by  encouraging  frictional  dissipation  by 
sliding  and  pull-out  along  debonded  interfaces.  Direct  measurements  of  these 
effects  (Ashby)  produce  an  opportunity  to  understand  how  this  contribution  can  be 
understood  and  emphasized. 

Fracture  resistance  effects  have  also  been  explored  for  process  zone 
toughening  mechanisms  (Stump  and  Budiansky;  Horn  and  McMccking).  These 
results  show  that  the  resistance  curves  exhibit  a  peak  preceding  steady-state  and  that 
the  peak  height  is  related  to  the  gradient  in  volume  fraction  of  transformed  material 
in  the  process  zone,  f(y),  in  the  sense  that  uniform  transformation  in  the  zone  leads 
to  the  maximum  peak  height.  A  comparison  of  simulated  fracture  resistance  curves 
with  experimental  results  (Mom  and  McMccking)  reveals  good  agreement  when 
independent  measurements  of  f(y)  and  of  the  process  zone  size  and  shape  arc  used 
to  set  the  magnitudes  of  the  parameters  used  in  the  simulation. 

The  overall  toughness  of  a  reinforced  system  may  involve  multiplicative 
effects  between  matrix  toughening  and  reinforcement  toughening.  Matrix 
toughening  behaviors  include  the  transformation  and  whisker  mechanisms  noted 
above,  as  weil  as  twin  toughening.  Multiplicative  effects  with  reinforcement 
toughening  occurs  primarily  with  process  zone  mechanisms  (twinning, 
transformation,  etc.).  Analysis  of  the  coupled  toughening  (Stump  and  Budiansky, 
Horn  and  McMeeking)  have  demonstrated  conditions  that  provide  the  extremes  of 
multiplicative  and  additive  behavior.  Also,  resistance  curves  applicable  when 
multiple  mechanisms  operate  have  been  simulated.  These  calculations  provide  the 
insight  needed  to  select  matrix  microstruclures  consistent  with  that  reinforcement 
scheme  of  choice. 
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SECTION  3;  FLOW  AND  CREEP  STRENGTH 


A  substantial  activity  has  been  initiated  to  examine  strength  and  ductility 
during  both  plastic  flow  and  creep  in  the  presence  of  reinforcements.  The  variables 
of  principal  interest  arc  the  reinforcement  aspect  ratio  and  size,  as  well  as  their 
fracturc/dcbond  resistance.  The  initial  studies  have  been  on  a  model,  solute- 
strengthened  system,  Al  4%  Mg  reinforced  with  SiC  having  different  morphologies, 
fabricated  by  squeeze  casting.  The  matrix  is  chosen  to  be  ductile  and  fails  by 
necking  to  a  ridge  and  thereby,  inhibits  premature  rupture. 

Strengthening  and  ductility  have  been  explored  in  the  alloy  containing 
equiaxod  SiC  particles  (50%  by  volume)  having  a  range  of  particle  sizes  between  3 
and  160p.m  (Yang  et  al,).  The  results  indicate  that  the  flow  strength  diminishes 
somewhat  with  increase  in  particle  size;  this  effect  has  been  attributed  to  the 
enhanced  damage  (particle  cracking)  observed  in  materials  containing  the  large 
particles.  Conversely,  there  is  a  strong  effect  of  particle  size  on  ductility,  with  the 
greatest  ductility  occurring  in  materials  containing  the  smallest  particles.  This  trend 
is  attributed  to  the  relative  incidence  of  particle  cracking,  as  governed  by  weakest 
link  statistics  associated  with  flaws  in  the  particles,  introduced  during  commination. 
The  ultimate  strengths  of  these  materials  is  high  (~  600  MPa)  and  greater  than  that 
expected  from  calculations  conducted  for  composites  with  a  spatially  uniform 
particle  distribution.  The  discrepancy  is  being  addressed  by  examination  of  the 
influence  on  non-uniform  spatial  arrangements  and  the  associated  high  constraint 
between  the  more  closely-spaced  particles.  Similarly  large  strength  elevation  has 
also  been  found  for  material  reinforced  with  AI2O3  particulates  (Hirth  et  al.).  In  this 
case,  the  strengthening  has  been  attributed  to  dislocation  cell  formation  governed  by 
the  particle  spacing.  These  different  effects  remain  to  be  brought  together  in  a 
unified  model.  In  addition,  the  toughness  of  the  AI2O3  containing  material  has  been 
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measured  (Hirth  csal.)  to  reveal  that  the  toughness  increases  with  increase  in 
particle  size  in  accordance  with  known  concepts  of  ductile  fracture. 

SECTION  4:  PROCESSING:  Matrices  and  Composites 

INTERMETALUCS 

PHASE  equilibria  -  The  assessment  of  the  binary  TiAl  phase  diagram  has  been 
completed  through  combined  efforts  on  thermodynamic  modelling/  differential 
therm^  jnalysis  and  annealing  experiments  (Mishurda  et  al.),  as  well  as  high- 
temperature  X-ray  diffractomctry  and  controlled  solidification  experiments 
(McCullough  ct  al.).  In  particular,  the  liquid-solid  equilibrium  in  the  vicinity  of  the 
equiatomic  composition  and  the  boundaries  of  the  high  temperature  a-(Ti)  field  are 
now  well-established.  The  revised  diagram  and  corollary  thermodynamic 
information  has  been  instrumental  not  only  in  elucidating  the  microstructural 
evolution  paths  of  binary  Ti-Al  intermetallic  alloys,  but  also  in  permitting  the 
systematic  evaluation  and  computer  calculation  of  related  ternary  systems,  notably 
Ti-Al-Nb,  Ti-Al-Ta  and  Ti-Al-B. 

Substantial  progress  has  been  made  on  the  Ti-Al-Nb  ternary  system. 
Extensive  solidification  experiments  have  been  combined  with  the  binary  diagram 
information  to  define  the  approximate  shape  of  the  liquidus  surface  and  the 
boundaries  of  the  different  primary  phase  fields  (Jewett  et  al.).  The  Ct-(Ti)  liquidus 
on  the  Ti-Al  binary  shrinks  with  the  addition  of  Nb  and  is  totally  encroached  by  the 
P  and  y-(TiAl)  fields  al  ~  18at%Nb.  All  other  regions  on  the  liquidus  surface  have 
temperatures  that  decrease  from  the  Nb-Al  binary  toward  the  Ti-Al  binary. 
Significant  problems  still  exist  in  the  vicinity  of  theT^NbAl  composition,  where  two 
ternary  phases  (T1  and  T2)  had  been  detected  (Jewett  et  al.,  Boettinger  et  al.).  Both 
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phases  have  B2  structures  at  1200°C  and  decompose  upon  cooling  to  rather  complex 
microstructures  involving  (X2,  yand  a  B82  phase. 

Phase  equilibria  studies  on  the  Ti-Al-Ta  system  have  been  initiated. 
Solidification  work  suggests  that  the  shape  of  the  liquidus  surface  in  the  vicinity  of  Y 
is  quite  similar  to  that  reported  for  Ti-Al-Nb  with  the  a  -(Ti)  field  shrinking  with  Ta 
additions  until  it  is  encroached  by  the  P  -(Ti)  and  Y'CTiAl)  fields  (McCullough  et  nl.), 
but  the  liquidus  temperatures  are  generally  higher  than  those  for  Nb  additions. 
High  temperature  X-ray  diffraction  has  been  extensively  used  to  study  the  phases 
present  in  the  vicinity  of  the  50at%Al  isoconcentratc  (McCullough  et  ah).  In 
addition,  a  preliminary  isothermal  section  at  1100°C  has  been  delineated  based  on 
the  X-ray  evidence  combined  with  diffusion  couples  and  isothermal  annealing 
experiments  developed  under  other  DARPA  sponsored  programs. 

SOLIDIFICATION  -  The  fundamental  understanding  of  the  solidification  of  Ti-Al 
alloys  developed  in  the  previous  funding  period  was  systematically  applied  to 
elucidate  the  microstructurc  evolution  of  rapidly  solidified  powders  produced  by 
the  industrial  participants  (McCullough  et  ah,  Jewett  et  ah).  Microstructurcs  of 
powders  produced  by  containerless  processing  (PREP)  were  in  general  consistent 
with  the  trends  established  by  the  controlled  solidification  experiments,  wherein  P 
was  found  to  be  the  kinetically  preferred  primary  phase  at  high  supercoolings,  even 
in  the  composition  range  where  a  and/or  y  are  thermodynamically  favored  (45- 
55at%Al).  In  contrast,  atomization  processes  involving  graphite  crucibles  and/or 
nozzles  (XSR)  were  found  to  yield  powders  with  a  large  proportion  of  primary 
a-(Ti)  phase,  even  at  compositions  where  P  is  the  equilibrium  primary  phase.  This 
was  ascribed  to  carbon  contamination  of  the  melt  (~  0.5at%C),  which  seems  to  shift 
thea/P  liquidi  boundary  (McCullough  etah).  Furthermore,  the  solidification 
behavior  of  dilute  (&5at%Nb  orTa)  ternary  alloys  in  the  CX2-YranSe  was  found  to 
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proceed  essentially  as  in  the  binary  Ti-Al  alloy  of  the  same  aluminum  content  (Jewett 
ct  al.,  McCullough  et  al.). 

Studies  on  the  effects  of  cooling  rate  after  solidification  using  binary  and 
dilute  (5  5at%Nb  or  Ta)  ternary  alloys  (McCullough  ct  al.,  Jewett  ct  al.),  revealed  that 
diffusion-controlled  lath  transformation  is  sensitive  to  quenching.  Indeed,  y 
precipitation  may  be  completely  suppressed  by  decreasing  the  Al  content  or  adding 
ternary  elements  (Nb  or  Ta)  that  exhibit  strong  partitioning  between  the  CCo  and  y 
phases.  It  was  also  found  that  the  Ct  -»  CI2  ordering  is  not  suppressible  by 
quenching. 

The  solidification  of  y-TiAl  base  alloys  containing  10  to  28at%Ta  (McCullough 
et  al.)  revealed  that  primary  P  -(Ti)  forms  with  y  segregates  in  the  intcrdendritic 
spaces.  The  leaner  alloys  appear  to  go  through  the  double  pcritcctic  cascade 
previously  reported  for  the  binary  system  L  +  p  -*  a  and  L  +  a  -» y,  but  the  extent 
of  a  formation  is  reduced  with  increasing  Ta  content  and  most  probably  eliminated 
in  the  richer  alloys.  All  these  alloys  exhibit  strong  partitioning  of  Ta  toward  the 
dendrite  cores.  This  severe  "coring"  would  require  long  homogenization  treatments 
and  its  presence  may  lead  to  erroneous  conclusions  when  mechanical  and  oxidation 
behavior  studies  arc  conducted  on  as-cast  materials.  Furthermore,  the  Ta-rich  cores 
appear  to  follow  a  different  transformation  path  in  the  solid  state  than  the  rest  of  the 
dendrites,  substantially  complicating  the  analysis  of  the  phase  sequencing  and 
microslructure  evolution  during  the  post-solidification  cooling.  The  scale  of 
segregation  can  be  refined  by  approximately  one  order  of  magnitude  using  melt- 
spinning  or  splat-quenching  instead  of  arc  melting.  Homogenization  has  then  been 
accomplished  in  a  few  hours. 
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CONSOLIDATION  -  HIP  consolidation  of  titanium  alumirjde  powders  produced  by 
Rapid  Solidification  Rat*  (RSR)  and  Rotating  Electrode  Process  (REP)  were  studied 
(Choi  et.  al)  and  compared  to  computer  model  predictions  (Ashby).  In  a  corollary 
effort  a  high  temperature  sensor  was  developed  (Paden  et.  al)  for  in-situ  monitoring 
of  the  consolidation  process.  Characterization  of  the  starting  powders;  RSR  Ti- 
’lS%Al-2,5CcNb-0.3%Ta,  and  REP  Ti-50%Al-2%Nb,  showed  dendrites  with  primarily 
hexagonal  symmetry,  inuicative  of  a-phasc  formation  from  the  liquid.  There 
microstructures  were  consistent  with  solidification  studies  reported  above  -  e.g. 
carbon  contamination  in  the  RSR  process  strongly  favors  the  formation  of  primary  a. 
Good  agreement  was  obtained  between  the  predicted  HIP  maps  and  the 
experimental  data  during  later  stages  of  densification  (>85%)  and  longer  times  ( 4 
and  16  hours).  The  power  law  creep  mechanism  predicted  by  the  model  is  in  best 
agreement  with  the  experiments.  However,  discrepancies  arise  at  the  earlier  stages. 
At  lower  temperatures,  the  model  predicts  much  faster  consolidation,  indicating  a 
required  adjustment  to  the  model.  At  higher  temperatures  and  short  times  (1  hour), 
the  model  predicts  a  slower  densification.  Direct  in-situ  sensing,  using  an  eddy 
current  sensor,  provided  an  explanation  for  the  latter  discrepancy.  It  was  found  that 
significant  consolidation  occurred  during  the  pressurization  process  which  the 
model  does  not  take  into  consideration. 

COMPOSITES  -  The  composite  processing  facet  of  this  research  has  explored  using 
alloying  additions  that  develop  reinforcements  in  titanium  aluminides,  through 
suitable  control  of  the  chemistry  and  solidification  parameters.  The  compounds  of 
most  interest  are  those  which  exhibit  strongly  anisotropic  growth  from  the  melt, 
either  because  of  their  crystal  structure  and/or  interfacial  tension  characteristics. 
Plate  reinforcements  have  been  readily  grown  in  the  Ti-Al-C  system,  where  the 
phase  in  equilibrium  with  y-TiAl  is  T^AIC,  a  hexagonal  structure  with  a  rather 
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complicated  stacking  sequence  along  the  c-axis  (Valencia  et  al.).  Plates  ~  1  pm  thick 
with  aspect  ratios  of  ~  20  and  up  to  12%  by  volume  have  been  grown  as  primary 
phases  in  Ti-(4S-51at%)Al-3at%C.  Significant  increases  (20-60%)  in  creep  strength 
were  observed  in  these  alloys  when  compared  with  unalloyed  y,  but  there  art 
indications  that  some  of  the  strengthening  is  due  to  dissolved  C  in  the  matrix. 

Borides  appear  more  promising  as  reinforcing  phases  for  y-TiAl;  they  offer 
flexibility  for  microslruetural  control  and  relatively  straightforward  processing 
conditions.  The  structures  of  interest  arc  all  based  on  the  trigonal  prismatic 
coordination  of  6  metal  atoms  around  each  B,  which  may  be  arranged  in  dose- 
packed  (TiB2),  columnar  (TiB)  or  lamellar  (TaB,NbB)  arrays.  The  boride  in 
equilibrium  with  the  binary  y-TiAl  is  TiBi,  which  forms  a  mixture  of  plates,  needles 
and  highly  convoluted  flakes  when  solidifying  as  a  secondary  phase.  Major 
progress  has  been  made  in  the  understanding  of  these  different  morphologies  and 
their  dependence  on  alloy  composition  and  solidification  rate  (Hyman  et  al.),  but 
TiB2  may  not  lend  itself  to  the  production  of  appreciable  volume  fractions  of 
reinforcements  with  the  desirable  morphologies.  However,  controlled  additions  of 
Ta  or  Nb  change  the  structure  of  the  stable  primary  boride  to  TiB,  with  Ta  or  Nb 
partially  substituting  for  Ti.  These  borides  grow  as  rods  ~  1  to  5  pm  in  diameter 
with  aspect  ratios  of  20  or  larger,  as  expected  from  crystallographic  considerations, 
and  have  been  produced  in  volume  fractions  up  to  15%  (Valencia  et  al.).  Current 
studies  are  focused  on  optimizing  the  scale  and  distribution  of  these  reinforcements, 
as  well  as  on  exploring  alloy  compositions  which  may  produce  platelike  phases 
based  on  the  structure  of  TaB. 

Planar  Row  Casting  -  High-speed,  high-magnification  video  techniques  were 
used  to  investigate  the  geometry  and  stability  of  the  puddle  during  planar  flow 
casting  of  aluminum  alloys.  Puddle  oscillations  and  surface  instabilities  are 
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correlated  to  macroscopic  defects  in  the  ribbon.  The  process  was  modelled 
numerically  using  fluid  mechanics  and  heat  transfer  to  establish  thermal  profiles  in 
the  solidifying  puddle.  Although  not  specifically  reported  herein,  the  system  has 
been  upgraded  and  used  to  produce  ribbons  of  titanium  aluminides  for  some  of  the 
solidification  studies  in  this  report. 

CERAMICS 

Prcssurclcss  densificalion  of  ceramic  powders  containing  reinforcements  has 
been  emphasized  as  needed  to  understand  processing  limitations  and  to  develop 
new  methods  for  processing  ceramic  composites.  Two  major  problems  have  been 
studied:  the  forming  of  powder  compacts  containing  reinforcements  and  the 
constrained  densificalion  of  the  matrix  powder.  It  has  been  shown  that  pressure 
filtration  can  be  used  to  pack  powder  within  a  fiber  preform  provided:  a)  repulsive 
forces  exist  between  particles  and  between  the  reinforcement  and  particles  and  b)  the 
particle  size  to  fiber  diameter  ratio  is  &  0.01.  The  latter  requirement  not  only 
provides  for  the  flow  of  particles  through  preform  channels,  but  also  for  high 
packing  density  within  the  preform.  Densification  of  the  powder  matrix  is 
constrained  by  the  reinforcement.  Studies  of  this  problem  have  emphasized 
powders  containing  a  non-connected  network  of  inert  particles,  viz.,  A^Oa-SiC 
plates  and  Al203-ZrO2  inclusions.  Shrinkage  measurements,  mercury  porosimetry, 
and  microstructural  observations  illustrate  the  sequential  events:  sintering  and 
shrinkage  occurs  until  an  interconnected  dense  network  forms  that  surrounds  lower 
density  regions.  Coarsening  of  grains  within  the  lower  density  regions  causes  voids 
within  these  regions  to  grow  and  dissipate  the  sintering  potential.  Higher  particle 
packing  density  restdts  in  less  diffcrctitial  shrinkage  and  higher  composite  density. 

Studies  concerning  sintering  via  vapor  phase  transport  have  been  initiated 
with  the  goal  of  strengthening  the  powder  matrix  without  the  shrinkage  associated 
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with  other  mode;  of  material  transport.  Studies  have  also  been  initiated  in  which 
precursor  Z1O2  fibers  are  incorporated  into  powders  which  also  shrink,  either  more 
or  less  than  the  powder,  depending  on  their  prior  heat  treatment. 
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Introduction 

This  paper  reviews  some  recent  developments  in  the  mechanics  of  fracture  of  interfaces  between  elastic 
materials.  The  review  draws  heavily  on  the  recent  work  of  the  author  and  his  collaborators  at  Harvard  and  the 
University  of  California,  Santa  Barbara. 

Due  to  asymmetry  in  loading  and  elude  properties  across  the  interface,  many  interfacial  fracture  problems 
arc  inherently  mixed  mode.  In  mixed  mode,  both  normal  and  shear  stresses  act  across  the  interface  ahead  of  the 
up  of  the  interfacial  crack,  and  both  opening  and  shearing  displacements  occur  on  the  crack  faces  behind  the  tip. 
Thus  interfacial  fracture  in  two-dimensional  geometries  involves  mode  1  (opening)  and  mode  2  (shearing)  stress 
intensity  factors,  and  one  must  allow  for  a  toughness  characterization  which,  in  general,  is  a  function  of  the 
relative  amounts  of  mode  1  and  mode  2.  This  is  one  of  the  main  differences  between  interfacial  fracture 
mechanics  and  fracture  mechanics  for  isotropic  homogeneous  materials  in  which  mode  1  toughness  receives 
predominant  emphuis. 


This  review  starts  off  with  a  discussion  of  universal  crack  tip  fields  at  an  interface  between  dissimilar 
isotropic  elastic  solids.  Then,  examples  are  given  which  illustrate  the  extent  to  which  loading  and  moduli 
differences  influence  conditions  at  the  tip.  Some  mixed  mode  toughness  dau  are  presented  and  related  to 
preliminary  micromcchanics  modeling.  Decohesion  of  coatings  and  thin  films  is  discussed  within  the  context  of 
interfacial  fracture,  and  some  fust  results  of  an  analysis  of  the  cut  test  are  reported  wherein  decohesion  is  induced 
by  a  straight  cut  through  a  residually  stressed  coating.  The  final  example  deals  with  the  deflection  of  a  crack  into 
an  interface. 


Cnck  Tip  Fields 


With  the  interface  on  the  xpaxis,  let  Ei,  pi  and  Vj  be  the  Young's  modulus,  shear  modulus  and  Poisson's 
ratio  of  material  1  lying  above  the  interface  (X2  >  0)  with  similar  quantities,  E2,  P2  and  V2,  for  material  2  lying 
below  the  interface.  For  plane  problems  with  traction  boundary  conditions,  only  two  nondimensional 
combinations  of  the  four  independent  material  moduli  parameters  enter  into  any  solution  (1).  For  plane  strain  the 
moduli  mismatch  parameters  of  Dundurs  are 


a  =  — 


E,  +5^ 


and 
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[1] 


where  E^E/fl-v2)  is  the  plane  strain  tensile  modulus.  Note  that  a  and  P  both  vanish  when  dissimilarity 
between  the  elastic  properties  of  the  materials  is  absent,  and  a  and  P  change  signs  when  the  materials  arc 
switched. 


For  each  material  pair,  a  universal  singular  crack  tip  field  exists  at  the  crack  tip  according  to  linear  elasticity 
theory  for  a  traction-free  line  crack.  For  the  plane  problems,  the  normal  and  shear  stresses  of  the  singular  field 
acting  on  the  interface  a  distance  r  ahead  of  the  tip  can  be  written  in  the  compact  "complex"  form 
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where  i  s  /T  and  the  oscillation  index  e  depends  on  P  according  to 
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In  plane  strain  the  crack  face  displacements  a  distance  r  behind  the  tip,  5j  ■  ui(-r,0*) - Ui(-r,0') ,  are  given  by 


s  +  is , 

2  1  ffi  d+2ic)cosh(rtt) 


(Kj+iKj)/r  r* 


(4) 


The  amplitude  factors,  K|  and  K? ,  depend  linearly  on  the  applied  loads  and  on  the  details  of  the  full  geometry  of 
the  body,  as  will  be  illustrated  below.  These  stress  intensity  factors  are  defined  to  be  consistent  with 
corresponding  stress  intensity  factors  for  cracks  in  homogeneous  problems  (2).  The  energy  release  rate  per  unit 
length  of  extension  of  the  crack  in  the  interface  is  related  to  the  stress  intensity  factors  by  (for  plane  strain) 
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which  is  the  generalization  of  Irwin's  famous  result  for  a  homogeneous  isotropic  material. 


When  e  *  0  ,  the  relative  proportion  of  normal  and  shear  stresses  on  the  interface  in  the  singular  field 
varies  slowly  according  to  rlt  ■  cos(e  In  r)  +  i  sin(e  In  r) ,  and  this  feature  complicates  the  implementation  of 
interfacial  mechanics  in  several  respects.  When  c  *  0 ,  the  traction-free  line  crack  solution  is  not  fully  consistent 
since  the  solution  (4)  implies  that  the  crack  faces  interpenetrate  behind  the  tip.  Although  seemingly  troublesome, 
this  inconsistency  will  usually  be  inconsequential  since  the  distance  of  the  contact  region  behind  the  tip  is  generally 
exceedingly  small  compared  to  the  zone  of  nonlinear  deformation  or  fracture  processes.  More  problematic  is  the 
fact  that  Kj  and  Kj  cannot  be  interpreted  in  a  straightforward  way  as  mode  1  and  mode  2  intensity  factors 
directly  linked  to  normal  and  shear  stresses.  Moreover,  the  combination  K1+UC2  has  dimensional  units  of  stress 
a  and  length  L  in  the  form  oJ L  L"*.  A  peculiar  consequence  of  the  dimensional  form  is  that  the  relative 
proportion  of  a  critical  combination  (Kj,  Kj)  changes  when  units  are  changed  (2). 

The  features  mentioned  above  have  stood  as  conceptual  stumbling  blocks  in  the  development  of  interfacial 
fracture  mechanics  even  though  there  is  no  compelling  evidence  to  date  to  suggest  that  "e-effects'*  are  important. 
For  many  pairs  of  materials  of  interest  one  finds  that  e  is  very  small,  e.g.  less  than  a  few  hundredths  in 
magnitude,  even  when  a  is  substantial  corresponding  to  ratios  of  the  E's  of  4  or  5  or  more.  Ar.  extensive 
tabulation  of  (a,P)  pairs  is  presented  in  (3).  At  this  stage  in  the  development  of  interfacial  fracture  mechanics  it 
is  likely  that  the  role  of  e  is  far  less  important  than  other  problems  and  issues,  including  even  the  simplification  of 
elastic  isotropy.  Thus,  various  proposes  have  been  put  forth  for  ignoring  e .  A  consistent  approach  proposed  in 
(44)  is  to  systematically  take  p  ■  0  (and  thus  e  ■  0),  both  in  the  determination  of  critical  toughness  data  from 
test  specimens  and  in  subsequent  application  of  such  data  to  predict  fracture.  In  other  words,  for  a  given  material 
pair  one  contemplates  another  pair  with  slightly  perturbed  elastic  moduli  leading  to  P  »  0  for  the  purpose  of 
analyzing  specimens  and  making  applications. 

With  e  «  0 ,  i*  *  1  in  (2)  and  [4],  and  then  Ki  and  K2  have  conventional  interpretations  as  mode  1  and 
mode  2  stress  intensity  factors  measuring  the  singularity  of  normal  and  shear  stresses,  respectively,  on  the 
interface  ahead  of  the  tip.  At  various  points  throughout  this  review  the  assumption  is  that  e  *  0  will  be  invoked 
in  the  above  spirit.  Recent  work  (6-9)  has  dealt  with  crack  tip  fields  for  an  interface  crack  lying  on  an  interface 
between  dissimilar  anisotropic  elastic  solids,  and  general  restrictions  on  the  moduli  leading  to  nonoscillatory  fields 
and  conventional  stress  intensity  factors  have  been  identified. 

Some  Basic  Solutions 

A  number  of  relatively  simple  exact  solutions  were  given  in  the  original  papers  on  interface  cracks  from  the 
1960's  (see  (2)  for  a  listing  of  these  references).  For  a  crack  of  length  2a  lying  on  the  interface  between  two 
semi-infinite  blocks  subject  to  remote  stress  (see  Fig.  la),  the  stress  intensity  factors  of  the  right-hand  tip  are 
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K,  +  iK,  - 

This  solution  docs  not  depend  on  a ,  and  perhaps  it  is  partly  for  this  reason  that  so  much  emphasis  was  placed 
on  the  role  of  c  in  the  beginning  development  of  the  subject.  When  c*0  (recalling  that  the  magnitude  of  c  is 
often  only  a  few  hundredths  or  1 ess),  (6)  reduces  to  the  classical  result  for  the  mode  1  and  mode  11  stress  intensity 
factors  for  a  crack  in  a  homogeneous,  isotropic  elastic  solid. 

Next,  consider  the  semi-infinite  interface  crack  between  two  infinite  elastic  layers  shown  in  Fig.  lb  and 
subject  to  the  general  loading  indicated.  This  problem  has  been  solved  completely  in  (10).  An  exact  expression 
for  the  energy  release  rate  9  can  be  obtained  in  closed  form,  which  by  (5)  gives  the  magnitude  of  Kt+iKj . 
Integral  equation  methods  have  been  used  to  obtain  the  relative  proportion  of  Kj  to  Kj .  Complete  details  of  the 
soluuon  are  given  in  (10);  the  form  of  the  solution  is 


Kl  +  iK2-[c,Ph'%:2Mh-W]h'U  (7) 

where  P  (load  per  unit  thickness)  and  M  (moment  per  unit  thickness)  are  linear  combinations  of  the  P,‘s  and 
Mi’s ,  and  C|  and  cj  are  dimensionless  complex  numbers  depending  on  a,  p  and  h/H .  Application  of  this 
general  result  will  be  made  to  two  problems  in  the  next  section. 

Another  complete  solution  is  available  for  sandwich  geometries  wherein  a  thin  layer  of  material  2  is 
sandwiched  between  two  planar  bodies  of  materia]  1  with  an  interface  crack  lying  between  the  thin  layer  and  the 
upper  block.  Let  K|  and  Ku  be  the  conventional  mode  I  and  mode  II  stress  intensity  factors  for  the 
homogeneous  body  of  material  1  in  the  absence  of  the  middle  layer.  If  the  thickness  of  the  sandwich  layer  h  is 
very  small  compared  to  the  crack  length  and  to  all  other  relevant  in-plane  length  quantities,  a  universal  asymptotic 
relau’on  exists  between  the  interface  Intensity  factors,  K|  and  Kj ,  and  the  stress  intensity [factors,  K|  and  K|(, 
for  the  homogeneous  problem.  The  factors  Kj  and  Kfj ,  can  be  thought  of  as  applied,  or  remote,  stress 
intensities  for  the  semi-infinite  crack  problem  depicted  in  Fig.  1c.  The  asymptotic  relation  between  the  interface 
stress  intensities  and  the  applied  stress  intensities  is 


K,  +  iK2 


(Kj+iK^h'V*0^ 


(8) 


where  the  real  function  o>(ct,P)  is  tabulated  in  (5).  Thus,  for  example,  if  stress  intensity  factors  K|  and  K|| 
are  known  for  a  test  specimen  with  homogeneous  moduli,  [8]  is  the  universal  relation  giving  the  interface  intensity 
factors  for  the  corresponding  sandwich  specimens.  The  energy  release  rate  1  in  this  asymptotic  problem  is  equal 

to  the  applied  energy  release  rate  (1-v^)(Kj+K*j)/Ej  ,  as  is  readily  seen  from  (81  with  (5).  The  P-dcpcndcnce  of 

(o  is  weak;  o(a,Q)  is  plotted  in  Fig.  2.  For  P  *  0 ,  [8]  reduces  to 


Kj  +  iKj  -  /Ta  (K|+iKuJeMaJ®  (9) 

so  that  to  represents  the  shift  in  "phase"  of  the  interface  intensity  factors  relative  to  the  applied  intensity  factors, 
i.e. 

tan^OCj/Kj)  -  tan*l(Kn/K,)  +  o>  (10) 

From  Fig.  2  it  is  seen  that  this.shift,  which  is  due  exclusively  to  the  moduli  mismatch,  ranges  between  5°  and  -15°, 
depending  on  a .  For  most  material  pairs  this  will  not  be  a  large  effect. 


Seme  Examples 


The  examples  shown  in  Fig.  3  have  been  chosen  to  illustrate  the  ran$e  of  mixed  mode  conditions  which 
can  arise  in  applications  of  interfacial  fracture  mechanics.  For  discussion  purposes  (as  well  as  in  actual 

implementation  in  many  cases),  it  will  be  assumed  that  P  »  0 .  Let 

Y*tan*l(Kj/Kj)  (11) 

measure  the  "phase”  of  the  stress  intensity  factors  so  that  y  -  0*  corresponds  to  pure  mode  1  and  y  ■  90’ 
corresponds  to  pure  mode  2. 


The  double  cantilever  specimen  in  Fig.  3a  is  a  special  case  of  the  two-layer  problem  in  Fig.  lb. 
Specializing  the  results  of  (10)  to  this  specific  loading  and  geometry  gives  (with  p  «  0) 

K,  +  iKj  -  2/3  Mh’VJciY  (12) 

where  y  is  plotted  as  a  function  of  a  in  Fig.  4.  The  symmetry  of  the  geometry  and  the  loading  dicutes  that  the 
specimen  must  be  pure  mode  1  when  there  is  continuity  of  moduli  across  the  interface  (i.e.  when  a  -  0).  When 
a  *»  0 ,  the  asymmetry  due  to  the  moduli  mismatch  induces  a  mode  2  component  which  can  be  appreciable  when, 
for  example,  a  ■  ±  .5  ,  corresponding  to  Ej/Ej  ■  3  or  1/3 . 

Figure  3b  depicts  a  thin  film  or  coating  of  material  1  with  residual  biaxial  tensile  stress  o  attached  to  a 
(hick  substrate  of  material  2.  The  Him  is  decohering  along  the  interface  driven  by  the  residual  stress.  When  the 
decohesion  crack  length  is  long  compared  to  the  film  thickness,  conditions  at  the  tip  approach  a  steady  state  which 
is  independent  of  crack  length.  For  the  limit  when  the  film  thickness  h  is  very  small  compared  to  the  substrate 
thickness  H  (i.e.  h/H  -» 0),  the  steady  sute  energy  release  rate  is 

S-iO-vfyrh/E,  (13) 

The  interface  intensity  factors  can  be  obtained  by  specializing  the  results  in  (10).  When  P  ■  0 , 


Kl  +  iK2«y^ch,'Vy  (14) 


where  y  is  plotted  in  Fig.  5.  It  is  noted  that  decohesion  cracking  is  inherently  mixed  mode  with  y  ranging  from 
45°  to  70°,  depending  on  a. 

The  four-point  bend  specimen  in  Fig.  3c  has  been  analyzed  and  used  for  measuring  interfacial  toughness 
for  several  material  combinations  (1 1, 12).  The  specimen  has  the  advanuge  that  the  crack  tip  is  in  steady-sute 
condition  when  the  crack  is  long  compared  to  the  thickness  but  still  between  the  inner  loading  points.  The  results 
for  the  two-layer  problem  in  Fig.  lb  can  be  used  to  analyze  the  specimen  when  the  crack  is  advancing  under 
steady-sute  conditions.  The  analysis,  which  is  given  in  (10),  is  highly  accurate  when  the  tottl  thickness  of  the 
specimen  is  small  compared  to  the  distance  between  the  loading  points.  Over  a  fairly  wide  range  of  a  and  h/H 
the  analysis  predicts  ys45°.  Thus,  this  specimen  measures  mixed  mode  toughness  under  conditions  when  m 
and  K2  are  approximately  equal. 

The  final  example  considered  is  the  fiber  pull-out  problem  depicted  in  Fig.  3d.  This  problem  is  of 
considerable  interest  in  connection  with  the  role  of  fibers  in  bridging  matrix  cracks  in  brittle  matrix  composites. 
For  the  fiber  to  perform  effectively  it  is  essential  that  it  debond  from  the  matrix  some  distance  away  from  the  main 
matrix  crack.  This  debonding  permits  fiber  pull-out  and  a  consequent  toughening  contribution  from  the  fiber. 
There  are  a  variety  of  conditions  under  which  it  is  important  to  understand  the  fiber  de binding  process,  and  many 


of  these  remain  to  be  analyzed.  One  numerical  analysis  (13).  applicable  when  there  is  a  residual  tensile  stress 
acting  across  the  fiberimatrix  interface  prior  to  debonding,  predicts  that  the  interface  debonding  crack  is  heavilv 
mode  2.  as  might  be  expected  from  the  loading  and  geometry,  with  y  ~  75°. 

Iaicfacial  Touthncis 


The  examples  of  Fig.  3  arc  intended  to  drive  home  the  point  that  interfacial  fracture  conditions  can  range 
from  mode  l  to  mode  2  and  are  often  decidedly  mixed.  The  specification  of  interface  toughness  when  c*0  has 
been  discussed  in  (2).  As  noted  earlier,  the  specification  is  simplified  when  c  -  0  since  K|  and  K2  then  have 
straightforward  interpretations  as  mode  1  and  mode  2  intensity  f acton.  Here  we  will  confute  the  discussion  to 
material  pairs  for  which  c  ■  0 ,  either  exactly  or  by  approximation. 


In  general  one  must  expect  that  the  toughness  of  the  interface  (i.e.  the  critical  value  of  9  associated  with 
crack  advance  in  the  interface)  is  a  function  of  the  combination  of  K|  and  K2  governing  the  crack  tip  stresses. 
That  is,  the  specification  of  interface  toughness  requires  that  9C  be  known  as  a  function  of  y  ■  un*'(K2^K|) . 
The  attainment  of  conditions  for  crack  advance  in  the  interface  is  stated  formally  as 

*-**(Y)  (15) 

where  9  is  given  in  terms  of  Kj  and  K2  by  (3).  It  may  be  that  an  “ideally  brittle"  interface  will  have  a 
toughness  9C  which  is  independent  of  y  and  equal  to  the  energy  needed  to  create  the  two  free  surfaces.  No 
mixed  mode  toughness  data  exists  yet  to  show  that  "ideally  brittle"  interfaces  actually  exist  In  fact,  very  little 
experimental  toughness  data  exists  which  systematically  spans  a  range  of  y .  One  recent  set  of  data  for  9?(y), 
shown  in  Fig.  6,  was  generated  in  (12)  for  an  epoxy  bonded  to  glass.  The  experimental  data  was  obtained  using  a 
variety  of  specimens  such  as  those  in  Fig.  3  to  span  the  range  of  y  from  pure  mode  1  to  y  3  75*.  For  this 
material  pair  and  for  the  conditions  under  which  the  surfaces  were  bonded,  the  toughness  is  clearly  a  strong 
function  of  (he  combination  of  modes  at  the  crack  tip. 

A  first  attempt  at  a  micromechanics  model  of  interfacial  toughness  as  it  is  influenced  by  non-planarity  of 
the  fractured  interface  was  given  in  (14).  The  idealized  situation  envisioned  is  depicted  in  Fig.  7a.  Due  either  to 
the  intrinsic  faceting  of  the  interface  in  the  bonded  state  (15)  or  to  roughness  generated  by  the  fracture  process 
itself,  the  fracture  surfaces  am  taken  to  have  facets  of  height  w  and  spacing  / .  Within  the  vicinity  of  the  crack 

lip  where  the  crack  opening  displacement,  ,  is  less  than  w  ,  the  facets  on  opposite  faces  contact  one  another 
and  tend  to  shield  the  tip  from  the  full  effect  of  Ki  when  K2  is  not  zero.  The  analysis  in  (14),  which  neglects 
any  dissimilarity  in  moduli,  derives  an  estimate  for  9c(y)  based  on  the  criterion  that  the  shielded  energy  release 

rate  at  the  tip  equals  the  "intrinsic"  toughness  9° ,  which  can  also  be  identified  with  the  pure  mode  1  toughness. 


The  effective  interface  toughness  depends  on  a  single  nondimensional  material/roughness  parameter  R 
which  is  predominantly  dependent  on 
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(A  full  specification  of  R  is  given  in  (14).)  Plots  of  the  normalized  toughness  increase  as  a  function  of  y  for 
different  levels  of  interface  roughness  R  are  shown  in  Fig.  7b.  Included  in  Fig.  7b  is  the  experimental  data  of 
Fig.  6  from  (12)  for  the  epoxy/glass  interface.  The  measured  roughness  of  the  fractured  interface  is  in 

approximate  agreement  with  the  roughness  level  R  3  1  indicated  by  the  model  predictions  in  Fig.  7b  (12).  In  the 
limiting  result  for  9c(y)  when  R  -♦<«•,  K2  has  no  influence  on  the  energy  release  rate  at  the  tip,  as  the  model  in 

Fig.  7a  would  suggest  Thus,  for  all  y  the  energy  release  rate  at  the  tip  is  (l-v^K^/E  and,  consequently, 


9c(y)  -  9°[1  +  tanfy] 


(17) 


Clearly  the  epoxy. glass  interface  behaves  more  like  a  highly  rough  interface  than  an  ideally  brittle  one. 


Other  microscopic  processes  can  be  expected  to  influence  the  mixed-mode  toughness.  These  include 
fricucn  and  plasticity,  either  dislocation  emission  at  the  tip  or  more  extensive  zones  of  high  dislocation  density. 


A  necessary  condition  for  a  thin  Him  under  residual  biaxial  tension  o  to  undergo  extensive  decohesion 
can  be  inferred  from  the  results  [13]  and  [14]  for  the  plane  strain  problem  in  Fig.  3b.  When  the  substrate  is  thick 
compared  to  the  film  (h/H  ->0)  the  critical  stress  for  steady-state,  two-dimensional  cracking  is 


where  y  is  obtained  from  Fig.  5.  Decohesion  of  regions  whose  extent  is  large  compared  to  the  thickness  will 
only  occur  if  o  >  Cc .  In  the  cut  test  a  straight  cut,  many  times  h  in  length,  is  made  through  the  Him.  If  o  >  0e, 
a  region  of  decohesion  spreads  from  the  cut.  The  equilibrium  shape  of  the  decohered  region  is  governed  by  the 
condition  that  the  crack  driving  force,  3  ,  at  every  point  along  the  edge  of  the  decohesion  just  attains  the  condition 
for  further  decohesion. 


Because  both  normal  and  shear  stresses  act  along  the  decohesion  boundary,  the  interface  crack  front  is 
fully  mixed  mode  with  mode  3  present  as  well  as  modes  1  and  2.  The  energy  release  rate  under  the  three  modes  is 
(with  p  ■  0) 


Along  the  decohesion  boundary  in  the  cut  test  the  nature  of  the  local  stressing  is  such  that  the  relative  proportion  of 
Kj  to  K|  is  fixed  with  y  ■  un**(K2/K|)  given  by  Fig.  5.  Thus  the  shape  of  the  decohered  region  can  not  be 
used  to  discriminate  the  role  of  K2  in  the  decohesion  criterion.  However,  the  shape  of  the  boundary  is  sensitive 
to  how  Kj  influences  the  decohesion  criterion.  An  extensive  study  of  this  shape  dependence  is  given  in  (16). 
Here  we  will  report  the  shapes  of  the  decohesion  boundary  for  two  limiting  decotiesion  criteria  suggested  in  the 

previous  section:  (i)  based  on  an  ideally  brittle  interface  with  $  *3°  where  3°  is  mode-independent,  and  (ii) 
based  on  a  critical  value  of  K| ,  Independent  of  Kj  and  Kj . 

The  shapes  of  the  decohesion  boundary  based  on  the  c rite, ion  3-3°  are  shown  in  Fig.  8a.  The  critical 
stress  parameter  ac  is  given  by  [18]  with  3e(y)«3°.  Once  the  decohesion  criterion  has  been  specified,  the 
shape  and  extent  of  the  decohesion  depends  only  on  o/ae  and  the  Poisson's  ratio  of  the  film  Vi .  The  shapes 
corresponding  to  the  criterion  Kj  *  K* ,  independent  of  K2  and  K3 ,  are  shown  in  Fig.  8b.  The  critical  stress 
is  still  given  by  [18],  but  now 


where  y  is  obtained  from  Fig.  5.  The  most  notable  difference  between  the  two  families  of  shapes  is  that  the 

decohesion  boundary  stands  off  the  end  of  the  cut  when  the  criterion  3*3°  holds  but  remains  attached  when 
the  criterion  is  based  on  a  critical  value  of  Kj .  Observation  of  the  cut  test  for  a  polyamide/glass  system  indicates 


that  the  dccohcston  boundary  remains  attached  for  this  systems  (16).  Furthermore,  by  considering  a  range  of 
criteria,  involving  varying  proportions  of  the  mode  3  contribution,  and  the  corresponding  shape  dependence,  it  ts 
possible  to  draw  some  conclusions  about  the  quantitative  role  of  mode  3  on  the  decohesion  criterion  (16) 

Crack  Deflection  Venus  Penetration  at  an  Interface 

Whether  an  interface  crack  propagates  within  the  interface  or  kinks  out  of  the  interface  into  one  of  the 
adjoining  materials  depends  in  an  essential  way  on  the  combination  of  modes  acting  at  the  dp  of  the  crack  (4).  It  is 
also  true  that  the  tendency  of  a  crack  approaching  an  interface  to  deflect  into  the  interface,  as  opposed  to 
penetrating  through  the  interface,  depends  essentially  on  mixed  mode  considerations,  as  will  now  be  illustrated 
using  an  example  from  (17). 


Consider  the  crack  in  Fig.  9a  impinging  at  a  right  angle  to  the  interface  and  assume  the  loading  is 
symmetric  with  respect  to  the  crack.  Now  consider  two  competing  trajectories  of  crack  advance:  penetration  of 
the  interface  in  Fig.  9b,  and  deflection  into  the  interface  in  Fig.  9c.  In  each  case,  the  energy  release  rate,  6  ,  is 
proportional  to  a1*2* ,  where  a  is  the  putative  crack  length  and  X  is  the  exponent  of  the  stress  singularity  of 
(0  -  r*)  of  the  problem  in  Fig.  9a.  The  ratio,  9  */3  f  ,  is  independent  of  a  when  a  is  small  compared  to  the 
length  of  the  main  crack.  Thus,  the  rtlativ*  tendency  of  the  crack  to  deflect  or  penetrate  can  be  assessed  using  this 
ratio.  Figure  10a  shows  this  ratio  as  a  function  of  a  w*-en  P  ■  0 .  The  proportion  of  mode  2  to  mode  1  for  the 
deflected  crack  is  shown  in  Fig,  10b.  (The  penetrating  ertek  is  in  pure  mode  1.) 


The  condition  (a  necessary  condition)  for  the  crack  to  be  deflected  into  the  interface,  rather  than  to 
penetrate  it.  is 


Se(¥) 


121) 


where  Se(y)  is  die  toughness  of  the  interface  at  the  relevant  combination  of  modes  and  9^  is  the  mode  1 

toughness  of  material  1  across  die  interface.  When  the  elastic  mismatch  is  not  large  (a  s  0) ,  the  condition 
requires  that  the  interface  toughness  be  less  than  about  1/4  the  toughness  of  material  1,  where  the  interface 
toughness  is  that  associated  with  y  2  43*  .  Deflection  as  a  symmetric  doubly-deflected  crack  has  also  been 
considered  in  (17).  Generally,  the  singly-deflected  crack  of  Fig.  9c  is  the  controlling  case,  but  this  conclusion 
depends  somewhat  on  how  strongly  9c(y)  depends  on  y  since  the  y-values  differ  for  the  two  cases. 
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Fig.  2  Phase  shift  w  between  remote  and  near-tip  stress  intensity  factors  (P  ■  0). 


Fig.  3  Four  examples  illustrating  range  of  mixed-mode  conditions  at  the  tip  of  an  interface  crack:  (a)  double 
cantilever,  (b)  decohesion  of  thin  film  under  residual  biaxial  tensile  stress,  (c)  four-point  bend  specimen,  and  (d) 
fiber  pull-out. 
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Fig  4  Phase  of  stress  intensities,  y  -  un**(K:/K|),  Fi*.  5  Phase  of  sots*  intensities,  Y  *  tan’UK’/Kj), 

for  double  cantilever  in  Fig.  3a  (P-0).  for  decohesion  of  thin  film  in  Fig.  3b  (P-0). 


Fig.  6  Interface  toughness  data  for  an  epoxy/glass  system  from  (12). 
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(K2  /K^ 


Fig.  7  Micro-mechanical  model  of  effect  of  interface  roughr 


•nxed-mode  toughness. 


-12- 


Fig.  8  Shapes  of  decohesion  region  in  ihe  cui  test  at  various  levels  of  o/ac  (V|  »  1/3):  (a)  based  on  criterion  for 
an  ideally  brittle  interface,  $  a  5°;  (b)  based  on  the  criterion  K,  *  K '  independent  of  K*  and  Kj. 


U>  (b)  (e) 


Fig.  9  Competition  between  crack  (penetration  and  deflection  at  an  interface:  (a)  main  crack  at  interface,  (b) 
penetration  of  interface,  and  (c)  deflection  by  interface. 


(•>  (b) 

Fig.  10  (a)  Ratio  of  energy  release  rate  of  deflected  crack  to  that  of  penetrating  crack  as  a  function  of  the  elastic 
mismatch  parameter  a  (p=0).  (b)  Phase  of  stress  intensities,  V  *  tan'*(K2/Ki),  for  deflected  crack  tip  (P=0). 
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AMmt,  A  mtmtrtrd  method  a  pf**f»kd  for  obtaining  ih«  valtm  ©f  A,*,  AJ  ami  A'£,  in  th<  tUiirfty  button 
at  the  up  of  an  mttrfxt  ctxk  in  general  luttt  of  «rt«  lb*  baui  of  the  rorthud  k  an  cvrfuaiHifl  of  ih <  /micgral 
by  ih<  \imwl « kK  «M<«*kin  mcihoJ  tftdi\>dtut  tntcn«M*i  an  then  be  obtained  fr©m  further  cakuUttont 

of  J  pertuihed  by  wull  increments  of  the  slftn  intensity  factors  The  calculations  are  carried  out  hy  the  finite 
element  method  hut  minimal  extra  computations  are  required  compared  to  tbo*  foe  the  boundary  value  problem 
Very  accurate  results  art  presented  for  a  crxk  in  the  htmaterul  interface  and  compared  uith  other  methods  of 
evaluating  the  stress  intensity  factor?*  In  particular,  a  comparison  is  made  *tth  stress  intensity  factors  obtained 
by  computing  J  by  the  \  irtual  crack  cMcnskm  method  but  Kparat  mg  the  modes  by  u*mg  the  ratio  of  displacement* 
m  the  crack  surface-  Roth  techniques  uork  util  *ith  tine  finite  ekment  roethc*  but  the  results  suggest  that  the 
method  that  rehes  entirely  on  Jontegral  cwltamm*  can  be  uwd  tu  gist  rdaWe  result*  tor  siwrse  mcdiev 


In  mixed  mode  clastic  fracture  mechanics  it  is  desirable  to  evaluate  accurately  the  individual 
mode  I.  II  and  III  crack  tip  stress  intensity  factors  A',.  Ku  and  Am  [I].  The  modes  are  tensile 
opening  (i).  in  plane  shear  (II)  and  umiplane  shear  (111)  where  the  relevant  plane  is  such  that 
the  crack  from  passes  through  it  orthogonally.  In  addition,  when  a  crack  lies  with  the  near 
tip  segment  in  the  interface  between  two  linear  elastic  isotropic  materials,  the  parameters  A,*, 
Kfi  and  A'j*,  can  be  used  to  characterize  the  near  tip  field  (2-4],  With  the  coordinate  system 
aligned  as  in  Fig.  I,  the  inplane  stresses  ahead  of  the  crack  on  ,v2  -  0  arc  given  asymptoti¬ 
cally  by 


dr;2  +  i<r12 


0) 


where 


wit -a®*  a 


(2) 


and  i  «  v  - 1.  The  parameters  Tor  the  materials  are  such  that  G,  are  the  shear  moduli.  A‘ 
are  the  Young's  moduli  und  v,  are  the  Poisson's  ratios.  The  parameters  /t,  are  defined  so  that 
they  equal  (3  -  v,)/(|  +  vt)  in  plane  stress  and  otherwise  are  3-ty.  When  the  two  materials 
are  identical  c  -  0  and  the  factors  A',*  and  A',*  become  identical  to  A',  and  ATn  respectively. 
The  antiplane  stress  field  for  the  isotropic  bimaterial  case  is  unchanged  from  the  hom¬ 
ogeneous  case,  but  the  stress  intensity  factor  is  denoted  A'|f,  for  the  former  for  clarity. 
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fit  I  unJ  lineal  v'onwuf  u«4  to  evaluate  the  ^.integral 

Henceforth,  the  discussion  and  development  will  be  confined  to  the  inplane  stresses  and 
displacements  and  the  unttplane  component  of  the  near  lip  fields  will  be  neglected.  However, 
the  methods  addressed  in  this  paper  have  obvious  generalizations  when  there  is  untiplunc 
stressing. 

It  is  important  to  note  that  the  factors  A.',*  and  A.',*  do  not  represent  opening  and  shear 
modes  (2-4].  Instead,  the  oscillatory  nature  of  (I)  and  the  associated  displacements  mean 
that  the  ratio  of  modes  in  the  crack  surface  motions  varies  with  distance  from  the  crack  tip. 
However,  the  wavelength  of  the  oscillations  increases  with  distance  from  the  crack  tip. 

When  the  material  interface  is  a  plane,  the  ./'integral  (S)  is  path  independent  for  the  crack 
segment  including  the  tip  that  lies  in  the  material  boundary.  The  relationship  between  J  and 
the  stress  intensity  factors  is  given  by  (6) 

J  -  ~(A?J  +  (3a; 

where 

77  "  JfA  +  AVcosh^xe)  (3b) 

H  *  *j// 

and  in  plane  stress  and  £?  <■  £,/(!  -  v?)  in  plane  strain. 

A  review  of  numerical  methods  for  obtaining  the  single  mode  stress  intensity  factors  in  the 
homogeneous  case  has  been  given  by  Gallagher  (7].  The  most  effective  of  these  is  the  virtual 
crack  extension  method  of  Parks  (8).  However,  as  in  all  methods  which  evaluate  J  or  the 
energy  release  rate,  the  technique  must  be  augmented  if  it  is  to  be  used  to  establish  the 
individual  stress  intensities  in  the  mixed  mode  case.  It  is  possible  to  define  associated  path 
independent  integrals  and  this  has  been  done  by  Ishikawa.  Kitigawa  and  Okamura  (9]  for 
the  homogeneous  case.  The  technique  was  extended  by  Bui  (10]  and  consists  of  taking  the 
parts,  symmetric  and  antisymmetric  about  the  crack  plane,  of  the  planar  displacement,  strain 
and  stress  fields  and  using  them  separately  in  path  integrals.  One  integral  can  be  manipulated 
to  give  Kx  and  the  other  to  provide  Kn.  As  noted  by  Bui  (10],  the  virtual  crack  extension 
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method  eon  be  used  to  evaluate  the  path  integrals.  However,  the  approach  of  (shtkawa 
et  til.  (9)  and  Bui  (10)  cannot  be  used  for  cracks  located  in  bi  material  interfaces.  This  follows 
from  the  fact  that  the  displacements  solution  in  one  material  does  not  satisfy  the  governing 
equations  in  the  other,  and  so  the  symmetric  and  antisymmetric  parts  are  invalid  displace* 
menu  in  both  materials. 

Yau.  Wang  and  Corten  (II)  following  Stem.  Becker  and  Dunham  (12)  developed  a 
technique  for  obtaining  the  separate  modes  by  using  the  A/,  integral  of  Chen  and  Shield  (13). 
When  two  solutions  for  a  given  geometry  are  added  together,  u  third  held  results  for  which 
the  ./'integral  can  be  found.  The  value  of  this  7  differs  by  A/,  from  the  sum  of  the  J  values 
for  the  individual  solutions.  Thus,  when  one  of  the  solutions  is  of  a  single  mode  of  known 
magnitude,  the  value  of  .V/,  can  be  used  to  determine  one  of  the  stress  intensify  factors  of 
the  other  solution.  Wang  et  al.  ( 1 1 )  used  this  method  for  problems  in  homogeneous  materials 
They  obtained  the  required  numerical  results  by  the  finite  element  technique  and  evaluated 
the  J  and  M,  integrals  by  taking  paths  through  the  finite  element  me»h.  Accurate  results  were 
obtained. 

It  is  clear  that  the  method  of  Wang  et  ul.  ( 1 1 )  can  be  u>cd  for  a  crock  in  bimaterial  interface, 
since  7  and  A/,  integrals  Mill  pertain.  Indeed.  Wang  and  You  (14)  applied  the  technique  to 
the  bimuiennl  case  and  Rice  (IS)  ha:,  stated  a  line  integral  equivalent  to  A/,  specifically  for 
the  btmuicrial  case.  Furthermore,  since  A/,  has  7-like  character,  it  can  be  evaluated  by  the 
virtual  crack  extension  method  (8).  This  is  desirable,  since  highly  accurate  results  con  be 
obtained  at  low  cost  in  this  way.  Indeed  Shih  and  Asaro  (16)  have  recently  used  an  equivalent 
method  to  obtain  K*  and  A'; \  from  finite  clement  solutions. 

In  this  paper,  a  virtual  crack  extension  based  method  for  obtaining  A',*  and  A’,;  from  finite 
element  solutions  will  be  described.  Results  for  a  few'  problems  will  be  presented  und 
compared  to  known  accurate  solutions.  The  dependence  of  the  accuracy  on  the  refinement 
of  the  mesh  will  be  investigated.  Finally,  results  for  A',*  and  A’,1)  obtained  by  using  crack 
surface  displacements  from  finite  clement  calculations  for  some  problems  will  be  compared 
to  values  resulting  from  the  new  method. 


1  Formulation 


The  ./-integral  (3)  is  defined  as 


J 


jr  W  d.Vj  -  n,o„  —p  dr, 


thv, 


(4) 


where  P  is  any  contour  from  the  bottom  crack  surface  around  the  tip  to  (he  top  surface.  In 
Fig.  1,  •  is  the  outward  unit  normal  to  the  contour.  IF  is  the  strain  energy  density,  u  are  the 
displacements  and  dx  is  an  infinitesimal  element  of  contour  arc  length.  The  integral  is  path 
independent  when  the  cr&ck  is  straight,  traction  free  and  any  material  interface  is  parallel  to 
the  crack.  If  there  arc  2  displacement  fields  u*  and  u*  representing  2  solutions  to  2  different 
boundary  value  problems  for  the  crack,  the  values  of  7  associated  with  them  are  J ,  und  7,. 
When  the  displacement  fields  arc  summed  to  give  u*.  the  value  of  7  resulting  is  (13). 


J,  « 


7,  +7,  +  A/|, 


(5) 
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where  M,  is  an  integral  given  by 


which  was  stated  by  Chen  ami  Shield  { 1 3)  in  the  homogeneous  ease.  They  also  suggested  that 
by  u>c  of  a  known  field  with  A’M,  ■  0.  the  integral  could  be  utilized  to  evaluate  A’,,  Tor  the 
other  field,  a  technique  taken  up  by  Yau  et  al.  (I  I).  Later,  Wang  and  Yau  (14)  used  known 
displacement  fields  for  cracks  in  bimateriul  interraces  along  with  the  M,  integral  to  evaluate 
parameters  of  relevance  to  the  crack  tip  field » in  other  solutions  for  bimaterial  cracks. 
However,  there  is  an  ambiguity  in  their  results  of  a  type  addressed  recently  by  Rice  (17) 
relating  to  dimensionality  and  phase  ul*  the  quantity  A'*  ■  A',*  +  iA’,*. 

Following  Parks  (8),  the  energy  release  rate  definition  of  J  can  be  used  to  develop 
numerical  methods  Tor  its  evaluation.  As  a  result 

J  -  *  -)!«.}r(tWu)  W.  m 

where  V  is  the  potential  energy  of  the  body  and  the  differentiation  with  respect  to  crack 
length  u  is  carried  out  at  fixed  load.  The  vector  {«,)  contains  as  elements  the  nodal  degrees 
of  freedom  for  a  finite  element  calculation  and  (5)  is  the  stiffness  matrix  for  the  mesh  of 
elements  used  to  solve  the  erack  problem.  In  the  virtual  crack  extension  method  (8)  the  crack 
problem  is  first  solved  to  obtain  the  vector  {a,}.  Then  a  small  virtual  crack  extension  is  caused 
in  the  plane  of  the  crack  and  a  new  value  of  the  stilTness  computed.  Usually  the  crack  is 
extended  by  rigidly  moving  a  core  of  elements  around  the  lip  and  distorting  only  one  ring 
such  as  the  shaded  one  shown  in  Fig.  2.  That  is.  all  elements  outside  the  distorted  ring  are 
also  held  rigid.  Consequently  in  the  core  of  rigid  elements  and  in  the  outer  rigid  area. 
c(S)/£a  -  0.  As  a  result,  the  computations  of  changed  stiffness  required  are  limited  and  the 
multiplication  involved  in  (8)  involves  small  vectors  and  matrices.  The  method  has  been  used 
extensively  to  compute  single  mode  stress  intensity  factors  in  the  homogeneous  case. 

Now  consider  a  bimaterial  problem  A  for  which  it  is  desired  to  compute  K*  and  A',*.  First, 
solve  the  problem  by  the  finite  element  method  to  find  ( u From  this,  compute  J  by  the 
virtual  crack  extension  technique  summarized  by  (8).  Then  add  to  (is,)  the  displacements 
(Au,),  for  a  problem  in  the  same  geometry  for  which  A’,*  «  0  and  A*  »  A  A',*.  This  set  of 
displacements  can  represent  any  problem  desired  and  it  should  be  noted  that  the  field  is 
actually  needed  only  *or  the  nodes  associated  with  the  distorted  ring  of  elements.  In  view  of 
this,  the  asymptotic  crack  tip  displacements  can  be  used  everywhere  as  a  suitable  field.  That 
is 

-  Ml  II  c“, 

1  2Gj  v  2n  (I  +  e:“) 


fi  (r,  0,  c, ft), 


(9) 
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where  j  denotes  material  I  or  2  ami  f,  is  described  in  the  Appendix.  The  vector  (Am,),  is 
obtained  by  evaluating  (9)  at  the  required  nodes.  With  the  value  of  t^Sl/rVi  already  computed 
for  the  first  computation  of  J.  the  calculation  in  (X)  is  repeated  with  the  vector  [«,}  +  {Am.!, 
used  instead  of  {w„}  alone.  The  result  of  this  calculation,  J  +  A can  be  shown  from  (3). 
(5)  and  (7)  to  be  such  that 

V  -  i(AAT,*5 +  2W).  (10) 

With  this  rearranged,  it  follows  that 


K*  ■  —  M  _  i  A  A’* 
1  2  A  A',*  2  1 


(ID 


and  the  2nd  term  can  be  neglected  compared  to  the  1st  if  A K*:  is  small  compared  to  //A,  J. 

The  procedure  can  then  be  repeated  for  an  added  vector  {Am.},,  such  that  K *  -  0  and 
A',*  «  AA',*  if  desired.  These  displacements  are  such  that 
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where  is  described  in  the  Apixndix. Then  it  follow?  that  the  new  value  from  (f)  is./  +  A*t  J 
and 


A'J  ■ 


«V 
2  AA',t 


CU) 


A$  an  alternative.  A’,*  can  be  computed  directly  from  (3a)  and  (3b)  liven  a  prior  calculation 
of  J  and  A',* 


3.  Iflwwtulw 

The  finite  element  calculations  for  each  crack  problem  were  earned  out  with  the  ABAQUS 
program  developed  by  Hibbm.  Karlsson  and  Sorensen  (18).  This  eode  was  used  once  to  give 
the  numerical  solution  ot  the  clastic  boundary  value  problem  for  which  the  stress  intensity 
factors  are  required.  The  displacement  solution,  nodal  coordinates  ar  J  element  connectivity 
matrix  produced  by  ABAQUS  were  written  in  a  sequential  output  file.  A  separate  program, 
called  KIKII,  was  developed  to  perform  the  virtual  eraek  extension  calculations  (8j  for 
obtaining  A’,*  and  A’,;  as  desenbed  in  the  previous  secnon.  KIKII  selects  the  ring  of  elements 
to  be  distorted  and  obtains  the  necessary  data  ftom  the  ABAQUS  output  file.  In  the 
./•calculation  subroutine  of  KIKII.  as  well  as  in  ABAQUS.  eight  noded  reduced  integration 
isoparametric  elements  were  used.  Some  calculations  were  earned  out  using  a  DEC  Micro* 
vax  II  in  double  precision  and  others  with  a  CONVEX  CI*XP2  in  standard  precision.  In  all 
cases,  the  computer  time  to  obtain  A',*  and  A’t*  from  the  virtual  crack  extension  calculations 
is  negligible  compared  to  the  time  needed  for  obtaining  the  finite  element  solution  to  the 
boundary  value  problem  for  the  cracked  body. 


4.  Numerical  mdts 

(i)  Examplts.  The  method  was  tested  on  two  different  examples.  The  first  one  consisted  of 
an  idealized  problem  of  a  circular  plane  strain  region  with  a  straight  crack  extending  along 
the  bimaterial  interface  from  the  perimeter  to  the  center  of  the  circle.  The  outer  radius  of  the 
region  was  10  length  units.  Poisson's  ratio  was  taken  to  be  0.3  for  the  two  materials  and  the 
ratio  of  Young's  modulus  in  material  I  to  that  in  material  2  was  chosen  to  be  10.  Displace* 
mem  boundary  conditions  were  imposed  uround  the  perimeter.  These  were  exactly  com* 
patibk  with  the  asymptotic  singular  crack  tip  strains  for  specified  values  of  A *  and  A,*.  They 
were  therefore  given  by  the  sum  of  (9)  and  (12)  with  A  A'*  and  A  AJ  replaced  by  the  specified 
A'*  and  A',*  respectively.  In  this  way  it  was  possible  to  invoke  the  cxuct  boundary  conditions 
corresponding  to  chosen  values  for  A',*.  A',*  and  4'*,  where  f*  is  the  phase  angle  of  the  stress 
intensity  factor  (arctan  A,J/A*). 

Several  calculations  were  done  using  different  meshes  and  rings  of  elements  to  test  the 
convergence  and  mesh  dependence.  Table  I  shows  the  results  for  A'*.  A',*  and  *P*  and  the 
percentage  error  with  respect  to  the  exact  values  of  A',*  ■  1.716.  A,*  -  0.208  and  4**  ■ 
6.91 1  degrees.  It  should  be  noted  that  the  dimensions  of  A,*  and  A,*  are  stress  units  times  length 
units  raised  to  power }  —  ic  as  discussed  by  Rice  (17).  Throughout  this  paper,  units  are  omitted 
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implying  that  an  appropriate  normalization  has  been  carried  out.  It  is  observed  that  when 
refined  meshes  were  used,  (he  method  gave  highly  accurate  results  equal  to  the  exact  ones 
to  the  fourth  decimal  digit.  The  percentage  error  diow  n  in  Table  I  for  the  very  refined  meshes 
represents  presumably  mors  introduced  at  the  stage  of  the  finite  element  calculation.  Even 
the  relatively  coarse  mesh  gives  good  results- 
The  second  example  w»»  the  case  of  a  crack  of  length  2  lying  along  the  interface  of  a  plane 
stress  plate  subject  to  a  normal  unit  tensile  stress  at  the  boundaries.  One  of  the  meshes  used 
in  this  analysis  to  obtain  the  finite  element  elasticity  solution  in  a  plate  of  20  x  20  length 
units  is  shown  in  Fig.  3.  U  has  160  elements  with  64  distributed  in  the  square  focused  mesh 
of  dimension  2.0  surrounding  the  crack  tip.  Sjmmetry  along  the  line  .v  -  -1.0  (where  the 
crack  tip  is  at  .v  ■  0)  was  used  in  order  to  limn  the  model.  Tuble  2  lists  the  material 
properties  ratios  for  three  cases  solved  with  this  mesh.  A  comparison  between  our  calcula* 
lions  and  the  analytical  solution  for  an  infinite  body  derived  by  Rice  and  Sih  |2)  ts  shown 
in  Table  3.  It  is  observed  that  this  size  of  plate.  20  x  20,  gives  an  average  error  of  I  percent 
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fij,  .*  Fimic  element  mesh  used  in  ih<  second  example. 
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Tor  (he  stress  intensity  Factors.  The  same  crack  length  in  a  larger  plate  oF40  x  40  length  units 
and  using  the  ratio  of  material  properties  oF  Case  I,  jives  the  results  shown  in  Table  4.  The 
mesh  For  this  problem  contained  426  elements.  The  average  error  in  A',*  and  A'|*  is  now  0.3 
percent.  Based  on  these  results,  one  can  conclude  that  the  finite  size  approximation  For  the 
infinite  plate  makes  a  large  contribution  to  the  overall  error  shown  in  Table  3  and  relatively 
little  oF  the  error  is  due  to  the  technique  used  to  evuluute  the  stress  intensity  Factor.  Again, 
good  results  are  obtuined  with  a  coarse  mesh. 
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Tout  Number  ot  Elements 

hi  4  of  the  number  of  ckttKnu  on  the  ukvUwtl  \utvc  of  A,* 


Total  Number  ot  Elements 

ht.  i.  Effect  of  the  number  of  cktiwnts  on  lb*  catcuUud  value  of  A'J 

The  effect  of  choosing  different  rings  of  dements  for  distortion  in  the  virtual  crack 
extension  on  the  accuracy  of  K*,  K*x  and  *P*  was  investigated  for  the  <0  x  40  plate 
discretized  in  426  elements.  The  percentage  error  compared  to  the  infinite  plate  solution  (2] 
for  five  different  cases  is  shown  in  Table  5,  in  terms  of  Ria.  the  distance  from  the  crack  tip 
to  the  distorted  element  ring  measured  along  the  x-axis  in  Fig.  2  normalized  by  the  crack 
length  a.  The  accuracy  of  the  method  is  independent  of  the  choice  of  the  ring  to  be  distorted. 
Therefore,  any  ring  can  be  taken,  except  the  o.te  containing  the  crack  tip  nodes.  In  this  case 
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a  angularity  it  introduced  by  (he  displacement  increments  calculated  by  (9)  and  (  |4)  making 
u  unsuitable  for  the  procedure. 

Convergence  as  a  function  of  the  stress  intensity  factor  increments  was  evaluated  by 
examining  the  trend  in  percentage  error  of  A',*  and  A;  for  both  examples  investigated. 
Table  6  shows  that  the  method  ts  accurate  for  increment  magnitudes  tmaller  than  Id  :s777. 
fee  both  examples  prctcmed.  Even  with  large  changes  AA’*  the  results  are  good  as  long  as 
(I  I)  is  accurately  implemented. 

The  effect  of  discretisation  on  convergence  was  investigated  for  the  20  *  20  plate  uung 
the  material  properties  of  Case  I  and  mesh  arrangement  similar  to  Fig.  3  The  number  of 
elements  focused  at  the  crack  up  was  kept  constant  for  a  given  test  and  the  total  number  of 
elements  increased  by  equal  increments.  A  ring  of  elements  within  the  focused  mesh  was 
distorted  for  the  ■/'calculations.  The  results  were  compared  with  K*  ■  1.81 1  and  A’,*  * 
-0.219,  obtained  for  a  dense  mesh  of  42$  elements.  As  Figs.  4  and  5  show.  A’,*  and  K» 
became  insensitive  to  the  number  of  focussed  elements  as  the  total  number  of  elements 
became  large.  Conversely,  a  lower  accuracy  was  obtained  with  a  small  number  of  focussed 
elements.  It  suggests  that  the  discretisation  in  the  near  up  region  has  an  important  role  m 
the  accuracy  of  the  method  and  this  must  be  balanced  with  the  total  number  of  elements 
required  for  accurate  results. 


5.  Crack  surface  displacement  method 

In  this  section,  a  different  approach  ts  used  to  evaluate  the  stress  intensity  factor.  This 
method,  unlike  the  one  presented  earlier,  ts  semi'energetks  ».e.  J  is  computed  in  terms  of  the 
rate  of  change  of  potential  energy,  whereas  the  phase  angle  V  is  obtained  through  the  eraek 
surface  displacements.  The  finite  element  node  at  which  T*  is  evaluated  is  chosen  through 
an  internal  consistency  check  which  balances  the  numerical  error  on  the  displacements  in  the 
near  tip  region.  Results  obtained  by  this  method  with  fine  finite  clement  meshes  were  in 
excellent  agreement  with  those  obtained  via  the  other  method.  An  outline  of  the  crack 
surface  displacement  (CSD)  method  and  its  comparison  with  the  other  method  are  presented 
below. 

As  discussed  earlier  in  this  paper,  the  small  strain  elastic  solution  for  the  stresses  in  the 
region  of  an  imerfacial  eraek  tip  has  the  oscillatory  character  shown  by  (I).  In  accordance 
with  (I),  the  crack  surface  displacements  exhibit  a  similar  oscillatory  solution,  i.e.  for  plane 
strain 


Aw.  +  iAw, 


2(0  -  r,)/G,  -Mi  -  ».);<?,) 
(I  +  i2f)  cosh  («) 


(A?  +  itfjt) 


04) 


where  r  is  the  distance  from  the  crack  tip.  The  symbol  A  on  the  left  hand  side  of  (14)  now 
denotes  the  relative  displacements  of  two  initially  neighboring  points  on  the  crack  surfaces 
behind  the  tip  as  shown  by  Fig.  6.  For  the  sake  of  the  analysis  we  can  rewrite  the  above 
equation  as  follows. 


(Awje* 


05) 
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where 


.  -(«  ~  *■)/$■  -Ml  -  v.4C:l 
v5«(l  +  -*c)eo»ht»rj 

3*.<Vm|  and  #  are  *he  modulus  and  argument  respectively  of  the  complex  quantity  Aw.  +  idw,. 
and  fl  is  the  principal  argument  of  the  complex  number  I  +  i2c.  At  shown  by  (12}  the 
product  (A,*  +  iA',|)A“,  A  being  a  characteristic  specimen  dimension,  constitutes  a  new- 
routed  quantity  A',*  +  iA’,%  with  the  same  modulus  |A|  as  A’,*  *  iA’,*  but  an  augmented 
phase  angle  such  that  ■  V*  +  t  In  A,  The  new  phase  angle  +*.  unlike  t‘,  is  in  faet 
insensitive  to  the  choice  of  length  unit.  This  becomes  clearer  when  we  rewrite  (IS)  with  all 
complex  quantities  expressed  in  polar  form.  i.e. 

I  An]  e*  -  *A15  5  ((*tf  +  (*jj!))'  +  «lnJ-0.  (17) 

which  yields  the  following  expressions  for  the  scale  insensitive  phase  angle  and  the 
modulus 

♦•«*-elnJ  +  0  (18) 


and 


|A'| 


Wf  +  (W5 


|2ir(l  +  4r)(Awj  +  A«|)),:  cosh  (xe) 
2[(1  -  v,)/G,  +  (I  -  v;)/G2y.,J(r/A)i;- 


(19) 


For  example,  A  could  be  the  width  of  the  specimen,  rendering  r/A  to  be  a  distance  from 
the  crack  tip  relative  to  (he  width  of  the  specimen.  The  utility  of  this  approach  will  become 
clear  below. 
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ht  '  The  iKAdi  in  ilw  modulus  1  At  compowd  from  th«  ihxJjI  dnpbttmom  tdutii  lino  uml  ihc  eiwrg y  itk*x 
raw  ootid  lint).  In  ihM  plot.  /  W  the  crack  kn|th.  A*,  *  An,  and  An,  a  An,, 

li  is  clear  (hat  with  use  of  (18)  and  (19)  finite  element  results  for  displacements  (Au,.  Au:) 
along  the  erack  surface  can  be  used  to  obtain  an  esiimate  of  both  the  phase  ungle  4”  and 
the  modulus  ]  A'f.  Calculations  of  this  type  were  carried  out  for  the  center  eracked  plate 
examined  earlier  in  this  work.  It  was  found  that  the  |Af|  estimate,  shown  by  the  dash  line 
in  Fig.  7,  varies  almost  linearly  with  r’h  in  the  region  close  to  the  crack  tip  where  r  is  now 
the  position  at  which  the  displacements  were  used  for  (18)  and  (19)  and  A  is  a  characteristic 
length  taken  to  be  one  length  unit.  On  the  other  hand,  a  very  accurate  estimate  of  |  ATI  can 
be  obtained  from  the  /-integral  calculated  by  the  virtual  crack  extension  method.  The 
relationship  given  by  (3a)  and  (3b).  is 

|A|  "  [2(0  -  v,)/G,  +  (l  -  v> )/(?.)  ]  2coih(Kt)‘  (2<J) 

The  virtual  crack  extension  result  for  /  and  consequently  for  |A|  has  been  found  to  be 
independent  of  r  lt  where  r  is  the  radial  position  of  the  ring  of  elements  distorted  for  (his 
calculation.  The  results  are  shown  in  Fig.  7  with  a  solid  line.  As  can  be  seen,  the  two  estimates 
of  |  A'|  coincide  at  a  distance  r, ,  from  the  crack  tip.  Therefore,  in  the  neighborhood  r, .  nodal 
displacements  give  a  good  estimate  of  I  A'|.  It  is  likely  that  the  corresponding  estimute  for 
given  by  (18)  is  also  good  at  that  location.  Indeed,  for  the  case  of  the  center  cracked  plate, 
the  predicted  values  of  |  A*|  and  were  in  remarkable  agreement  with  (hose  found  using  the 
energy  method  (dilTcrcncc  <0.3%  for  A',*)  us  shown  in  Table  7.  Thus  the  CSD  method  is 
henceforth  implemented  by  calculating  /  by  the  virtual  crack  extension  method  and  finding 
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TMt  1  Neurits  for  ih«  M  x  20  and  *0  x  40  kflfth  units  ccnkf  cracked  pUw  obtained  via  ih«  CSD  end  liw 
energy  method  respectively  The  *»  r#r  column  the  deration  of  the  CSD  nwthod  resuht  from  those  of 

ihe  energy  rttuiis. 


Length  units 

C$0 

method 

Energy 

method 

% 

error 

1.110 

0.05 

20 

A 8 

-0.224 

-0.210 

2.21 

f  trad) 

-0.12) 

-0.120 

2.21 

A? 

urn 

1205) 

0.017 

40 

As 

-0.222 

-0.2122 

2.2! 

t*  (rad) 

-0.12) 

0.1204 

2.20 

the  position  on  the  craek  for  which  (19)  agrees  with  (20).  where  J  in  (20)  is  the  virtual  crack 
extension  value.  At  (hut  location,  the  crack  surface  displacements  are  used  in  (18)  to  compute 
the  phase  angle.  The  factors  A*  and  A’,;  urc  then  computed  by  iindmg  the  real  and  imaginary 
parts  of|A’|  e"+\ 


6.  Comparison  of  the  methods 

The  two  methods  were  used  to  extract  A*,*  and  A',*  from  finite  element  results  for  the 
prenotched  bimaterial  beam  in  flexure  shown  in  Fig.  8.  Due  to  geometric  and  elastic 
symmetry  with  respect  to  its  midsection,  the  analysis  was  carried  out  in  the  right  half  of  the 
beam.  The  finite  element  mesh  used  is  shown  in  Fig.  9  and  as  can  be  seen,  in  the  crack  tip 
region  (he  mesh  was  focused  with  eight  16-element  rings.  The  total  number  of  elements  was 
1 120.  These  elements  were  8-nodcd  isoparametric  with  ^stations  for  the  integration  of  the 
element  stiffness.  A  series  of  results  were  obtained  and  tabulated  (see  Tables  8.  9.  10)  for 
various  crack  lengths.  The  height  h  of  the  beam  (see  Fig.  8)  was  chosen  as  the  characteristic 
specimen  dimension  and  (he  values  reported  in  the  above  tables  correspond  to  the  rotated 
stress  intensity  factor  A'*  +  iA',*  «*  (A'*  +  iA', •)/(*.  In  addition  in  the  same  tables,  the  stress 
intensity  components  were  nomdimcnsiomilized  by  Pl!hhii  and  the  energy  release  rate  by 
Pili[ I  —  «)/A5A’£j  where  P  is  the  applied  load,  /is  the  spacing  between  the  inner  and  outer 
loading  points,  b  is  the  width  of  the  beam  and  £,  the  elastic  modulus  of  the  top  layer 
(see  Fig.  8). 
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Fix.  The  four-point  bending  beam  with  two  symmetrical  interfacul  cracks  used  in  the  companion  of  the  CSD 
and  energy  methods. 


b)  The  Oefotmud  Crack  Tip  Region 


Fig*  9 « The  me sh  used  in  the  Anile  element  calculations 


ToWe  I.  The  trends  of  (He  energy  relate  rale  7  and  normalized  complex  air ess  intensity  factor  K*k*  with  ret  peel 
to  the  interfacial  crack  length  for  the  homogeneous  cate,  U.  £w£,  *  1.0  and  v3  -  v,  -  0.).  Columns  marked 
by  l  and  2  correspond  to  results  obtained  by  the  energy  and  CSD  methods  respectively. 


E,lE, 

«// 

J 

i 

*? 

2 

jp* 

1 

jp* 

*ii 

2 

*• 

i~ 

+• 

tt  Umm 

2 

1.0 

0.0938 

10.2097 

2.4501 

2.4645 

2.0337 

39.9363 

39.5297 

1.0 

0.1563 

10.4302 

2.4478 

2.1074 

2.0914 

40.7262 

40.3582 

1.0 

0.3125 

10.4814 

2.4484 

2.4604 

2.1201 

2.1042 

40.8904 

40.5383 

1.0 

0.4688 

10.4710 

7.4487 

2.4601 

2.1200 

2.1038 

40.8849 

40.5352 

1.0 

10.4707 

2.4498 

2.4597 

2.1 }% 

11025 

40.8674 

40.5233 

1.0 

0’I13 

10.4766 

2.4535 

2.4619 

2.1194 

2.1013 

40  8206 

40.4810 

1.0 

0.9375 

10.5233 

2.4626 

2.4710 

2.1194 

2.1018 

40.7160 

40.3834 

1.0 

10.5751 

2.4736 

2.4810 

2.1208 

2.1023 

40.6090 

40.2765 

1.0 

1.2500 

10.4256 

2.4477 

2.4516 

2.1234 

2.1012 

40.9415 

40.5992 

1.0 

1.4063 

9.3495 

2.2530 

2.2569 

2.0870 

2.0630 

42.8090 

1.0 

1.5625 

6.7700 

1.8376 

1.8359 

1.8688 

1.8437 

45.4817 

45.1212 
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ih<  Mkt taut  length  for  eUtoc  moduli  rutto  E*  £i  **  1  v0  »mi  ratios  r*  *  rt  » 

marked  by  1  and  2  correspond  to  mult*  obtained  by  the  cnerg*  ami  CSD  method*  reSpctiMy 

0  3  Columns 

aj 

J 

x.* 

i 

V 

j 

Xj 

t 

j3* 

j 

+• 

(degree*) 

1 

+• 

(degrees) 

2 

10,0 

009 n 

*4022 

07830 

0788? 

0  78** 

0  7805 

45,1305 

44*919 

too 

0  IJM 

*4*|) 

0  "T01 

07?5I 

0*020 

4*5443 

459803 

100 

0  3125 

*<0'3 

0**85 

I17M| 

0*1, M 

0X082 

4*,*!  53 

4*.2?19 

100 

04**X 

*4912 

0**78 

0  **22 

Uplift 

0X0<* 

4**239 

4*2820 

100 

0*250 

*4*2* 

0  ‘**2 

0  **02 

USIIJ 

080*1 

4**427 

4*  3041 

too 

0.78U 

*40HX 

o  ’*28 

U***4 

owwo 

0  8033 

4*68*0 

4*  3491 

too 

0  W5 

*3018 

0  7554 

0  7590 

0  7983 

4*  7805 

4*44*0 

10,0 

\ms 

*0x24 

0  73X8 

0  7421 

0  7921 

0  78*9 

47  0178 

4**80* 

100 

1.2500 

5  mi 

0*997 

0.70IX 

0  7*90 

0  7*21 

47  7024 

47  3574 

100 

140*3 

4  55*0 

11*114 

0*129 

07150 

0  707* 

49.4*57 

49,1005 

too 

1 5*25 

30571 

0,4*00 

04793 

0*0*6 

0,59X5 

51*449 

51  301* 

luN<  Ill  The  absolute  percentage  diHerence  between  CSD  and  energy  method  prediction*.  The  energy  re»ulte 


*erc  u*ed  as  datum 

ill 

»  10 

t.  »ttm 

0.3 

t\  S.  *  10  0 

ij  ■  Tj  *  0.3 

x,* 

*•  error 

%  error 

*«  error 

x,« 

%  error 

4* 

*•  error 

+* 

*♦  error 

0.0938 

0-5877 

0  85X0 

10)81 

0  7755 

0.95*3 

a  ;wi 

0.5393 

0  7592 

0.90J* 

0*493 

0.6319 

0,4901 

0  7500 

0.5986 

0,6026 

0.73*7 

0.4*5* 

0  7*42 

0.8553 

0.5731 

J0.M53 

0,7333 

0.6250 

0.4041 

0.8068 

0.8420 

0.5221 

0.6654 

0,7259 

0,3424 

0-8540 

08319 

04719 

0.7046 

0,721* 

0.9375 

0.3411 

0  8304 

0.8)69 

0.4766 

0*9*6 

07150 

0.2992 

O.S723 

0.81X8 

0,44*7 

0.7442 

07172 

1.2500 

0.1593 

1,0455 

0.8361 

0.3001 

0.1973 

0,7232 

1.4063 

0.1731 

1 1500 

0.8846 

0.2453 

1,0350 

0.7383 

1.5625 

0.0925 

1.3431 

0.7926 

0.1042 

1.3352 

0.6647 

A  series  of  results  were  obtained  for  non-dimensional  interfacial  crack  lengths  in  the 

interval  0.0938  <  ail  < 

I.S625,  the  inner  loading  point  being  at  all 

■  1.5.  The  results  for 

the  homogeneous  case,  i 

.e.  £. ,£,  **  1.0  are  shown 

in  Tal-'c  8  and  those  for  £./£, 

-  10.0 

in  Table  9.  The  Poisson's  ratio  for  all  materials  in  both  cases  was  chosen  to  be  v,  «  v,  »  0.3. 
The  column  indices  I  and  2  correspond  to  the  results  obtained  via  the  energy  method  and 


CSD  method  respectively.  In  both  cases,  J  was  obtained  from  the  stiffness  derivative  method 
(8).  For  cracks  in  the  pure  bending  region  between  the  inner  supports,  the  J  values  were 
found  to  be  in  excellent  agreement  with  estimates  obtained  by  Churulumbides.  Lund.  Evans 
and  McMeeking  (19]  from  energy  release  considerations  and  beam  bending  theory. 

As  shown  in  Table  8,  the  K*  values  obtained  via  the  CSD  method  were  consistently  higher 
than  those  predicted  by  the  energy  method,  and  as  a  result,  in  order  to  maintain  the  same 
(ATI  the  corresponding  A'(*  values  predicted  by  the  CSD  method  were  consistently  lower  than 
those  of  the  energy  method.  The  absolute  percentage  difference  denoted  by  %  error  for  both 
X',*  and  X',*  is  shown  in  Table  10.  In  addition,  in  the  same  table  we  report  on  the  difference 
in  4'*  between  the  two  methods.  This  difference  was  found  to  be  of  the  order  of  I  percent 
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Tor  short  cracks  and  0.7  percent  for  cracks  in  the  region  between  the  inner  and  outer  load 
points  where  the  bending  nomcm  varies  with  crack  length.  In  the  case  of  a  homogeneous 
beam,  this  region  is  dominated  by  the  shear  component  stress  intensity  factor  Ku.  As  shown 
in  Tables  9  and  10.  for  both  the  homogeneous  and  the  Immaterial  cases,  the  deviation  in  A,* 
values  obtained  via  the  above  methods  increases  as  the  crack  approaches  (he  transient 
moment  region  and  is  of  the  order  of  I  percent  for  cracks  between  the  inner  und  outer 
loading  lines.  On  the  other  hand  the  deviation  in  A',*  decreases  as  the  crack  length  increases 
and  is  of  the  order  of  0.1  percent  for  cracks  between  the  inner  und  outer  loading  lines. 


7«  DtactMftiofl 

The  internal  consistency  check  in  (he  CSD  method  of  using  the  locution  where  the  displace* 
mem  based  values  of  J  agrees  with  the  virtual  crack  extension  J  value  does  bring  the  results 
obtumed  very  elo>c  to  the  predictions  entirely  based  on  the  virtuul  crack  extension  method. 
Although  this  brings  confidence  to  the  results  of  both  methods,  this  comparison  is  pertinent 
only  to  focused  meshes  with  a  reasonably  welt  refined  crack  up  region. 


CRACK  TIP  ft  EG  IONS 


fijr  to.  The  rectangular  tlti.ij  and  the  foeu>ed  (10b)  crack  lip  mesh  uxd  to  examine  the  crack  lip  mesh  type 
scnsiimty  of  the  CSD  und  energy  methods. 
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TM*  It  Scfcctiw  rwuHi  for  i»o  Ji(T<r<m  crxk  kn(thi  otH-wwU  h)  itw  CSD  method  Columns  I  and  2 
eoftttpond  io  the  crack  Up  mot.  i>p«  >Ko»n  in  Fig,  (I Ob)  and  Fig.  (10a)  respectively. 
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01U5 
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TtAk  12  The  absolute  percentage  Uifftrcncc  mat kcJ  at 
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J 

\  error 

**  error 

O* 

ah 

*»  error 

**  error 

EM 

043*2 

1  4974 

14*54 

2,0*05 

1,0 

1.40*3 

1.0M3 

1.  **54 

L4542 

2,2210 

10.0 

0.93*5 

0,1005 

10.27*7 

14.3179 

15,4*1* 

100 

1.40*3 

2.2743 

91552 

133*91 

12.9*36 

For  example,  Churalumbidcs  ei  ul.  (20)  reported  K*  values  Tor  the  same  specimen 
geometry  using  a  rectangular  mesh  in  conjunction  with  the  CSD  method.  In  that  analysis  the 
elements  used  were  also  Smoded  isoparametric  and  the  crack  tip  region  was  discretized  us 
shown  schematically  in  Fig.  10a,  whereas  the  results  reported  earlier  in  this  paper  were 
obtained  Tor  the  focused  crack  tip  mesh  shown  schematically  in  Fig.  I  Ob.  Overall,  the  mesh 
containing  the  near  tip  region  shown  in  Fig.  10a  hud  a  total  of  1252  elements  versus  a  total 
of  1 120  in  the  focused  mesh.  Selective  results  for  two  crack  lengths  and  two  moduli  rutios. 
i.c.  £:,£|  «  1.0, 10.0  are  presented  in  Tables  1 1  and  12.  The  columns  marked  by  the  index 
I  correspond  to  the  focused  mesh  results  and  those  marked  by  2  represent  the  rectangular 
mesh  results.  Here,  as  before,  we  use  the  same  non*dimensiona!  quantities.  In  Table  12.  the 
*/e  error  mark  denotes  the  abs  'ute  percentage  difference  of  the  rectangular  mesh  results 
relative  to  those  of  the  focused  mesh.  As  we  can  see  in  the  table,  the  rectangular  mesh 
predictions  are  most  in  error  compared  to  the  results  of  the  energy  method  although 
bounded  by  a  maximum  deviation  of  IS  percent.  It  is  also  of  some  interest  to  notice  that  the 
J  estimates  from  the  rectangular  mesh  are  slightly  different  from  those  obtained  using  a 
focused  mesh.  This  may  be  an  indication  of  the  expected  mesh  sensitivity  of  (he  energy 
m  od  when  used  in  conjunction  with  a  rectangular  mesh.  In  that  respect  these  results  are 
vci  encouraging  us  far  us  the  energy  method  is  concerned  since  the  J  estimates  uppeur  to 
be  rather  mesh  insensitive. 

A  previous  analysis  (see  Figs.  4  and  5)  showed  that  the  energy  method,  unlike  the  CSD 
method,  depends  very  little  on  the  number  of  finite  elements  or  the  element  ring  used, 
especially  when  the  total  number  of  elements  is  greater  than  50.  These  results,  in  light  of  the 
rectangular  mesh  results,  suggest  that  the  energy  method  is  indeed  very  powerful  in  estimat¬ 
ing  stress  intensities  at  interfacial  crack  tips  even  when  used  in  conjunction  with  coarse 
meshes.  On  the  other  hand,  the  CSD  method  when  used  with  focused  meshes,  also  provides 
a  reliable  technique  for  extracting  the  stress  intensity  factors.  However,  in  the  latter  case,  one 
should  be  aware  of  the  dependency  of  the  results  on  (he  number  of  elements  in  the  Unite 
element  mesh  and  that  it  *s  less  accurate  for  meshes  with  less  than  300  8-noded  isoparametric 
elements. 
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Two  methods  for  evaluating  the  stress  intensity  factors  for  crack  tips  were  presented.  An 
advantage  of  the  methods  is  that  they  are  general  and  can  be  used  for  cracks  on  bimaterial 
interfaces.  A  finite  element  solution  for  the  crack  problem  is  required  in  both  methods. 
Thereafter,  the  computations  for  the  evaluation  of  (he  stress  intensity  factors  consist  only  of 
a  very  small  fraction  of  those  required  to  obtain  the  finite  element  solution  for  the  crack 
problem.  As  a  result  predictions  of  high  accuracy  can  be  obtained  at  minimum  cost.  The 
crack  surface  displacement  method  was  found  to  be  more  sensitive  to  mesh  refinement  and 
mesh-type  in  the  tip  region  than  the  energy  method.  This  is  an  expected  result  since  (he 
./-calculations  are.  in  general,  mesh  insensitive.  This  makes  the  energy  method  a  more 
attractive  one  especially  when  the  crack  problem  finite  element  solution  is  obtained  using  a 
coarse  mesh. 
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Appendix 

The  components  of  the  functions/ (r,  0,  c,  nt)  and 9,  t,  nj)  that  introduce  (he  oscillatory 
characteristic  of  the  near  crack  tip  displacement  field  are  obtained  as  follows: 


/„  -  Dj  +  26t  sin  0  sin  4*  (Al) 

/,,  -  -Ct- 26,  sin  9  cos  4»  (A2) 

and 

/,„  -  -C,  +  26,  sin  9  cos  4*  (A3) 

/,„  »«  -  Df  +  26,  sin  0  sin  4*.  (A4) 

D/t  CJt  tlj  and  4*  are  defined  as 
5,  -  e-'",k  5i  -  e"*9* 


4»  -  clogr  +  | 
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-  0  ....  0 

o,  -  />•/,«*-  +  F'i)  «n  - 

»  •> 

C,  -  /T’/yCoi®  -  ft;  tin  ^ 

*  • 

u  0.5  coj  (t  log  r)  +  c  $in  (c  log  r) 
f - oSTT - 

m  0.5  sin  (e  log  r)  -  c  cos  (c  log  r ) 

r  -  - 53TT? - 

t  I  ,  .1 

Y,  “  ft,0,  -  7  ■  M  +  J. 

*7  0J 

where  (r,  fl)  are  the  polar  coordinates  us  shown  in  Fig,  K  e  is  the  bimateriul  constant  as 
defined  before  and  j  is  the  material  index. 
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W mmk*  On  pftocnte  unc  mithodc  nunkrm* «n  vtx d'obttnir  ki  vakort  <k  A4,*.  A4;  «  A'*M  rtUtnn 4  la  toluOon 
clatttquc  d*apfiic:::on  A  renirtmu*  d’urw  fitture  d'lnurfate  tujdtc  A  un  kat  <k  contramk*  ftnkal  La  m+lhodc 
repot*  m  ^valuation  6t  I'rnkf  rak  J  par  la  techn^oc  d  >M«ni*Ofl  \irtudk  tk  la  ftmre  On  peat  cntuiu  etantr 
ki  intenttt&  vk  comraimts  mdntdueikt  4  partir  tk  cakult  <k  7  tubk^uemi.  corwpondant  *  del  perturbation* 
introduce*  par  4c  pews  awtHtiementt  det  fecteurt  d'tntcnwi  dc  contriintet. 

In  cakult  wnt  accompli*  par  la  mithodc  dct  ikmentt  Km*.  mail,  par  rapport  aut  cakult  A  mettre  en  oeuvre 
dant  k  probktTK  det  vakurt  au*  limitet.  it  r*  faut  protkkr  qu*A  quekjuet  calculi  tuppkmentairfi. 

On  prhente  det  ritultau  tkt  prkt*  pour  k  cat  d*ur*  fttturt  dant  un  interface  entrt  (km  matertauA,  d  on  kt 
compare  awe  ccua  prownant  d'autret  nkthodes  devaluation  det  facteurs  dmtenwk  tk  contriintei 
fc*n  paruculwr.  on  fait  une  comparison  pour  (kt  faetcurs  d'tnlentik  6t  contraintct  obtenut  en  cakulant  J  par 
U  metbode  d’cMcnnon  Mftuelk  d*une  figure,  mao.  «n  kparant  kt  modet  telon  It  rapport  tkt  deplaeeroentt  dc 
la  surface  tk  la  figure 

Let  deux  techntyue*  fonenonnem  (k  manure  latttfaitantc  awe  de*  matllagcs  fins  dVkmentt  fimt,  cvpcndam. 
lo  rhultau  suggcreni  q w  la  mdhode  qut  repox  emiercment  tur  kt  evaluation*  de  i*inicgrak  J  peut  etre  unlike 
atm  d’obtcmr  det  rdultatt  rtabkt  dant  kt  reteaux  a  mailks  gronkrtt* 
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i Anrtnr*/  3  I9<l) 

Abami— The  effects  ef  non* plana  my  on  the  fracture  resistance  tout  of  mtetfue*  hat  been  investigated 
u^tng  4  simple  model  ef  contacting  facets  atong  the  crack  surface  The  contacts  resist  the  motion  ef  the 
crack  surface  by  meant  of  friction  4m!  locking  am!  thereby  modify  the  energy  ttU ase  file  G*  si  the  er»ek 
front  The  modified  O'  governs  the  effect  of  the  contacting  facets  on  the  overall  interface  fracture 
reliance*  0  The  trends  in  0  with  phave  angle  of  loading  arc  found  to  be  influenced  largely  by  a 
n«w*dimenuonaI  parameter  that  deutmtnei  the  length  of  the  contact  wne,  Thu  parameter  it,  tn  turn, 
dependent  on  the  ampMude  of  the  undulations  on  the  fracture  interface  as  well  at  lu  intrinsic  fracture 
romance 


\ibmmk  Nous  avons  etudk  ks  effets  d<  la  nomplaneiU  sur  k<  lleux  de  resistance  i  U  rupture  dee 
Interface*  cn  util.Mnt  un  modik  stmpk  d<  facttlcs  en  contact  k  long  de  U  lurface  d<  U  fissure.  Let 
contacts  frement  le  mouvement  de  la  surface  de  U  fiviurc  par  friction  ct  blocage.  et  its  modiflent  done 
la  v  He*  sc  de  pene  denergte  O'  en  tele  de  figure  Cette  vitcssc  C*  modiflee  tfgu  IVlTct  dee  facetlet  en  contact 
sur  la  romance  a  fa  ruptuc  mtcrfacutc  unite.  0  Lei  sanations  de  G,  avtc  Tangk  de  phase  de  U  mtsc 
cn  charge  wnl  fortement  influences  par  un  paramitre  vans  dimension  qui  determine  U  longueur  de  U 
zone  de  contact  Cc  parametre.  par  contrc.  depend  de  Tamphtude  dei  (mdulaiwni  sur  hnterfaoc  de  rupture 
com  me  de  u  resistance  mmnkque  a  la  rupture. 


Zuwwftaung— Per  EmrtuQ  der  Unebcnhett  auf  den  Oft  del  Rruchwsdenundet  von  CrenarUcnen 
wvrde  mu  einem  emfachen  Modell  konukturendcr  Facettcn  entlang  der  iruchfliche  untenucht.  Die 
Kontaklc  wukrstehen  der  Uewegung  der  RiBoberfliche  durch  Rcibung  und  Verankerung  und  vrrlmkrn 
daher  die  FreiKtiungtrate  der  Cncrgie  C*  an  der  RiOfront  Die  modifirkric  Rate  &  behemcht  den  FanfluB 
der  kontaktierenden  Facettcn  auf  den  geumten  Iroehwsdersund  der  Grenifliche  Ot  Die  Abhangtgkeiten 
von  G*  von  dem  Ftuwnwinkcl  der  leliitung  werden  fffl&tenteik  durch  einen  dimen  wondottr* 
Fa  rameterbeeinfluQt,  der  dk  Lange  der  Konuktione  betummr  Dkier  Far  a  meter  Kings  wkderum  von 
der  Amplitude  der  Wellungen  auf  der  lruch*Grenifticht  und  defen  inthnsiKhem  Iruchwidersund  ab. 


I,  INTRODUCTION 

Many  important  interface  fracture  probkms  involve 
mixed  mode  (shear  and  opening)  displacements  along 
the  crack  surfaces,  as  exemplified  by  thin  film  deco* 
hesion  (1-3]  and  fiber  debonding  in  composites  (4). 
Subject  to  such  displacements,  interface  fracture  must 
be  influenced  by  nomplanarity  of  the  interface  and  by 
the  phase  angle  of  loading,  t  m  tan  1  (A*n,  A'i).  where 
A*,  and  A*,|  arc  the  Mode  I  und  Mode  II  stress  intensity 
factors.  Typical  interfaces  are  non-planar  (3)  (Fig.  I) 
and  crack  surface  contact  either  at  undulations  or  at 
facets  along  the  interface  crack  can  have  an  effect  on 
the  overall  fracture  resistance  of  the  interface,  <7,, 
especially  at  large  phase  angles.  Such  phase  angle 
effects  arc  illustrated  in  Fig.  2.  which  indicates  the 
results  of  a  fracture  test  on  AI:Oi  bonded  with  Ti. 
The  upper,  tnterfuce  failure  was  caused  by  applied 
loading.  *vith  V  *  0.  The  lower  crack  in  the  Al20} 
parallel  to  the  interface  formed  subsequently,  caused 
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by  the  residual  stress  in  the  Tt  acting  as  a  thin  film. 
For  this  case,  f  *xl4  [6]  at  the  interface  crack, 
whereupon  the  crack  is  diverted  into  the  Al«0,  rather 
than  propagating  along  the  interface. 

Trends  in  Gt  with  phase  angle  of  loading  are 
predicted  in  the  present  study  for  the  case  of  a  faceted 
interface.  The  simplest  model  of  the  process  that 
provides  insightful  preliminary  conclusions,  illus¬ 
trated  in  Fig.  3.  consists  of  kinks  along  the  crack 
surface.  When  the  crack  surfaces  contact  at  the  kinks, 
the  stress  intensities  A'  at  the  crack  from  differ  from 
the  applied  values  to  an  extent  governed  by  the  kink 
angle,  the  kink  amplitude  and  the  friction  coefficient. 
The  trends  in  Kl  with  these  variables  provide  one 
contribution  to  the  increase  in  interface  fracture 
resistance  with  phase  angle  of  loading,  as  elaborated 
in  the  present  article.  Other  possible  influences  on  (7„ 
such  as  crack  front  deflections,  plasticity  etc.  are  not 
considered  in  this  study. 


AM 


S'*  I  *4*1*4#  0*4#* 


Ui 


tb| 


F*  I  Noa-pUiur  metal  mam*  mierfaces  icowmy 
M  RUhWj.  (at  Interface  fxtu  m  the  %\ *l<m  Sb  AhO, 
(b)  Interface  umiutaUMm  mi  ihc  >>ocm  Ti  AhO*,  *rth 
inktpha**  ofTsAI  and  TuA!  Cracking  occurs  along  the 
AJ-OiTiAl  interface. 


Fig.  1  The  results  of  a  fracture  test  on  4  Ti  AhO.  sjstcm 
The  upper,  interface  erxk  formed  first  upon  loading  The 
tew  crxk  m  the  At:0<  formed  subsequently,  hecasue  of 
residual  ttreit  m  the  Ti  (courtesy  M  Ruble). 


I  ig  1  The  ir*k  kmk  imskl  us'd  M4iMUre^ftt»  *Hf  Mavk 
tutlavc  cvniovt  TT*c  loading  m  thu  ca*c  **  A,  «m  and 
A.*  »i 


Till:  »\bK  MOOM 

The  model  is  developed  fora  ihtn  interface  between 
elastically  homogeneous  bodies  with  identical  clastic 
properties.  However.  the  general  trend*  should  Kf 
applicable  in  bi  material  interface*,  albeit  that  com* 
pies  st ms  intensities  should  then  be  used  (7)<  The 
banc  geometry  involves  a  single  kink  (Fig.  JU)|  at 
angle  fl.  along  the  crack  surfaces  at  a  distance,  4 
from  the  crack  front.  This  geometric  choice  simulates 
each  contact  along  a  multiply  facetted  interface. 
When  the  phase  angle  of  loading  allows  contact  at 
the  kink.  Coulomb  friction  is  assumed  to  obtain  with 
a  friction  angle 

•  1  -  au!an*<  1I1 

whcrco  the  irHtioiuiHtkicm  Others iw,c!.iOmi> 
cmOs  throughout  An  approximation  lor  the  clfcct  01 
contact  on  the  crack  up  field  invoke*  an  inclined 
force.  F.  acting  on  the  surfaces  of  a  planareraefcihg 
'icl|.  with  the  inclination  angle  or  governed  h>  o  and 
the  kink  angle  /f.  *  assuming  that  the  lace*  o!  the  lacet 
are  cither  sliding  or  on  the  serge  os  dtdmg;  where 

tra/T-O  1-1 

The  derivation  which  follows  assumes  0  <  /#  <  it  2,  as 
in  Fig,  3.  For  kink  angles  m  the  rar.*c  x  2  <  ft  <  *. 
all  equations  continue  to  be  valid  if  p  is  replaced  by 
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»«  cwrtfpomJ'ng  is  the  switch  in  tlitccikm  of  Ihc 
frkiion  fu«<.  The  force  w  ixpftxnKvi  u  a  uniformly 
dtwibuwvJ  ifKiior)  acting  over  a  eiwraewtttue 
mkroMruciuml  kngth.  2<V(Fif.  J«)|.  Thu  geometric 
choke  »U«wi  the  effect  of  contact  tobenpmtedm 
term*  of  normal  end  ahear  forcct.  F  and  Q,  re* 
jpectively.  acting  over  UJ 


I'm  Ft mw,  Q-Fotitj  (3*1 


er 

Q+iF-Ft*.  (3b) 

The  uniformly  dutnboted  normal  force  cautet  a 
crack  opening,  u.  at  .r  **  -d 

u»(4(t-rj.s<;)*(()  Uai 

v»here  (S| 


X(0-(2<}  ' 


vl+t“^  I— t+tl+«  2) In 
x((vT  +  c»IHv“-I)  'I 
-(l-t  2) In 

x|(l  *•  \  1-0  "I  _ 


while  the  uniformly  diitnhuted  shear  force  eaut«  a 
relative  ahear  ditplacement.  r;  at  .e  ■  -d 

r«~pGdO  l*» 

vsH<tc  Q  it  lb*  their  modulus  ami  t  ts  Poisson's  ratio. 
The  crack  surface  displacement*  caused  by  contact 
arc  related  to  the  forcct  by 

u  +  lt*-~^*(OFr“  (3) 

such  that  the  conrocr  contribution  to  the 

stress  intensities  at  the  crack  rip,  K\  are 

(*) 

where 

/(0-(v/T Ti-y?T^hi 

and  the  subscripts  I  and  II  refer  to  the  opening  and 
shear  modes,  respectively. 

The  corresponding  crack  surface  displacements  at 
the  contact  site  (,v  »  -i/)  dictated  by  th t  remote  lomit 
are 

t?  +  iu  -  [4(1  -  u)/G)v  d/5*(A'„  +  /AT|)  (7) 

where  A,  and  A'u  are  the  stress  intensities  associated 
with  the  applied  loads. 


X  CONTACT  AND  LOCKING  CONDITIONS 

The  existence  of  crack  surface  contact  and  of 
frictional  locking  are  influenced  by  the  relative  mag¬ 
nitudes  of  the  phase  angle  of  loading.  ¥\  the  friction 
angle,  d.  and  the  kink  angle,  /L  Contact  along  the 


Afc*  only  occurs  when 

*eo*F*  r»nfl>0,  III 

Hence,  by  defining  a  characteristic  stress  intensity 

A*  as 

**«-(*aCOs/?-r*,sin*)  tf) 

contact  of  the  facet  faces  occurs  when 

**>o  titai 

which,  since  un  t  m  % AV  is  equivalent  to 

n-)t<r  <2*-*.  ilOb) 

Furthermore,  ennraer  along  the  wrtgkt  crack  sur¬ 
faces  occurs  when 

A*|  <  0*  (II) 

The  basic  contact  conditions  are  mapped  in  f*g  4, 
For  present  purposes,  the  condition.  <0,  is  cot 
meaningful.  The  analysis  should  only  be  used  for 
posttri*  A  separate  analysis  would  be  needed  for 
negative  Mode  L 

Frictional  occurs  when  the  tangential  force 
along  »be  kink,  T,  satisfies  the  inequality 

T<pt*  (12) 

where  *V  i:  the  normal  force.  This  condition  can  be 
expressed  in  *crmt  of  the  forces  f  and  Q  using 

.V-£co*/f +  Psin0»M(tf  +  iPk  *)  (13a) 

TmQunft-r  cos/fa-lmltC+r/1)*  ^  (13b) 
Then,  by  noting  that 

*V  sin  d  -  Tcos  d  -  lm((,V  - r7>*) 

«lm{(tf+^V<#  'I  (14) 


Fig.  4.  A  map  of  the  sliding  and  forking  conditions  antici¬ 
pated  with  the  crack  aspcniy*  For  present  purposes,  only 
A*g  >  0  it  relevant. 
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the  locking  condition  becomes 

(1541 

or.  bacausc  locking  require*  that  a  «  v  «  0.  (3b),  (5) 
and  (7)  five 

ImKCa+i^X4*  •'1<0.  (13b) 

Consequently.  Mice 

A;*rA*,-|#k  “ -*•  06) 

locking  occurs  when 

s*n(p  -*  2l>0  U7a) 

or 

*  2-0  +#<»  <Js  2-/I+#  (Hb) 

Thu*,  if  d  -fi  >  0. 4  range  of  loading  exists  in  vahveh 
A'|  >  0  and  the  faccti  ate  factional!)*  locked  it 
mapped  in  Fig.  4, 


4.  interface  rPAcrcpc  mchstancc 

The  above  condittoni  of  contact  and  frictional 
locking  provide  insights  concerning  the  analysis  of 
the  interface  fracture  resistance.  For  purposes  of 
analyst,  the  spectrum  of  contKti  mutt  be  simulated 
by  means  of  a  contact  model.  Two  such  models  are 
presented,  each  providing  a  different  perspective  of 
the  contact  phenomenon.  One  model  considers  a 
single  row  of  contacts  with  faction  having  a  full 
spectrum  of  facet  angles  located  at  a /.red  distance 
from  the  crack  front.  The  fracture  resistance  can  then 
be  estimated,  In  principle,  by  summing  over  the 
number  of  rows  within  the  contact  tone.  However,  to 
accomplish  this,  an  estimate  or  the  cone  sice  and  of 
interaction  between  rows  is  needed.  For  this  reason, 
a  second  cone  model  is  developed  that  examines  a 
simple  contact  condition  at  the  facets,  but  more 
rigorously  addresses  the  rone  sice  and  interactions 
that  occur  along  the  cone. 

4.1.  Si*tk  row  moJtl 

Contact  behavioral  facets  within  a  row  is  governed 
by  the  net  displacements  of  the  facet  surfaces,  derived 
from  equations  (5)  and  (7)  as 

(u  +  feje-'.a  — 

G 

{,8) 

When  sliding  contact  occurs,  ff  -  w  -  4  and  » •*  -  0 
or,  equivalently.  Re(u  +  /eV*l  «*0.  Thus,  by  (18). 
the  resultant  force  across  the  facet  faces  is 

f-Vmf/liJC’fcos*.  (19) 

Inserting  this  expression  for  the  force  Finto  equation 
(6)  and  adding  the  stress  intensities  from  the  applied 


loads  give* 

A"1*  +  iK\ «  *„  + i* +*(<**•**«*  d  |») 

where  h (t)*/(tXgU)  H  the  function  plotted  tn 
Fig.  3  Consequently,  the  tip  strew  mtemincs  are 

AT  «  ff, +*((}rinUl  -  *)/•*©** 

ATj,  -  A'*  4-A«)eo»(/l  -d)A\eosd  |2t) 

and  the  strain  energy  release  rate  at  the  tip  ts 

C‘«((l  -e),:(i||(A‘|):H-(A**H)!}.  (23) 

Noting  that  the  effective  energy  roleave  rate  associ¬ 
ated  with  the  applied  loads  it 

C  •  |(l  -  r),2(/ J(A’,f  +  A'ftJ  (23) 
the  crack  up  energy  release  rate  becomes 


((Sin  ff  +  cos  ff  tan  4  Hunt  ft  -  4) 


»+2A 


4-cosQ) -PKan»)| 

cosotl  +  tan,‘y) 


Afymff  +  cos£unji^ 
eos:d(l  +tansd) 
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where  AC •  G-C  Is  the  retkalan  in  C.  I.e.  the 
shielding,  caused  by  contact  at  the  facet.  (Recall 
that  (his  equation,  as  welt  as  alt  others  above  in- 


t 


Fi(.  3  Comparison  of  the  functions  MU  I  item  the  present 
apptonmaie  model  and  X(f)  from  the  eiact  solution  for  a 
microcrack  ahead  of  a  mactocraclc. 
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Fig,  S.  (a  |  Reduction  in  crack  up  release  rate  at  a  function 
of  phase  angle  of  loading  for  vartoui  kink  orienutioni  in  the 
absence  of  friction  {A  »  0.5,  d  »  0)  (b)  Effect  of  friction 
(*«45‘)  on  reduction  in  near  tip  energy  release  rate 
(A  -0.5). 


volving  4,  arc  limited  to  0  <  ft  <  x/2.  For  the  range 
x/2 <fl  <x>  4  must  be  replaced  by  -d.) 

When  locking  occurs  (equation  (17),  Fig.  4J,  the 
model  gives 

AW«AW,»I-A(<)  (26) 

and 

G'fC-ll-AfOFaOU)  (27) 

which  coincides  with  (21)  and  (24)  when  d  -Ox/2  + 
d  -0.  When  locking  occurs,  the  material  along  the 
kink  behaves  elastically  and  the  Up  stress  intensities 
are  equivalent  to  those  for  a  microcrack  of  length 
(1  -i)d  at  distance  2 id  from  the  macrocrack  lip 


(Fig,  Xc)|.  Tbt  solution  10  th*  problem  is  know 
exactly  and  thug  peorides  some  calibration  of  the 
model.  The  solution  is  (9) 

Kt'KtmtyKn-X-SU)  (21) 

where  X(( )  ts  plotted  in  Fk.5  along  with  A(t).  Noting 
the  roles  of  A  m  (26)  and  A  in  (21),  it  is  concluded  thet 
the  present  model  underestimate*  somewhat  the  re¬ 
duction  in  crack  tip  intensities  due  to  contact  at  the 
facet.  In  the  results  calculated  below,  values  of  A  are 
prescribed  (rather  than  tl  To  improve  the  accuracy 
of  the  model,  these  values  may  be  identified  with  £  for 
the  parpow  of  evaluating  the  associated  relative  facet 
width  r 

Curves  of  dG*G  vs  4  for  various  (I  at  calculated 
from  (25)  are  plotted  in  Fig.  6(a)  with  4  *  0  and  in 
Fig,  6(b)  with  d  M  *  A  to  each  ease  with  A  »0i  For 
loading  combinations  in  the  range  shown  (0  <4  < 
x  2),  contact  does  not  occur  for  facet  orientations 
with  (I  less  than  x/2.  The  edict  of  friction  is  greatest 
when  the  facet  angle  \%  Urge,  i.c.  fi  greater  than  about 
3xf4.  For  the  example  in  Fig.  6(b),  frictional  locking 
only  occurs  for  II  >  Jxf4. 

The  interface  fracture  resistance  is  estimated  based 
on  consideration  of  a  row  of  contacts  with  a  uniform 
distribution  of  kink  angles  parallel  to  the  from, 
ranging  from  0  to  a,  (Kink  angles  with  /f  <  0  0 c  ft  >x 
are  unlikely  because  alternative,  nonir.tcrfactal,  frac¬ 
ture  paths  would  normally  obtain  at  facets  having 
fl  <  0  or  fi  >  x.)  For  loading  combinations  with 
0  <  4  <  x/2.  the  following  conditions  pertain.  No 
contact  occurs  if 

0  <fi<n-4>  (29) 

If  d  +  4  <  x  2,  no  locking  occurs  at  any  ft  and  the 
range  of  sliding  contact  is 

x  -  4  <P  <x.  (30a) 

If  4  +  4  >  x/2,  sliding  contact  occurs  for 

x-d  </*<3x/2-d-d  (30b) 

while  locking  occurs  for 

3x/2-d  -  d  <P  <*•  (30c) 

The  Itnvt  values  of  AG/C?  along  the  crack  from  urc; 
zero  for  regions  of  no  contact,  I  for  contact  without 
locking  [equation  (25)],  and  I  -  A  for  locked  kinks 
(equation  (27)].  Interaction  effects  caused  by  neigh¬ 
boring  kinks  having  different  contact/locking  condi¬ 
tions  are  thus  neglected.  With  this  simplification,  an 
average  value  of  AG  along  the  crack  from  can  be 
obtained  by  integration.  For  the  case  4  +  d  <*/2, 
the  fraction  of  noncontacting  kinks  is  1  -d  *,  while 
the  fraction  of  contacting,  non-locking  kinks  1$  4 
Thus 

<A<7>/<7 --  f*  I  <l/».  (31a) 
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Fig,  7  V*ruiK*n  in  crack  sAwWm*  <00  >  with  phase  angle 
of  loading  caused  by  4  row  of  comxu,  for  several  friction 
angle*  ik  »  0,5). 


Similarly,  for  d  +  9'  >  x/2 
*  fn: 

<AC>/C7«-  I  d/I 

+  (-^-5)11-0).  (Jib) 

Curves  of  <Mi  VC?  as  4  function  of  *  obtained  from 
(51a.  b)  are  plotted  in  Fig.  7  for  several  value*  of  the 
friction  angle  d  These  curves  were  obtained  using 
A  »  0.5,  The  effect  of  different  chokes  for  A  ranging 
over  alt  realistic  possibilities  (cf  Fig.  5)  is  shown  in 
Fig.  8.  These  results  can  be  used  to  illustrate  some  of 
the  issues  involved  in  determining  the  extent  of  crack 
shielding. 

It  is  firstly  evident  that  there  is  only  a  moderate 
effect  of  the  friction  coefficient  on  crack  shielding, 
within  the  usual  range  0  <  ^  <  *  4,  because  locking 
constitutes  the  greatest  impediment  to  crack  surface 
displacement.  It  is  also  noted  from  Fig.  5  that  A 
remains  quite  large  ( ^  0.2)  down  to  quite  small 
values  of  <00,05).  Consequently,  by  simply  sum* 


Fig.  8  The  vi nation  in  crack  shielding  <AG)  with  phase 
angle  caused  by  a  row  of  contacts,  for  a  range  of 

AO*  w (and  K  I). 


ming  <A(?>  on  parallel  row?  of  nominally  identical 
facets,  alt  governed  by  equation  (31).  the  net  shielding 
must  be  sensitive  to  the  number  of  rows  and  hence, 
the  sue  of  the  contact  tone.  These  insights  suggest 
that  a  model  which  emphasises  the  locking 
characteristics  and  explicitly  Incorporates  the  Tone 
slee  should  provide  a  more  reasonable  prediction  of 
the  effects  of  contact  on  the  interface  fracture  re* 
situ  net.  Such  a  model  is  presented  below. 

4.’,  mskt 

A  rone  model  is  developed  for  the  simplified 
contact  conditons  depleted  to  Fig.  9  corresponding  to 
fi  »  0  and  4  «  0  (no  friction),  Then,  A | »  K\  and  the 
crack  opening  depends  on  A*|  only,  as  given  by 

R(TJ-l(l-r%v'  %3«£  (32) 

where  r  is  the  distance  from  ih**  -rack  tip  Contacts 
exist  over  a  zone  length,  L  that  wvrics  the  condition 

mi) » // 

where  H  u  the  height  of  the  interface  step  (Fig,  % 
such  (hat 

t-Ci t  32l(£/f  (33) 

Within  the  contact  zone,  the  shear  stresses  and 
displacements  are  elastic  and  analogous  to  lho*c 
associated  wuh  a  linear  array  of  microcracks  (Fig.  9). 
Furthermore,  m  order  to  evalautc  A*|,.  the 
microcracks  can  be  simulated  by  a  continuous  linear 
spring  model  (Fig.  9)  in  which  the  stresses  :  and 


Crack 

Surface 


•)  Zsm  ConflfOfUtn 


Fig.  9.  A  schematic  illustrating  the  :ont  model  used  to 
determine  trends  in  <7,  with  ptusc  angle  of  loading. 
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MOU//  V, 

*  hf 


displacements  r  art  related  by 

..  .St/(!-r,)ln|l  »t«K5/>  :/)) 
r  *  UWJ 

where  /  u  the  spacing  between  facet  tmtcrocrack) 
centers  ami  D  IS  the  facet  length  (Fig.  9),  This  t*  iht 
exact  result  for  the  additional  shear  displacement  due 
to  th<  presence  of  an  infinite  linear  array  of  micro* 
cracks  subject  to  remote  shear  stress  ?  parallel  to  the 
cracks  (11.12)  The  linear  spring  model  has  been 
HiUcd  by  Budian>k>  c/  u/  (13)  For  the  present  linear 
spring  04),  the  result  or  interest  is 

X*;,  A*lt »  Atari  (35) 


ln|l*sin(«0  2/)| 

>mJ  the  function  kM  is  given  m  Table  t  tas  t  a)  in 
Ref  (13),  Mots  of  AT,  Kn  vs  0  1  from  051  are  shown 
m  Fig,  10  for  various  numbers  of  microcrucks 
S{L  m  A7),  The  result  for  one  microcrack  is  the  exact 
result  from  Ref,  (9), 

Using  Af{i'A't  and  (35).  the  relation  between  the 
energy  release  rates  is  obtained  as 

i+»w». 

I  +  tan*  ^ 


Further  progress  is  achieved  by  combining  equations 
(33)  and  (36)  to  give 

nEH'lG'fl ?)(!*»  tan{») 
*"32{l-v))/C,ln|l.$in(R0.2/)r  1 

The  bask  trends  in  the  fracture  behavior  of  the 
interface  with  the  phase  angle  of  loading  can  be 


estimated  by  selecting  the  value  of  a  at  *  -  0  a*  a 
reference  value,  a*,  and  setting  (*'  equal  to  the 
fracture  resistance  of  the  interface  U*.  such  that 

«F,H}  /<?,) _ 

^"32<l-»i)1n[l!*ln(i«/)  2/))'  11 

The  quantity  a,  contains  the  basic  information  con¬ 
cerning  the  interface  and  is  thus  u  nw  fcthlptf<*mt<r. 
The  results  contained  in  equations  (35).  (3?).  (38)  and 
t39)  can  be  combined  to  provide  an  expression  for  the 
crack  shielding  as 

^  tarn  vil  ■* k (*4 1  -rUirvltAtf  tf  r  *))! 

AO  Q *  1  -  t  ;  .  ■  i  ;  . 

1  4»tuiry 


Specific  trends  in  AC#  tf  with  y  for  varioux  iu  deter¬ 
mined  using  equation  (4oj  are  plotted  m  Fig  1 1 
It  ma>  he  ascertained  from  Fig  II  that  two 
regimes  exist,  one  at  I,  and  the  other  when 
x»  5  10  1  For  the  former,  contact  hax  the  maximum 
effect  on  crack  shielding,  such  that.  Ku  *  U  and 

.....  lan:^  -4 

A6  0»7— — rr  HO 

I  -Ham^ 

For  the  latter,  there  is  extent  tally  no  shielding  when 
q  <  is  2  The  significance  of  iliesc  two  regimes  may 
Ik  appreciated  bv  noting  that  undulating  interfaces 
tv  pi  tall  v  have  geometry  0  /  *»  I  2.  //  / «»  12,  Then 
becomes 

**0.IUW  (ra)tl-v5)  (42) 

The  governing  material  parameter  is  thus 


This  parameter,  in  essence,  determines  the  contact 
zone  dimensions,  such  that  small  values  result  in  no 
contact  and  large  values -give  full  contact.  Further¬ 
more,  the  transition  between  these  extremes  occurs 
over  a  relatively  small  range  of  x  between  - 10  and 
**  10  Consequently,  either  a  small  value  of  the 
intrinsic  interface  toughness  (/«  or  a  large  amplitude 


Fig.  10.  Sicsi  intensity  at  up  of  lead  microcrack  m  an  array  of  equally  spaced  microcracks  ahead  of  a 

macrocrick. 
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Fif .  IK  Variation  m  crack  ih*Wmg  Mj  *nh  phase  ingk  of 
losing  for  vinous  valor*  of  the  contact  rone  parameter,  v> 
Abo  show*  art  tome  ciptrimenul  rtsulu  obtained  for  a 
gUu  poJ>rocf  inUfface  (10). 


undulation,  //,  may  cause  x  lo  become  large,  resulting 
in  a  mixed  mode  fracture  resistance  governed  by 
equation  (41),  such  that 

(7<«-(7|(l  +  un:*).  (43) 

Conversely,  when  H  is  small  and/or  Gt  is  large, 
contact  does  not  occur  and  Gt  x  G4  for  *  <  */2. 


5,  COMPARISON  WITH  EXPERIMENT 

Experimcnul  its  tills  have  been  obtained  in  sepa- 
rate  studies  (10).  The  results  are  in  general  accordance 
with  the  aone  model  predictions  as  depicted  on 
Fig.  1 1  with  x,  %  I  (or  x  *  10).  Values  of  x  indepen* 
dently  determined  for  the  test  interface  are  somewhat 
larger  (x  — 10\  Table  I).  This  difference  probably 
derives  from  the  geometric  simplicity  of  the  rone 
model  (Fig.  9).  In  particular,  more  realistic  interface 
geometries  would  allow  sliding  of  the  edge  of  the 
contact  tone  and  reduce  the  effective  magnitude  of 
the  contact  tractions,  leading  to  improved  cor* 
relations  between  theory  and  experiment.  Some 
aspects  of  the  discrepancy  may  also  be  associated 


with  the  modulus  mismatch  across  the  interface, 
which  is  not  explicitly  considered  in  the  present 
analysis* 

1  CONCLUDING  REMARKS 

The  present  analysis  of  contact  effects  on  interface 
fracture  resistance  indicates  that  a  simple  rone  model 
without  friction  predicts  trends  with  the  phase  angle 
of  loading  qualitatively  consistent  with  experimental 
results  for  a  brittle  interface  that  has  no  obvious 
plasticity  associated  with  crack  propagation.  More 
complete  experimental  studies  of  coniact  /tones  would 
evidently  allow  further  progress,  and  highlight 
deficiencies  associated  with  the  neglect  of  faction  and 
wtth  the  present  geometric  simplification  used  to 
describe  the  interface  Studies  of  trends  with  the  zone 
w*e  parameter,  £ /f  <7*.  would  be  particularly  in¬ 
sightful  in  this  regard. 

When  the  interface  it  subject  to  norma)  com¬ 
pression  (negative  A**),  a  different  analysts  of  fracture 
Is  needed.  Nevertheless,  it  ts  already  evident  from  the 
present  analysis  that  sliding  induces  a  posmvc  A', 
Me  up  over  a  substantial  range  of  com¬ 
pressions.  Consequently,  crack  propagation  will  still 
be  possible,  as  observed  experimentally  (10). 

REFERENCES 

I  A.  O  Evans  and  I  W  Hutchinson,  fotj  Solids  Strati, 
2*.  435  (1914). 

1  M.  S.  Hu.  M,  D.  Thouless  and  A.  0.  Evans.  Atm 
mttjli  34,  1301  (1911). 

3  P  C.  ChanUmWc*.  J.  Lund.  R  M.  McMeeklng  and 
A  G.  Evans.  A  appl.  Mttk  In  press. 

4,  p.  G,  Chari  lam  bidet  and  A.  G.  Evans.  A  4m.  Ceram. 

Sot,  To  be  published. 

5  M  Ruble,  unpublished  research. 

6.  M,  D.  Drory*  M.  D.  Thouless  and  A.  G.  Evans.  Actu 
mttoll  34,  2019  (1914). 

7,  J.  R  Rice.  A  upp/  Mttk  33,  379  (1964), 

%  H  Tada,  P  Paris.  G ,  Irwin.  TAe  Strtu  Anahits  u/ 
Cratks  Handbook  DEL  Research  Corp.  (1973) 

9  F  Rose.  /nr.  A  Fratt  31,  233  (1914). 

10.  H.  C  Cao,  Ph.D.  thesis,  Univ.  of  California.  Berkeley 
(1911);  H.  C.  Cao  and  A.  G.  Evans.  Mtck  Maltr  In 
press. 

11.  W.  T.  K  oiler,  An  (niimie  row  of  coltinear  cracks  m  an 
infinite  elastic  sheet,  ln*tn,  Artk  It,  168  (1959). 

12.  M.  Ortii,  tnU  A  Solids  Strmt  14,  231  (I9HX). 

13  B.  Budiansky,  J.  C.  Amazigo  and  A.  G,  Evans.  J  Malt 
Phvs.  Solids .  34,  167  (IVSg). 


MATERIALS 


ON  CRACK  PATH  SELECTION  AND 
THE  INTERFACE  FRACTURE 
ENERGY  IN  BIMATERIAL  SYSTEMS 

*y 


A.  G.  Evans,  B.  J.  Dalgleish,  M.  He 

Materials  Department 
College  of  Engineering 
University  of  California 
Santa  Barbara,  California  93106 

and 


J.  W.  Hutchinson 

Division  of  Applied  Sciences 
Harvard  University 
Cambridge,  Massachusetts 


M88-40 


ABSTRACT 


The  intent  of  this  article  is  to  apply  recent  solution*  I'cv  »!ie  Mechanics  of 
cracks  At  and  near  bimaterial  interfaces  to  rationalize  erao:  JrojScwtlib  observed  by 
experiment  and  to  provide  a.  basis  for  interpreting  measurements  of  me'  itt&Jtace 
fracture  energy,  Tf.  It  is  demonstrated  that  the  choice  of  test  specimen  golems  the 
tendency  of  cracks  to  either  remain  at  interfaces  or  deviate  away,  based  on 
considerations  of  the  phase  angle  of  loading,  y.  It  Is  further  revealed  that  the 
measured  interface  fracture  energy  may  be  strongly  influenced  by  the  crack 
trajectory,  as  governed  by  y,  through  crack  shielding  and  plasticity  effect:; 
Consequently,  interfaces,  do  not  typicailly  have  unique  fracture  energies,  but  instead 
f[  depends  on  y  which,  in  turn,  is  influenced  by  the  test  method. 


1.  INTRODUCTION 


Fracture  along  and  adjacent  to  bimaterial  interfaces  has  several 
morphological  manifestations.  In  some  cases,  the  fracture  occurs  at  the  interface, 
while  in  others  fracture  occurs  in  the  more  brittle  constituent1'2.  Furthermore,  cases 
exist  wherein  the  fracture  alternates  between  the  interface  and  the  adjacent  material 
(Fig.  1)  and  in  other  instances,  the  crack  deviates  from  one  interface  to  the  other1  ^ 
(Fig.  2).  The  path  selected  by  the  crack  also  influences  the  fracture  energy.  In 
particular,  fracture  energies  Tj  have  bee.i  measured  for  "interface”  cracks  wherein  I*| 
has  substantially  exceeded  that  for  the  brittle  constituent,  IY*'5*6  This  behavior  is 
seemingly  at  variance  with  intuitive  reasoning  that  cracks  should  propagate  in  the 
“material"  having  the  lowest  fracture  energy.  The  present  article  constitutes  an 
attempt  to  rationalize  these  features  of  interface  fracture  by  invoking  recent 
mechanics  solutions  for  cracks  at  and  near  interfaces.7 


2.  CRACK  TRAJECTORIES 

* 

Various  hypotheses  have  been  made  concerning  crack  trajectories  in 
homogeneous  brittle  solids.  Experiments  that  exhibit  sensitivity  to  the  choice  of 
crack  path  criterion  involve  the  decohesion  of  thin  films  from  brittle  substrates,8-10 
particularly  the  location  of  the  steady-state  crack  path  within  the  substrate11  (Fig.  3). 
The  experimental  results  are  consistent  with  the  postulate  that  the  crack  acquires  a 
trajectory  in  which  the  mode  II  stress  intensity  factor,  Kn  is  zero.  A  corollary  of  this 
criterion  is  that  a  crack  cannot  remain  in  a  plane  having  non-zero  Kn ,  but  instead  is 
deflected  in  a  direction  that  reduces  Kji  toward  zero. 

The  above  crack  path  criterion  clearly  does  not  apply  when  the  crack  is  at  an 
interface,  because  consideration  of  the  relative  fracture  energy,  IV  rs,  is  also 
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involved.  Analysis  of  the  kinking  of  a  crack  out  of  an  interface  between  two  brittle 
solids7  has  revealed  that  the  crack  path  depends  both  on  Tj/r,  and  the  relative  shear 
v  to  opening,  u,  experienced  by  the  interface  crack,  as  characterized  by  the  phase 
angle  y!2 

y  *  tan"’ (v/u)  -  t(nr  -  tan"1 2e  (la) 


where 


with  P  being  one  for  the  Dundurs'  parameters,  a  and  (3; 

m(i - va)  -  hO“V,) 

*  (HiO-v,)  +  £(1-7,)] 

»  Z  hUz^jl 

P  *  2tp,(l- Vj)  +  HjO-v,)]  (lc) 

and  r  is  the  distance  from  the  crack  tip.  Note  that,  for  P  *  0  (typical  of  many 
systems  of  interest), 

y  s  tan"1  (v/u)  ■  tan-1  (K„/K,)  (2) 


and  thus  y  is  a  direct  measure  of  the  relative  mode  II  loading  on  the  interface  crack. 
Trends  in  the  incidence  of  kinking  out  of  the  interface  with  n/r$  and  y  are  shown 
in  Fig.  4,  for  the  range  in  a  of  practical  interest. 
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The  solutions  of  Fig.  4  may  be  interpreted  by  equating  T*  to  the  fracture  energy 
of  material  2  such  that  the  sign  of  a  is  consistent  with  Eqn.  (lc).  It  is  apparent  that 
the  preferred  path  of  the  crack  is  influenced  by  the  magnitude  of  the  phase  angle, 
such  that  cracking  out  of  the  interface  is  most  likely  when  y  ■  70°  and, 
furthermore,  that  the  crack  prefers  to  extend  into  lower  modulus  material  (subject 
to  \|/  having  the  appropriate  sign,  i.e.,  material  2  in  Fig.  4  being  the  lower  modulus 
member). 

A  related  problem  of  substantial  importance  concerns  the  case  wherein  one  of 
the  materials  is  ductile  and  the  other  is  brittle.  Then  the  fracture  behavior  and  the 
"interface"  fracture  energy  are  extremely  sensitive  to  the  sign  of  the  phase  angle. 
Some-  of  the  b'<sic  behaviors  are  summarized  in  Fig.  5.  When  the  phase  angle  has  a 
positive  sign,  in  accordance  with  the  sign  convention  given  in  Fig.  5,  and  material  S 
is  the  brittle  member  (such  that  T$  <  <  H),  the  relative  incidence  of  cracking  out  of 
the  interface  is  identical  to  that  described  for  the  all-brittle  system  (Fig.  4).  However, 
when  the  phase  angle  is  negative,  the  large  fracture  energy  of  material  F,  compared 
with  the  interface  (Pf  >  >  I'd  prohibits  propagation  of  the  crack  out  of  the  interface. 
Then,  one  of  two  possibilities  occurs,  depending  upon  the  yield  strength  of  the 
ductile  member.  For  a  low  yield  strength  material,  plastic  blunting  of  the  interface 
crack  is  observed  (Fig.  6a)  and  failure  often  occurs  by  ductile  mechanisms  (Fig.  6b) 
involving  hole  nucleation  at  the  interface.3  Alternatively,  the  stress  field  of  the 
interface  crack  interacts  with  preexisting  flaws  in  the  brittle  material,  causing  cracks 
to  grow  from  these  flaws  back  toward  the  interface,  resulting  in  a  serrated  fracture 
with  "chips"  of  brittle  material  attached  to  the  fracture  surface  (Figs.  1  and  5).  This 
behavior  can  be  understood  by  noting  that  the  flaws  in  the  brittle  material  are 
subject  to  substantial  mode  II  loading  having  sign  that  leads  to  crack  extension 
toward  the  interface. 


5 


3.  THE  INTERFACE  FRACTURE  ENERGY 


The  above  discussion  concerning  crack  paths  has  important  implications  for 
measuring  and  interpreting  information  relating  to  the  "fracture  energy  of 
interfaces."  Most  importantly,  the  test  configuration  determines  the  sign  and  the 
magnitude  of  y,  which  in  tum  governs  the  crack  path  and  thus,  the  mechanisms 
that  contribute  to  Tj.  Several  examples  are  used  to  illustrate  the  salient  features: 
"mode  I"  sandwich  specimens*'13  (Fig.  7a),  peel  tests5  (Fig,  7b)  and  film  decohesion 
tests1*  (Fig.  7c).  In  all  cases,  residual  stress  contributes  substantially  to  the  observed 
behavior  and  in  the  interpretation  of  the  results. 


3.1  SANDWICH  TESTS 

The  interpretation  of  fracture  tests  performed  on  sandwich  specimens  is 
relatively  straightforward  when  the  precrack  length,  a,  is  very  large  compared  with 
the  bond  layer  thickness,  h,  (a  >  30h).  Then,  the  residual  strain  does  not  contribute 
to  the  energy  release  rate  Q,  because  the  bond  layer  remains  attached  to  one  side  of 
the  specimen  and  thus,  retains  its  state  of  residual  strain.15  When  this  crack  length 
condition  is  satisfied,  the  only  other  significant  consideration  is  the  influence  of  the 
bond  layer  on  the  magnitude  of  Q  and  y.  When  h  is  small  compared  with  the 
specimen  thickness,  d,  the  energy  release  rate  is  unaffected  by  the  layer.13  However, 
the  presence  of  the  layer  causes  y  to  deviate  from  zero.  For  the  typical  case,  P  ~  0,  y 
is  governed  solely  by  a,  with  the  trend13  plotted  on  Fig.  8.  While  the  range  in  y  is 
small,  it  is  often  sufficient  to  influence  the  crack  trajectory.  Specifically,  in  most 
cases,  the  shear  modulus  of  the  bond  layer  is  less  than  that  of  the  bonded  member, 
whereupon  the  sign  of  y  directs  the  crack  toward  the  interface.  Consequently,  when 
the  bond  material  is  ductile,  the  crack  tends  to  either  remain  at  the  interface  or 
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follow  a  smattd  path  near  the  interface.  In  either  case,  plasticity  in  the  bond  layer 
can  contribute  to  H,  causing  the  measured  fracture  energy  to  be  substantially  greater 
than  T,  even  though  the  crock  remains  ntor  the  interface. 

When  the  crack  is  not  long  compared  with  the  layer  thickness,  residual  stress 
influences  both  Kj  and  Ku  and  must  be  taken  into  account.19  Most  significantly, 
when  the  bond  layer  has  the  larger  thermal  expansion  coefficient,  the  sign  of  y 
tends  to  divert  the  crack  away  from  the  interface  and  furthermore,  is  sufficiently 
large  (y  -  45*) 15  that  it  can  dominate  the  overall  phase  angle  at  the  fracture 
criticality.  In  this  case,  cracks  are  often  diverted  into  the  brittle  material,  outside  the 
bond.2  The  nominal  fracture  energy  measured  in  such  cases  can  have  a  broad  range 
of  values  that  depend  on  the  crack  length  and  the  residual  strain.16  However,  the 
actual  fracture  energy  can  be  deduced  if  the  residual  strain  contribution  to  £  is 
properly  taken  into  account. 

Bond  layers  having  a  lower  thermal  expansion  coefficient  invariably  generate 
a  phase  angle  that  diverts  cracks  toward  the  interface.  Then,  the  measured  fracture 
energy  can  either  be  larger  or  smaller  than  r5,  depending  upon  the  residual  strain 
contribution  to  G,  the  influence  of  plasticity,  roughness,  etc. 


3.2  FILM  DECOHESION 

Films  and  coatings  with  interface  edge  cracks  that  cause  decohesion 
experience  mixed  mode  conditions,  with  y  dependent  largely  on  the  sign  of  the 
residual  stress.13  Films  in  tension  give  y  -  45°  with  sign  that  tends  to  deflect  the 
crack  away  from  the  interface.  Consequently,  when  the  substrate  is  brittle  and  the 
interface  fracture  energy  is  relatively  high,  the  decohesion  process  proceeds  in  the 
substrate  by  cracking  at  a  characteristic  depth  beneath  the  interface.9"11  The  substrate 
fracture  energy  fs  then  becomes  the  relevant  quantity.  When  the  substrate  is 
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ductile,  the  incidence  of  decohesion  is  governed  by  Tj,  which  may  be  influenc’d  by 
plasticity  in  the  substrate,  etc  When  decohesion  docs  occur  at  the  interface  (Fig.  9), 
the  decohesion  analysis11  may  be  used  to  measure  J"j. 

Residual  compression  in  the  film  subjects  edge  cracks  to  mode  II  conditions, 
plus  compression  normal  to  the  interface.  As  yet,  there  is  no  understanding  of 
interface  fracture  in  such  circumstances. 


3.3  PEEL  TESTS 

The  peel  test  is  generally  used  for  measuring  the  fracture  energy  of  ductile 
compliant  films  on  substrates.5  The  phase  angle  has  a  negative  sign  that  causes 
substrate  cracks  to  deviate  into  the  interface.  The  test  thus  encourages  the  modes  of 
interface  fracture  depicted  on  the  left  side  of  Fig.  6.  The  measured  fracture  energy 
can  be  appreciably  less  than  the  substrate  value  P»  and  include  contributions  from 
crack  tip  plasticity  is  the  film  material.  One  complication  with  this  test  is  that  the 
peel  load  is  sensitive  to  non-linear  deformation  in  the  film,  such  that 
deconvolution  to  obtain  n  requires  knowledge  of  the  plastic  flow  stress  of  the  film.5 
However,  when  this  effect  is  taken  into  account,  valid  H  measurements  are 
certainly  possible  and  indeed,  can  be  large  compared  with  IY 


4.  CONCLUDING  REMARKS 

A  rational  mechanics  basis  for  predicting  and  interpreting  crack  trajectories  in 
bimaterial  systems  has  been  proposed,  based  on  knowledge  of  the  phase  angle  of 
loading,  \)r.  In  particular,  the  sign  and  magnitude  of  \j (  dictate  whether  cracks  either 
propagate  along  an  interface  or  deviate  into  the  adjoining  material  and  extend 
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parallel  to  the  interface.  More  importantly/  phase  angle  conditions  that  motivate 
cracks  to  remain  at  the  interface  can,  in  some  cases,  yield  interface  fracture  energies 
T{  in  excess  of  that  for  the  brittle  member  ran  through  the  crick  propagates  at  the 
interface.  Such  high  fracture  energies  contain  contributions  from  plasticity/ 
roughness-induced  crack  shielding,  etc. 

The  phase  angle  of  loading  is  stTongly  influenced  by  the  choice  of  test 
specimen  and  thus,  rj  experimentally  determined  on  the  same  bimaterial  interface 
can  vary  appreciably  between  test  specimens.  However,  it  is  believed  that  a  unique 
relationship  exists  between  H  and  y  for  a  given  interface.  It  is  thus  emphasized  that 
test  specimens  must  be  characterized  both  in  terms  of  an  energy  release  rate  and  a 
phase  angle  of  loading,  As  more  data  on  f{(y)  are  generated,  the  mechanisms  that 
contribute  to  Tj  can  be  addressed,  and  allow  the  development  of  a  fundamental 
evaluation  of  interface  fracture. 

An  important  corollary  of  the  above  conclusion  is  that  the  prediction  of  such 
events  as  fiber  debonding  in  composites,  film  decohesion  and  bond  fracture  require 
that  both  Q  and  y  be  evaluated  for  the  problem.  Then,  provided  th<,t  I*j  has  been 
measured  in  the  appropriate  range  of  y,  prediction  can  be  made.  This  point  is 
emphasized  because  y  is  typically  much  more  difficult  to  calculate  than  §,  and  its 
evaluation  is  essential  if  interface  cracking  problems  are  to  be  adequately 
understood.  Furthermore,  schemes  for  calculating  y  using  either  integral  equations 
or  finite  elements  have  been  developed. 
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FIGURE  CAPTIONS 


Fig.  1.  Fracture  of  a  AU/AI2O3  bond  indicating  fragment  of  AJ2O3  attached  to 
Au 

Fig.  2.  A  crack  in  AI2O3  bonded  with  Au  showing  a  crack  alternating  between 
interfaces 

Fig.  3.  Film  decohesion  by  substrate  cracking  indicating  the  predicted  crack 
location  based  on  Ku  «  0  and  experimental  data  obtained  for  two 
material  combinations. 

Fig.  4.  A  map  representing  the  region  of  interface  cracking  for  three  values  of 
the  elastic  mismatch  parameter  a.  Positive  y  is  defined  by  the  mode  II 
arrows  in  the  inset  diagram. 

Fig.  5.  The  region  of  interface  fracture  for  a  bimaterial  system  when  one 
material,  F,  has  a  much  higher  fracture  energy  than  the  other,  S 
(Tf  >  >  r»).  The  result  is  plotted  for  the  case,  a  ■  P  »  0.  Note  that  when 
y  <  0,  fracture  at  the  interface  can  incorporate  segments  of  adjoining 
material  detached  at  flaws. 

Fig.  6.  (a)  Plastic  blunting  at  the  interface:  a  crack  in  the  AI2O3/AI  system 

(b)  Ductile  fracture  surface:  failure  adjacent  to  the  interface  in  the 
AI2O3/AI  system 

Fig.  7.  A  schematic  indicating  the  various  tests  used  to  measure  the  interface 
fracture  energy 

Fig.  8.  The  phase  angle  shift  (1)  for  a  sandwich  specimen  as  a  function  of  the 
elastic  mismatch  across  the  interface,  expressed  through  the  Dundurs' 
parameter  CL 

Fig.  9.  Film  cracking  followed  by  interface  decohesion  for  Cr  films  deposited 
onto  stainless  steel 
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l.  Introduction 

We  discuss  elastic-brittle  fracture  theory  for  cracks  along  interfaces  between  elastically  dissimilar 
solids.  Crack  tip  Helds  in  such  cases  are  characterized  by  one  real  and  one  complex  stress  intensity  factor, 
where  the  latter  couples  two  of  the  classically  separate  crack  tip  modes.  Solutions  for  complex  stress 
intensity  factors  for  a  variety  of  cases,  including  geometries  of  interest  for  toughness  testing,  are  cataloged 
and  the  theory  is  applied  to  the  problem  of  dislocation  nucleation  from  a  crack  tip  along  a  dissimilar 
r'  serial  interface,  such  as  a  metal/ceramic  interface.  The  variation  of  the  local  phase  angle,  indicating 
stress  Held  mode  coupling,  at  the  near  atomic  scale  of  dislocation  nucleation  is  an  important  aspect  of  the 
problem.  The  dislocation  problem  arises  in  evaluating  the  competition  between  atomically  brittle 
decohesion  and  plastic  blunting  at  interfacial  crackjtips.  Results  confirm  that  both  the  propetties  of  the 
interface  and  the  direction  of  attempted  cracking  along  it  are  important  to  the  outcome  of  that  competition; 
the  latter  arises  because  of  the  different  stressing  of  slip  systems  associated  with  different  directions  of 
cracking.  We  also  briefly  review  effects  of  solute  adsorption  at  ceramic  and  metal/ceramic  interfaces  on 
(heir  embrittlement,  or  in  some  cases  on  their  doctilizing.  Finally,  we  outline  the  thermodynamic  inter¬ 
relations  between  adsorption  and  alterations  of  the  ideal  work  of  interfacial  separation,  and  formulate  the 
thermodynamic  theory  in  a  manner  consistent  with  the  possibility  of  strong  dissimilarity  in  adsorption 
propetties  of  the  two  surfaces  which  joined  at  the  interface  before  fracture. 

2  El«ne  Fields  for  Interface  Cricks 

in  this  section  we  briefly  outline  the  form  of  near-tip  Helds  from  linear  elastic  continuum  solutions  for 
cracks  along  an  interface  between  dissimilar  materials.  Such  cracks  ate  most  simply  modeled  as  surfaces 
across  which  no  tractions  are  transmitted.  Solutions  resulting  for  that  n^-xie!  generally  predict  material 
interpenetration  very  near  the  tip.  However,  that  feature  can  often  be  ignored  in  interpreting  the  solutions, 
either  because  the  predicted  contact  zone  is  small  compared  to  physical  sizes  of  interest  like  atomic 
spacings  (as  is  the  case  in  i*;sr  applications  here  to  dislocation  nucleation  at  a  crack  tip)  or  larger  scale 
measures  of  material  heterogeneity,  or  because  the  predicted  contact  region  occurs  well  within  a  near  tip 
region  in  which  mechanical  loading  may  be  characterized  in  terms  of  the  singular  fields  of  ?fuch  elastic 
solutions  (Rice,  1988).  The  case  of  joined  isotropic  materials,  most  discussed  here,  wss  analyzed 
between  1959  and  1965  by  Williams,  Cherepanov,  England,  Erdogan,  Rice  and  Sih,  and  Malyshev  and 
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Salganik;  ii  has  been  the  subject  of  much  recent  work  (for  references  see  Rice.  IS88,  Hutchinson,  1989. 
and  Suo,  1989a).  The  case  of  cracks  between  dissimilar  anisotropic  solids  was  first  analyzed  by  Got  oh  in 
1967  and  by  Clements  and  Willis  in  1971  and  has  been  discussed  recently  by  Anderson  (1988),  Bassani 
and  Qu  (1939),  Suo  (I989a,c)  and  Wu  (1989).  A  list  of  stress  intensity  factors  and  available  specimens 
will  be  presented  at  the  end  of  this  section,  which  is  intended  to  serve  as  a  self-contained  mini-reference 
for  practitioners  of  interfacial  fracture  mechanics. 

2.1  ittar  llfi  SOSil  fields-  Ignoring  terms  which  remain  bounded  at  the  tip,  the  near-tip  stress  field 
for  an  interface  crack  between  dissimilar  isotropic  materials  has  the  singular  form  ( Fig.  1) 

<Top*:^UC^(KrIt)li(j(0)  +  /m(Kr<c)lJp(e)  +  KinI?a(0))  ( a,  f) »  x,  y,  z  )  (2.1) 

If  Jx  f 

Here  the  angular  functions  I<,p(0)  of  superscripts  I,  II  and  III  correspond  to  tractions  across  the 
interface  at  0  *  0  of  tensile,  in-plane  shear  and  anti-plane  shear  type,  respectively,  so  that 

(  Ofyy  +  i  Cyx  )o  ■  o  *  ^  ■  •  ( <*yi  )•  ■  0  *  ,  (2.2) 

Y2xr  T2xr 

and  in  this  sense  those  Xop(0)  may  be  said  to  correspond  to  modes  I,  II  and  III.  However 

lap(0)  and  l£p(0)  also  depend  on  ela«tic  properties  of  the  bimaterial  combination,  through  the  parameter 
e  to  be  discussed,  and  do  not  have  the  full  symmetry  and  anti-symmetry  respectively  associated  with  such 
angular  functions  for  the  case  of  a  crack  tip  in  a  homogeneous  solid.  The  functions  are  given  in  the 
Appendix  and  plotted  in  Fig .2.  The  parameter  e  is  given  by 

(2,3) 

2x  _  i/jxi  +  (3  -  4v2)/ii2. 

where  (i  is  shear  modulus  and  v  the  Poisson  ratio,  and  subscripts  refer  to  the  two  materials  (Fig.  1). 

The  Km  is  a  mode  III  stress  intensity  factor  of  familiar  type,  but  rather  than  having  mode  I  and  II 
factors,  there  is  a  single  complex  stress  intensity  factor  K  for  the  in-plane  modes,  and  these  rrxx..  -  *  e 
inherently  coupled  together.  This  complex  K  has  the  generic  form 

KwYTfTL^efV  (2.4) 

(examples  are  given  subsequently)  where  T  is  a  representative  magnitude  of  the  stress  applied  to  load  the 
specimen,  L  a  characteristic  length  (e.  g.,  crack  length,  layer  thickness).  Y  a  dimensionless  real  positive 
quantity,  and  y  by  definition  is  the  phase  angle  of  K  L* ,  but  is  often  loosely  called  the  phase  angle  of  the 
complex  stress  intensity  factor,  or  the  phase  angle  of  the  applied  load.  (A  better  characterization  of  the 
phase  is  given  below.)  Both  Y  and  y  are  dependent  on  the  detailed  manner  of  applying  the  stress  T  and, 
in  general,  on  the  ratios  of  elude  moduli  and  of  characteristic  dimensions  of  the  cracked  body  to  one 
another. 

Thus,  considering  eqs.(2.1,2),  the  analogs  of  Ki  and  Kq  for  the  bimaterial  case  are  not  constants  but 
are  instead  functions  of  r,  that  we  might  denote  u  Kj(r)  and  Kn(r),  gi  ’en  by 
Kj(r)  *  Re  ( K  r«‘« ) »  YT  VTcor  [y-e  In  (L/r)] , 
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Kji(r)  «/m(Kr'i)«-YT  fLsin  (y  -  E  /« (L/r)|. 

Evidently  the  ratio  (fyi/e-v,  *  Kn(r)/Kt(r)  ■  tan  [y  -  e  In  (L/r)l  varies  with  r  near  the  rip,  so  that  the  tensile 
and  in-plane  shear  modes  are  fundamentally  inseparable.  The  variable  quantity  y  -  e  In  (Ur)  gives  what 
might  be  called  the  local  phase  angle  of  the  field;  a  similar  concept  was  introduced  by  Liechti  and  Hanson 
H988). 

To  better  characterize  phase,  we  may  choose  some  fixed  length  r.  It  does  not  matter  whether  we 
choose  r  as  1  nm,  or  1  mm,  or  1  m,  or  whatever,  jo  long  as  we  regard  it  as  held  fixed  when  specimens  of 
a  given  bimaterial  combination  corresponding  to  a  range  of  values  of  L  and  y  are  considered.  Then  a 
suitable  absolute  characterization,  say  y,  of  the  phase  angle  is  given  by  writing 

Ki(r )  +  i  Ku(r) »Krfc»  V (K[(r)]2  +  [Ka(r)p  efV  -  YTfTfr/L)*  V*  (2.6) 

so  that 

y=ty-e/n(L/r).  (2.7) 

(n  citing  the  value  of  y  to  be  associated  with  a  given  specimen,  clarity  requires  that  one  also  report  the 
value  of  r.  A  set  of  y  values  based  on  the  fixed  length  r*  differs  from  a  set  based  on  another  fixed  length, 
ra,  by  a  constant  angle,  i.  e.,  yA  -  9b  *  e  ln(r\/ri),  for  every  member  of  the  set.  If  r  is  chosen  as  some 
length  on  the  laboratory  scale  in  crack  studies,  say  r  *  1  mm,  then  for  typical  small  e  (see  Table  I)  the 
difference  between  y  and  y  will  be  small  for  all  L  in  a  fairly  broad  range,  say  0.1  to  10  mm. 

In  the  above  discussion  there  is  no  fundamental  meaning  attached  to  the  quantities  denoted  by  K;(r) 
and  Kn(r),  since  r  is  chosen  arbitrarily.  Nevertheless,  because  of  the  weak  /n(L/r)  variation  whh  r  in 
eqs.(2.5),  and  because  t  is  typically  very  small,  the  trigometric  functions  of  (2.5)  are  often  little  changed 
by  fractionally  large  changes  in  r.  E  g.,  fore  ■  0.05,  which  is  fairly  large,  a  factor  of  5  change  in  r  alters 
the  arguments  of  the  trigometric  functions  by  e  In  5  s  0.08  2  5°.  Because  of  that,  it  can  sometimes  be 
justified  to  evaluate  Krfr)  and  Kn(r)  at  a  fixed  material  distance  r,  thought  to  be  broadly  representative  of 

the  size  of  the  "fracture  process  zone"  for  a  given  bimaterial,  and  then  to  consider  Ki(r)  and  Kn(r)  as 
classical  mode  I  and  II  intensity  factors.  Our  subsequent  treatment  of  dislocation  nucleation  at  an 
interfacial  crack  tip  can  be  interpreted  in  that  way,  based  on  an  atomic  sized  r.  Of  course,  K  rigorously 
reduces  to  the  classical  K[  +  i  Kn  only  when  e  »  0,  i.  e.,  when  p  as  defined  below  is  zero. 

Joined  anisotropic  solids.  The  singular  stress  field  near  the  tip  of  an  interface  crack  between 
dissimilar  anisotropic  solids  can  also  be  put  in  the  form  of  eq.(2.1),  in  the  sense  that  the  field  can  be 
characterized  by  one  real  stress  intensity  factor  and  one  complex  factor,  the  latter  multiplying  a  term  r*c  (e. 
g.,  Suo,  1989a,c,  Wu,  1989),  except  that  now  the  analogs  of  the  angular  functions  I1, 111,  and  I111  of 
(2.1)  no  longer  correspond,  in  general,  to  respective  tractions  of  tensile,  in-plane  shear,  and  anti-plane 
shear  type  along  the  interface  ahead  of  the  tip. 

When  the  material  symmetries  of  joined  anisotropic  solids  are  such  that  in-plane  loadings  produce  no 
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anti-plane  deformations,  and  conversely,  the  real  intensity  factor  Km  still  corresponds  to  stresses  of  type 
Oyt  on  the  interface  (i.  e.,  to  conventional  mode  HI),  as  remarked  by  Bassani  and  Qu  (1989).  However, 
cases  exist  for  which  the  real  intrnsity  corresponds  to  stress  of  type  <Tyy  ("mode  I")  on  the  interface,  and 
tor  which  Cy*  ("mode  U”)  and  <jy2  ("mode  III")  there  are  characterized  by  a  complex  K  with  e  *  0,  and 
hence  art  coupled  and  oscillatory  when  that  K  *  0.  This  situation  occurs,  in  general,  for  interface  cracks 
in  symmetric  tilt  bicrystals  (i.  e.,  two  crystals  of  the  same  material  in  mirror-image  orientation  relative  to 
one  another).  By  symmetry,  the  loading  of  such  bicrystals  solely  by  symmetric  tensile  forces  relative  to 
the  interface  produces  only  oyy  and  no  <jy*  or  oyz  on  the  interface;  hence  such  loadings  produce  complex 
K  *  0  in  that  case  and  generate  only  a  classical,  non-osciliatory  mode  I  singularity  characterized  by  a  real 
intensity  factor.  When  the  crank  tip  coincides  with  the  tilt  axis  of  such  a  symmetric  tilt  bicrystal,  and  when 
that  common  axis  is  also  an  axis  of  crystal  symmetry  such  that  in-plane  and  anti-plane  deformations 
decouple  (e.  g.,  ( 100),  ( 1 10),  or  ( 1 1 1 )  axes  in  cubic  crystals),  it  turns  out,  as  could  be  anticipated  from  the 
special  case\  discussed  so  far,  that  e  »  0  and  the  entire  crack  tip  stress  state  is  then  non-oscillatory  under 
general  loading  (Bassani  and  Qu.  1989). 

Ting  (1986)  has  given  the  general  formula  for  calculating  c  in  terms  of  the  anisotropic  modulus 
tensors  of  the  two  joined  solids  and  also  proven  a  remarkable  theorem  which  shows  that  for  a  given  pair  of 
orientations  of  two  dissimilar  anisotropic  crystals,  t  is  invariant  to  rotations  of  the  interface  plane  about  the 
crack  tip.  Since  e  -  0  in  the  special  cases  involving  symmetric  tilt  bicrystals  noted  in  the  last  sentence  of 
the  previous  paragraph,  it  then  follows  from  the  Ting  theorem  that  e  «  0  also  for  interface  cracks  in 
bicrystals  that  are  asymmetrically  tilted  about  an  axis  of  crystal  symmetry  for  which  in-plane  and  anti-plane 
deformations  decouple,  so  long  as  the  crack  tip  is  along  that  tilt  axis.  In  cases  of  interfacial  cracks  between 
anisotropic  solids  with  t »  0,  it  need  not  follow  in  general  that  the  complex  K  reduces  to  the  classical  K(  + 
/  Ku  (Suo,  1989a.c). 

2.2  Values  of  c  for  ;oined  isotropic  solids.  As  observed  by  Dundurs  (1969),  for  a  bimaterial 
composite  of  isotropic  constituents  under  plane  strain  conditions,  with  traction  prescribed  on  the 

boundary,  stresses  in  the  body  depend  on  only  two  dimensionless  moduli  combinations,  a  and  P, 
defined  as 


(l-V2)/p2-(l-VtVlll 

p_,  1  (l-2v2)/|i2-(l-2vi)/|ii 

e»-L-/n 

[-11 

(l-V2)/ll2  +  (l-V|)/m 

2  (l“V2VP2  +  (l“Vi)/m 

2jc  1 

U+p/J 

a  measures  the  relative  stiffness  of  the  two  materials.  By  requiring  0  <  v  <  1/2  and  >  0,  Dundurs 
showed  that  a  and  0  are  confined  to  a  parallelogram  in  the  (a,  |})  plane  with  vertices  at  (1, 0),  (1, 0.5),  (• 
1,  0)  and  (-1,  -0.5),  so  that  the  maximum  possible  I  e  I  *  0.175.  Calculations  by  Suga  et  al.  (1988)  on 
more  than  a  hundred  material  pairs  suggest  that  the  values  of  P  are  even  more  restricted,  i.e.,  I B I  <  .25, 
implying  that  I  e  I  <  0.08.  Representative  values  of  these  parameters  are  given  in  Table  I.  The  elastic 
constants  used  for  the  calculations  are  taken  from  Hirth  and  Lothe  (1982)  for  all  single  elements  and  Suga 
et.  al  (1988)  for  sapphire  (AI2O3)  fiber  and  MgO.  Note  that  o,  P  and  e  reverse  sign  when  materials  1  and 
2  are  interchanged. 
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TABLE  I  Dundurs  parameters  and  the  oscillatory  index  t. 


bimaterial  (mat'l  l  /  mat'l  2) 

a 

P 

e 

Al /Sapphire 

-.69 

-.143 

.046 

Au /Sapphire 

-.62 

-.053 

.017 

Cu  /Sapphire 

-.47 

-.096 

.031 

Nb  /Sapphire 

-.55 

-.056 

.018 

Ni  /Sapphire 

-.26 

-.063 

.020 

Fe /Sapphire 

-.30 

-.065 

.021 

Au/MgO 

-.53 

-.062 

.020 

Ni/MgO 

-.13 

-.079 

.025 

Cu/Si 

-.04 

.038 

-.012 

2.3  Catalog  of  solutions  for  complex  K.  i)  An  internal  crack:  Analyses  of  collinear  interface  cracks 
between  two  half-planes  of  dissimilar  materials  were  the  subject  of  1963  papers  by  England,  Erdogait,  and 

Rice  and  Sih.  As  an  example,  for  an  internal  crack  of  length  2a  with  stress  state  (o^ ,  oj^)  at  infinity 
(Fig.  3),  the  stress  intensity  factor  at  the  right-hand  crack  dp  is 
K  -  (1  +  2t  c)  (o^y  +  a  (2a)~*c 

»Te*  («+«rew»(2t)l  V(l  +4«2)  n  (2a)"ft  ‘  ' 

We  have  used  +  t  o~« Te*»  in  the  latter  form,  where  T  is  the  magnitude  of  the  remotely  applied 
traction  vector  and  o>  is  its  angle  with  the  y  direction,  to  give  agreement  with  the  form  of  eq.(2.4).  Thus 
the  phase  angle  y  in  this  case  is  o>  +  arctarfjt)  m  a.  Notice  that  the  material  dependence  of  K  in  (2.7) 
is  through  e  only.  This  is  a  feature  common  to  all  problems  of  collinear  interface  cracks  between  two  half 
planes  under  self-equilibrated  traction  on  crack  faces. 

ii)  Crackl dislocation  interactions :  The  problems  of  cracks  interacting  with  various  singularities 
(dislocation,  line  force,  transformation  spot,  etc.)  are  solved  in  Suo  (1989a.b).  The  stress  intensity  factor, 
for  instance,  of  a  semi-infinite  crack  due  to  a  dislocation  with  Burgers  vector  b  ■  by  +  i  bx  at  point  $**{) 
+ 1  yo  in  material  2  (Fig.  4)  is 

K,_E^xai4Jit[(e-«i-i/2-ie  +  etw,-W2-/t)b  +  (i/2  +  ie)e«(s-l)s-3^cb]  (2.10) 
4  fix 

where  1/E*  is  the  average  of  (1— v)/2gi  for  the  two  materials.  One  must  change  w  to  -xe  everywhere  to 
obtain  K  when  the  dislocation  is  in  material  1. 

Hi)  A  thin  film  under  residual  tension:  Consider  a  thin  film  of  thickness  h,  deposited  on  an  elastic 
substrate,  with  residual  tensile  stress  <J  in  the  film  (Fig.  5a).  The  induced  stress  intensity  factor  for  a  long 
crack  is  given  by 

(2.11) 

V  2(1 -n 
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where  a  and  p  are  the  Dundurs'  parameters.  The  phase  angle  y(a,  P)  is  plotted  in  Fig.  5b  for  p  ■  0  (the 
error  due  to  P  *  0  is  small).  This  problem  was  solved  in  Suo  and  Hutchinson  (1989a).  The  thickness  of 
the  substrate  is  assumed  to  be  infinite  in  (2.1 1).  Solutions  for  finite  substrates  can  be  found  in  the  original 
paper.  Argon  et  al.  (1989)  have  used  residual  stresses  in  thin  films  as  driving  forces  to  measure  interface 
toughness. 

iv)  Sandwich  specimens :  Any  homogeneous  specimen  can  be  convened  to  measure  interface 
toughness  by  sandwiching  a  thin  second  material  layer  of  thickness  h,  Fig.6a.  The  residual  stress  in  the 
thin  layer  does  not  contribute  to  K  and,  in  calibrating  such  a  specimen,  one  needs  to  take  account  of  the 
external  loading  only.  This  arrangement  has  been  experimentally  tested  by  Oh  et  al.  (1987)  and  Cao  and 
Evans  (1989)  with  various  reference  homogeneous  specimens.  The  measured  critical  loads  are  first  used 
to  calculate  the  classical  stress  intensity  factors  Kj  and  Kn  as  if  the  specimen  were  homogeneous  (i.  e.,  as 
if  h  *  0)  using,  for  instance,  the  standard  handbook  solutions.  The  iatter  are  then  convened  to  the 
interface  stress  intensity  factor  K.  A  universal  conversion  relation,  which  is  independent  of  the  geometry 
of  the  reference  homogeneous  specimen  when  h  is  small,  is  (Suo  and  Hutchinson,  1989b) 

Kn)h-*e  €•’«(«.  P>  (2.12) 

V  i-p2 

The  phase  angle  shift  relative  to  the  classical  stress  intensity  factor,  ofa,  P),  is  typically  small  and  is 
1  in  Fig.  6b  with  P  *  0. 

;  A  bending  specimen:  The  specimen  illustrated  in  Fig.7a  was  analyzed  by  Charalambides  et  c!. 
(I989a,b)  and  Suo  and  Hutchinson  (1989a).  When  the  crack  is  long  compared  with  the  thickness  of  the 
notched  byet,  h.  the  stress  intensity  factor  is  of  the  form 

K  *  y(o,  P,  h/H)  M  h  e  e  W  («•  P*  WH)  (2.13) 

where  M  is  the  moment  per  unit  width,  and  Y  and  y  as  the  functions  of  a  and  h/H  are  plotted  in  Figs.  7b 
and  7c.  with  p  ■  0.  Thermal  mismatch  stress  between  the  twe  layers  is  a  driving  force  for  crack  extension 
u.,d  analysis  of  that  can  be  found  in  the  above  cited  papers. 


2.4  Crack  opening  displacement  and  energy  release  rate.  Letting  8«  denote  components  of  the 
relative  displacement  of  two  initially  coincident  points  along  the  crack  walls,  for  isotropic  solids 

5y+(5,»(i=a+i^a) - K r 11  (17 - , 

l  Hi  W  /yjt  cosh(xe)(l  +  2ie)  ™ 

very  near  the  tip,  and  the  Irwin-type  energy  release  rate  expression  is 


(2.14) 


m 


where  we  note  that  K  K  *  Kri  £  Kri 1 


.J_L+JL)Kk 
m  4 

,  [Ki(r)l2  +  (Kn(r)]2  -  Y2  T2  L  in  the  notation  of  eq.(2.4). 


1-VJ 

kK 

H2  I 

4  cosh^xe) 

(2.15) 


2.5  Contact  and  range  of  validity  of  complex  K.  Since  eqs.(2.5)  show  that  Kr*  oscillates  with  r  as 
r  -4  0,  (2.14)  shows  that  the  condition  8y  <  0  (i.  e.,  predicted  interpenetration)  must  occur  for  some 
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sufficiently  small  r.  We  can  estimate  the  distance  rCon  over  which  contact  occurs  near  the  tip  as 
approximately  twice  the  r  at  which  5y  or  Cyy  is  first  predicted  to  turn  negative  by  the  solutions  that  ignore 
contact  (more  precise  analyses  of  the  near  tip  contact  problem,  within  linear  elastic  theory,  have  been  gtven 
by  Comninou.  1977.  and  Comninou  and  Schmueser,  1979).  Thus  for  small  e  >  0 

rcwl  *  2L  expi  -  (y  +  x/2 )  /  ej  ,  (2.16) 

and  one  just  changes  e  to  -c.  and  y  to  -y  in  this  equation  when  e  <  0. 

The  predicted  rCon  is  sometimes  of  subatomic  size.  For  example,  tak  %  L  «  3mm.  we  may  ask  how 
small  c  must  be  for  the  predicted  rCon  to  be  less  than  an  atom  spacing  (?f  5  nm).  Considering  material 
combinations  withe  >  0,  the  condition  is  met  wheneve*  <  0.069  if  y  -  +45°,  whenever  e  <  0.046 
if  y  ■  0°.  and  whenever  £  <  0.023  if  y  *  -43°.  These  conditions  are  met  by  most  of  the  combinations  in 
Table  I,  and  by  all  if  we  consider  only  angles  y  >  0.  When  e  >  0,  rCo«  becomes  negligible  (subatomic,  for 
any  laboratory  sized  L)  as  y  -►  90°,  but  rCOa  becomes  of  order  L  as  y  -90°.  The  converse  holds  for 
combinations  with  c  <  0. 

The  predicted  near  tip  contact,  of  which  the  scale  is  not  always  subatomic  as  above,  has  generally 
been  regarded  as  an  obstacle  to  the  development  of  interface  fracture  mechanics.  Clearly,  the  forms  given 
here  for  the  near  tip  stress  and  displacement  fields  must  be  wrong  on  some  sufficiently  small  scale. 
However,  as  Rice  (1988)  has  recently  emphasized  in  discussing  the  plane  strain  state,  the  parameter  K 
entering  those  fields  does  nevertheless  characterize  the  severity  of  the  near-tip  loading  whenever  the  size  of 
a  zone  involving  any  or  all  of  interface  contact,  nonlinear  material  response  (plasticity,  smaller  scale 
microcracking,  transformation),  or  dominance  by  discreteness  of  material  microstructure  (atom  spacing  in 
a  crystal,  fiber  spacing  in  a  composite  treated  globally  as  a  continuum,  etc.)  is  much  smaller  than 
characteristic  macroscale  dimensions  like  crack  length.  Thus  just  as  Kj,  Kq  and  Kni.  and  their  histories, 
uniquely  characterize  the  near  tip  state  in  conventional  fracture  mechanics,  whenever  such  a  size  restriction 
is  met.  so  also  do  (complex)  K  and  Kni  in  interface  fracture  mechanics.  In  fact,  the  singular  stress  and 
displacement  fields  discussed  here  provide  an  intermediate  asymptotic  description  of  those  fields  over  a 
range  of  r  much  smaller  than  a  characteristic  length  like  L  but  much  larger  than  the  near  tip  zone  dominated 
by  contact,  nonlinearity  and/or  discreteness;  the  K  concept  is  valid  when  such  an  intermediate  length  scale 
exists. 


2.6  Fracture  toughness  for  interface  cracks.  Consider  a  bimaterial  specimen  with  a  pre-existing 
interface  crack  and  assume  for  simplicity  that  it  is  loaded  so  as  to  induce  only  in-plane  stresses  of  type  Oyy 
and  (Tyx  (but  no  mode  III  stress  <7yz)  on  the  interface  ahead  of  the  tip.  Since  tension  and  shear  are 
inherently  coupled  for  the  interface  crack,  there  can  be  no  unambiguous  characterization  of  a  mode  I  and 
mode  II  toughness.  Instead  the  toughness  must  be  represented  as  a  magnitude  IKI  ( »  VK^  »  Y  T  VL ) 
of  K  for  each  value  of  the.phase  angle  of  interest,  and  the  phase  angle  is  properly  reported  as  y  of  (2.6) 
based  on  a  chosen  (and  specified)  r.  One  loads  the  specimen  proportionally  (thus  y  and  y  are  fixed), 
records  the  magnitude  of  the  loading  stress,  T,  at  the  onset  of  crack  propagation,  and  then,  with  a  relation 
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of  form  (2.4)  appropriate  for  the  specimen,  calculates  the  corresponding  IKI.  Repeating  this  procedure 
systematically  for  various  y,  e.g.,  by  changing  the  relative  proportions  of  various  loads,  or  by  changing 
crack  length  or  specimen  design,  one  obtains  a  IKIc-y  curve,  referred  to  as  the  toughness  locus  of  the 
interface,  where  the  subscript  c  denotes  the  critical  value.  Within  the  framework  of  elastic  fracture 
mechanics,  this  curve  is  a  property  of  the  interface,  which  is  independent  of  the  specimen  geometry  and 
loading  system.  Since  IKI  is  related  to  the  energy  release  rate  G  by  (2. IS),  it  is  equivalent  to  report  a  Gc-y 
curve  instead. 

Clearly,  the  oscillating  singularity  of  the  interface  ciack  problem  does  not  present  any  essential 
difficulty  :n  engineering  application  of  the  macroscopic  fracture  mechanics  methodology.  Rather,  it  is  the 
mode  mixity  that  complicates  the  method.  A  crack  in  an  isotropic,  homogeneous  brittle  solid  can  usually 
adjust  itself  onto  a  path  with  the  mode  I  state  at  the  tip.  For  this  reason,  classical  fracture  mechanics 
requires  information  primarily  about  only  one  material  property,  namely,  Kjc.  By  contrast,  since  an 
interface  is  often  an  easy  fracture  path,  compared  to  one  through  the  adjoining  bulk  materials,  a  crack, 
even  if  subjected  to  substantial  shear  stresses  ahead  the  tip,  may  tend  to  stay  along  the  interface. 
Consequently,  instead  of  one  material  property,  one  needs  a  curve,  or  toughness  locus,  to  fully 
characterize  the  toughness  of  an  interface. 

Experimental  determination  of  interface  toughness  has  been  attempted  recently  on  several  model 
systems  (Argon  et  al.,  1989,  Cao  and  Evans,  1989,  Charalambides  et  al.,  1989a,b,  Oh  et  al.,  1987),  with 
only  one  of  them  (Cao  and  Evans)  covering  a  relatively  wide  range  of  mode  mixity.  In  principle,  any 
geometry  with  an  interfacial  oack,  with  a  calibration  relation  in  the  form  of  (2.4)  connecting  measurable 
driving  forces  and  stress  intensity  f acton,  may  be  used  as  a  specimen  for  measuring  interface  toughness. 
Thin  films  under  residual  tension,  sandwiches,  and  bending  specimens,  all  discussed  in  section  2.3,  seem 
to  be  especially  suitable  for  measuring  toughness  of  brittle  interfaces. 

3.  Crack  Tip  Competition:  Interface  Cleavage  versus  Dislocation  Emission 

The  Kelly-Tyson-Cottrell  (Kelly  et  al,  1967)  and  Rice-Thomson  approaches  (Rice  and  Thomson, 
1974)  have  focussed  on  the  competition  of  dislocation  emission  and  atomic  decohesion  at  a  crack  tip  as  a 
test  of  whether  a  given  ductile  crystal  is  intrinsically  cleavable.  The  R-T  approach  has  also  been  extended 
to  interfaces  between  ductile  crystals  (Rice,  1976:  Viason,  1979;  Anderson  and  Rice.  1986;  Rice,  1987; 
Anderson  et  al.,  1989;  Wang  and  Anderson,  1989)  but,  so  far,  no  account  has  been  included  of  effects 
like  those  discussed  in  the  last  section  of  dissimilarity  of  elastic  properties  across  such  an  interface.  We  do 
so  here  in  the  form  of  a  simple  version  of  the  R*T  model,  and  apply  it  to  certain  orientations  of  ductile  fee 
metal  crystals  that  are  joined  to  brittle  ceramics. 

In  recent  evaluations  of  the  R-T  model  starting  with  Mason  (1979),  the  energy  release  rate  calculated 
as  necessary  for  dislocation  emission  from  a  crack  tip,  Gn;fi ,  is  compared  to  that  for  cleavage,  GC|MV 
.where  the  latter  is  understood  as  atomistically  brittle  decohesion  of  the  interface.  If  GC|eiv  >  ,  one 

expects  that  a  dislocation  will  emanate  from  the  crack  tip,  producing  a  blunted  crack  and  spoiling  the  stress 
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concentration,  before  conditions  for  atomic  decohesion  can  occur.  It  is  then  assumed  that  failure,  if  to 
occur  from  processes  at  that  crack  tip,  must  be  by  some  ductile  mechanism,  at  least  when  there  is  adequate 
mobility  of  dislocations  in  moving  away  from  the  crack  tip  once  they  have  been  generated  there. 
Conversely,  if  Gjjj,|  >  G^y ,  the  crack  tip  remains  stable  against  dislocation  blunting,  i.  e„  atomically 
sharp,  and  it  is  assumed  that  atomic  decohesion  can  occur  leading  to  a  cleavage-like  brittle  interfacial 
fracture.  We  then  say  that  the  interface  is  intrinsically  cleavable  from  that  crack  tip.  The  qualifyer 
'intrinsically"  emphasizes  that  in  materials  capable  of  plastic  flow  the  matter  of  whether  cleavage  will 
actually  occur  is  strongly  dependent  on  plastic  flow  properties  (and  hence  on  hardness,  loading  rate  and 
temperature).  This  is  because  the  ease  of  plastic  flow  in  material  surrounding  the  crack  tip  which  will 
control  whether  that  dp  remains  atomically  sharp  against  externally  generated  dislocations  that  may  move 
towards  it  along  slip  planes,  and  also  whether  the  surroundings  can  support  enough  stress  to  actually 
allow  the  condition  G  *  G^y  to  be  attained  locally  at  such  an  atomically  sharp  crack.  Metal/ceramic 
interfaces  that  are  judged  not  to  be  intrinsically  cleavable  may,  of  course,  sometimes  fail  by  atomically 
brittle  cracking  near  the  interface  in  the  ceramic. 

Aspects  of  interfacial  fracture  other  than  those  reflecting  dissimilarity  of  properties  of  the  two 
adjoining  materials,  which  is  the  focus  here,  have  been  reviewed  recently  by  Rice  and  Wang  (1989)  and 
the  reader  is  referred  there  for  further  discussion. 

3.1  Cleavage  decohesion.  The  simplest  model  of  cleavage  decohesion  is  provided  by  the  elastic- 

brittle  Griffith  model,  which  estimates  Gc|eav  as  the  work  2yjnt  of  reversibly  separating  unit  area  of 
interface: 

^cleav  *  2Yitu  (3.1) 

where,  in  absence  of  matter  diffusion  to  or  from  the  interface  during  separation  (see  section  4), 

2Y»nt  *  fs.i  +  f$,2  “  ft/2  (3.2) 

Here  subscripts  1  and  2  refer  to  the  two  solids,  fj,i  and  f u  are  surface  free  energies  for  the  faces  of  solids 
1  and  2  that  are  exposed  by  fracture  and  fj/j  is  the  free  energy  of  the  1/2  interface  existing  before  fracture. 

Cohesive  zone  models  incorporate  some  further  details  of  the  separation  process.  In  the  simplest 
versions,  containing  no  account  of  lattice  discreteness  in  directions  parallel  to  the  interface,  the  interfacial 
region  is  represented  as  two  joined  elastic  continua  which  interact  with  one  another  such  that  a  stress 
versus  separation  relation,  Oya  *  d+(8x»  8y.  5zV38a  (a  *  x,  y,  z)  applies  along  the  gradually  decohering 
interface.  Here  $  is  the  potential  of  the  cohesion,  #0, 0, 0)  corresponds  to  f^ ,  and  $(5*,  «•,  Sz)  to  f,tI  + 
f$.2*  Provided  that  the  two  crack  walls  can  be  pulled  apart  quasistatically  to  full  separation,  in  a  crack-likc 
mode,  without  local  dynamic  instabilities  or  dislocation  or  other  inelastic  processes  within  the  two  solids,  a 
well  known  argument  based  on  the  J  integral  shows  that  this  model  gives  the  same  result  as  (3.1,2),  at 
least  in  typical  circumstances  when  the  zone  undergoing  decohesion  is  much  shorter  than  the  overall  crack 
length  (e.  g..  Rice,  1987). 

However,  effects  relating  to  lattice  discreteness  cause  local  instabilities  during  separation  and  make 
2yj;,l  a  lower  bound  to  G^y  even  when  no  dislocations  are  left  in  the  material  after  passage  of  the  crack. 
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One  such  effect  is  "lattice  trapping";  cunent  estimates  (e.  g„  Thomson,  1983, 1986)  suggest  that  it  only 
slightly  raises  G^y  above  2fM.  Another  effect,  which  has  not  yet  been  quantified  but  may  be  important 
given  the  inevitably  coupled  x  and  y  direction  displacing  that  will  occur  during  interfacial  separation 
between  materials  of  strong  dissimilarity  in  elastic  properties  (in  which  effects  relating  to  the  presence  of  e 
of  the  last  section  are  non-negligible),  involves  local  instabilities  in  shear  displacement  effectively 
corresponding  to  dislocation  formadon  in  the  interface  region  as  it  is  being  pulled  apart. 

3.2  Dislocation  emission.  Conditions  for  dislocation  emission  on  a  panic  dar  slip  system  are  not 
fundamentally  expressible  as  a  critical  value  of  G,  but  raiher  as  some  critical  value  of  a  linear  combinador. 
of  K|,  K|i,  and  Kui  (or  their  generalizations  like  in  eqs.2.3)  which  characterize  the  shear  stress  along  that 
slip  plane.  Thus  while  Gd^y  may  be  regarded  as  constant,  at  least  vithin  the  Griffith  model,  G<uji  will 
not  have  a  fixed  value  but,  rather,  will  depend  on  the  ratios  of  the  K's  to  one  another. 

For  example,  the  shear  stresses  on  a  slip  plane  which  intersects  the  interface  along  the  crack  tip  (fig. 
8)  arc  oer  and  <tyz.  Resolving  these  in  the  direction  of  the  Burgers  vector  b  for  that  system,  with  edge  and 
screw  components  i*  and  b*,  respectively,  gives  the  force  driving  a  straight  dislocation  line  away  from  the 
crack  tip  as 

femit  -  <j«r  br  +  oo,  b,  -  Jl-  [  Re  (K  r*‘)  St  +  /m  (K  r*c)  S»  +  Km  Sm  ]  (3.3) 

r xri 

where  b  is  the  magnitude  of  b,  the  dislocation  line  is  at  distance  r  from  the  tip,  the  (c\  p  *  r,  8,  z)  are 
the  stresses  of  (2.1),  and  each  Sj  is  defined  by 

Sj  -  (dVb)  4(0)  +  (b,/b)  4(0)1  /V2x  (J  - 1,  n,  01)  .  (3.4) 

Here  8  is  the  angle  of  the  slip  plane  (fig.  8)  and  the  log  are  from  (2. 1).  For  joined  isotropic  solids 

St  *  4(0) cos  ♦  / Vi*  ,  Sti  «4(0)coj  ,  Sm  -  cos  Qilsin  t/V2x  (3.3) 

1  n 

where  £^(0)  and  L^(0)  are  given  in  the  Appendix  and  plotted  in  fig.  2,  and  ^  is  the  angle  which  the 
Burgers  vector  makes  with  the  normal  to  the  crack  tip,  fig. 8.  Eqs.(3.3,4)  are  also  valid  for  joined 
anisotropic  solids  with  the  interpretations  given  earlier. 

The  "image"  force  component  opposing  outward  motion  of  the  dislocation  line,  and  drawing  it  back 
into  the  tip,  has  been  solved  for  by  Rice  (1983)  for  the  general  case  of  joined  anisotropic  solids. 
Remarkably,  it  depends  only  on  the  elastic  properties  of  the  material  (1,  in  the  present  case)  in  which  the 
dislocation  resides,  and  is 

fiima*  -  “baAojjbp  (3,6) 

where  Aap  is  the  pre-logarithmic  energy  factor  matrix  of  a  straight  dislocation  line  in  that  material,  i.  e., 
baAojjbp  is  the  factor  which  appears  when  the  energy  per  unit  length  of  dislocation  line  is  written  as 
^dislocation  -  baAogbp  In  (rMta/rcon)-  When  material  l  is  isotropic 

Ajt - Aee - - — - ,  An*  —  ,  other Aofl ■  0  .  (3.7) 

4x(l-vt)  4x 
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Thus,  using  the  simplified  emission  criterion  (e.  g..  Thomson,  1986)  that  ftmu  ■  fimafe  for  r  ■  rc,  the 
dislocation  core  size,  which  also  assures  (hat  ftmu  >  fimage  for  all  r  >  rc,  the  critical  combination  of 
intensity  factors  estimated  as  necessaty  for  dislocation  emission  is  given  by 

(/?e (K b,e) Sj +  /m (K b<c) S|i  +  Kjh S|u  )di$t  *  baAoj}bp / ( b r^2 ) 

(  »  b  (coj20  +  (1-vj)  rm2q  J  /(4it(l-V|)  r^2 )  for  isotropic  solid  l )  (5.8) 

Here  we  have  taken  advantage  of  the  fact  that  K  ri«  is  a  slowly  varying  function  of  r,  given  the  small 
values  of  e,  in  the  sense  (hat  K  ri*  5  K  b*  for  all  r  of  order  b  and,  since  core  size  rc  will  always  be  of 
order  b,  we  have  just  replaced  K  r*  by  K  o'*  in  (3.3). 

Atomic  scale  phase  angle  y '.  We  may  write 

Kb,c  *  |K|ef*'  -  cosh  «  VgF  e**'  (3.9) 

where,  again,  1/Ea  is  the  average  of  (l-v)/2p,  so  that  this  equation  defines  an  atomic  scale  phase  angle. 
denoted  as  y '.  It  is  related  to  the  angle  y  in  the  generic  form  of  (2.4)  for  K  by 

y'  ■  y-e/n  (Ub) .  (3.10) 

This  y '  is  just  a  special  version  of  y  of  eq.(2.7)  but,  unlike  the  typical  situation  for  y  when  the  r  on 
which  it  is  based  is  chosen  to  be  on  the  laboratory  scale,  the  difference  between  y '  and  y  will  typically  be 
significant.  This  is  because  L  is  generally  macroscopic  and  b  is  of  order  0.23  run.  For  example,  if  L  3  3 
mm,  y '  3  y  -  17  c  ,  which  is  a  significant  change  from  y  even  for  the  smaller  e  in  Table  I.  As  a 
consistency  check,  one  should  assure  that  -it/2  <  y '  <  +ic/2  for  use  of  the  above  expressions  for 
dislocation  nucleation;  the  condition  effectively  assures  tha:  interpenetration  is  not  predicted  over  a  scale  as 
large  as  a  lattice  spacing  near  the  crack  tip. 

Finally,  considering  joined  isotropic  solids  under  in-plane  loadings,  so  that  Km  ■  0  and  the  near  tip 
field  is  fully  characterized  by  K,  Gdi*i  may  be  calculated  from  (3.8)  and  (2.13).  After  using  (2.8)  to 
rearrange  seme  terms,  the  result  is 

_ cos  +  +  (t  -  vQrm  +tan  0 _ 

4 Vic  cosh  xt  ( 1^(0)  cos  y '  + 1^(0) sin  y') 

It  is  seen  that  G<m  depends  on  the  phase  angle  y and  hence  on  the  mode  mixity  of  the  applied  loadings. 

In  fact,  the  above  result  applies  only  for  the  range  of  y '  such  that  1^(0)  cos  y '  +  1^(0)  sin  y '  >  0  ; 
otherwise,  the  direction  of  shearing  along  the  slip  plane  considered  does  not  tend  to  drive  a  dislocation 
away  from  the  tip,  and  emission  cannot  occur  on  that  plane.  Since  Gcieev  is  independent  of  y ',  at  least  for 
the  Griffith  model,  it  may  occur  that  G^-.i  <  Gckav  for  one  range  of  y '  and  G<uji  >  Gcieav  for  another. 
Thus  the  nature  of  crack  tip  response  is  not  universal  but  depends  on  the  mode  mixity  of  the  applied 
loading. 

Previous  studies  based  on  non-oscillatory  crack  tip  fields  and  semi-circular  loop  model.  We  note  that 
the  modeling  of  dislocation  emission  from  an  interfacial  crack  tip  is  somewhat  more  advanced  in  cases  for 
which  there  is  a  conventional  non-oscillatory  singularity  at  the  tip.  These  cases  are  equivalent  to  setting  e 
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(l-v,)(l-o)rc 


(3.11) 
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*  0  in  the  representations  of  the  near-tip  field  here  and  letting  K  denote  the  classical  Kj  +f  Kj|.  Such  cases 
include  symmetric  tilt  bicrystals  as  discussed  earlier. 

Here  we  summarize  recent  studies  modeling  the  emission  of  a  semi-circular  dislocation  loop  from  a 
crack  tip  (Arderson  ,1986;  Anderson  and  Rice,  1986;  Wang  et  al.,  1987;  Wang  and  Anderson,  1989). 
These  studies  proceed  like  in  Mason  (1979)  calculating  the  energy  U  of  a  semi-circular  loop  of  radius  R 
introduced  into  a  stressed  solid  at  the  crack  tp,  and  determine  R,  as  well  as  the  combination  K(  S[  +  K|j  Sn 
+  Km  Shi  (with  the  Sj  defined  as  in  eq.  3.4),  at  nudeation  from  the  conditions  that  9U/dR  *  0  and 
D-U/3R2-0.  The  result  is 

{  KjSj  +  Kji  S»  +  Km  S»I  )disl  »  0,76  IT  (EWg^RAo)  {3.12) 

Here  Ao  is  the  pre-logarithmic  energy  factor  appearing  in  the  expression  U  ■  2JtRAo/«(8R/e2rc)  for  the 
energy  of  a  full  circular  shear  loop  of  the  same  orientation  in  an  uncracked  solid;  Ao  ■  (2-v)nb2/8x(l-v) 
s  p.b-/lO  for  an  isotropic  solid.  is  the  energy  of  the  ledge  produced  at  the  blunted  crack  front  due  to 
dislocation  emission;  Anderson  (1986)  estimates  EM|efcAo  *0.1  to  0.6  for  various  cubic  metals.  The 
factor  m  has  been  calculated  for  shear  loops  at  a  crack  tip  by  Gao  and  Rice  (1989);  it  arises  in  the  exact 
(within  continuum  elasticity)  expression  U  ■  xRAo/n(8tnR/e2rc)  for  the  self  energy  of  a  semi-circular 
shear  loop  of  radius  R  emanating  from  the  crack  tip;  m  depends  on  0  and  +  (fig.  8)  with  typical  values  in 
the  range  from  about  1  to  2. 

For  some  materials  dislocations  may  be  nucleated  in  dissociated  form  as  a  pair  of  partials.  In  that  case 
terms  related  to  the  stacking  fault  energy  and  the  interaction  energy  between  the  partials  must  be  included 
(Anderson.  1986;  Anderson  and  Rice,  1986;  Wang  and  Anderson,  1939).  Taking  m  »  1.5,  EWjc/xAo  * 

0.3  and  p  *  30°  as  representative,  and  using  expressions  for  identical  isotropic  solids  with  v  «  0.3, 
predictions  from  the  simpler  model  leading  to  (3.8)  and  the  presumably  more  exact  expression  of  (3.12) 

can  be  compared.  The  results  are  fairly  close  to  one  another;  the  fonner  gives  0.1  l^b/r^2  and  the  latter 

0. 1 3p.b/r(!/2  for  the  value  of  Kj  Si  +  Kn  Sn  +  Km  Sm  at  nudeation. 

Bicrystal  experiments.  Although  as  noted  earlier,  the  R-T  model  does  not  address  important  facets  of 
ductile  versus  brittle  failure  relating  to  viscoplastic  material  response,  the  modd  has  enabled  rationalization 
of  observed  intrinsic  behavior  for  various  systems.  These  include  the  orientation  and  cracking  direction 
dependence  for  a  series  of  ( 1 10)  symmetric  tilt  Cu-Bi  alloy  bicrystals,  with  interfacial  cracks  introduced  in 
directions  such  that  their  tips  are  along  the  tilt  axis,  as  studied  recently  by  Wang  (1988, 1989).  Predictions 
of  Gdist  and  Gcieav  for  the  bicrystals  tested  were  made  by  Wang  and  Anderson  (1989)  based  on  a 
formulation  like  in  eq.(3.12)  and  with  structural  and  segregation  models  for  2yjnt.  Behavior  of  the  19 
[  1 10]  symmetric  tilt  bicrystal,  with  (2?1)  interfacial  plane,  is  especially  interesting.  It  can  be  cracked 
under  tensile  loading  in  a  brittle  manner  along  the  interface  when  the  direction  of  crack  introduction  is 

[1 14],  but  the  interface  does  not  crack  and  failure  is  instead  ductile  when  the  direction  of  attempted 
cracking  is  in  the  opposite  direction,  i.  e.,  in  the  [114]  direction.  Theoretical  calculations  based  on 
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expressions  like  0.12)  have  been  shown  (Anderson  and  Rice.  1986:  Wang  and  Anderson  1589)  to  r : edict 
a  much  higher  value  of  Gd»»j  (under  the  same  pure  mode  I  loading)  for  the  (1U)  cracking  direction  than  for 
the  (Il4)  direction:  this  is  due  to  the  different  orientations  of  potentially  relaxing  slip  systems  relative  to  the 
crack  tip  in  the  two  cases.  Accordingly,  the  observed  behavior  can  be  explained  as  a  case  of  Gdetv  being 

reached  before  Gdisl  for  the  brittle  (l  14)  direction,  but  Gjjji  before  Gcicav  for  the  ductile  (Il4)  direction. 
Thus,  as  Rice  and  Wang  (1989)  pointed  out,  it  oversimplifies  to  say  that  an  interface  is  intrinsically 
deavable,  because  G^j  is  not  a  fixed  number  for  a  given  interface  but  depends  on  the  direction  of  crack 
growth  along  it.  as  well  as  on  the  mixity  of  shear  with  tensile  loading  relative  to  the  crack.  Similar 
orientation  and  cracking  direction  dependence  is  to  be  expected  for  interfaces  between  dissimilar  materials, 
such  as  typical  metal/ceramic  interfaces,  and  these  effect  are  embodied  by  our  expression  in  (3.8)  for  Gdut 
We  illustrate  uiem  in  the  next  subsection  in  analysis  of  Cu/AHOj  interfacial  fracture  specimens. 

3.3  Application  to  single  crystal  Cu/sapohire  interfaces.  Consider  a  four-point  bending  specimen  of  a 
Cu  single  crystal  bonded  to  a  layer  of  sapphire  (fig.  9a, b).  The  sapphire  layer  is  notch  cracked  to  the 
interface  and  a  central  crack  continues  along  the  interface.  The  Cu  single  crystal  is  oriented  in  all  cases  that 
we  consider  so  that  the  crack  fronts  at  both  ends  lie  along  the  intersection  of  a  pair  of  ( 1 1 1 )  slip  planes  of 
the  Cu  crystal  with  the  interface;  i.  e.,  the  crack  tip  lies  along  (1101  in  the  Cu  in  all  cases.  This 
configuration  allows  application  of  the  simpte  model  developed  in  the  preceding  section,  summarized  as 
eqs.  (3.8.  10.  11). 

For  simplicity,  and  because  some  of  the  solutions  needed  would  not  otherwise  be  available,  we 
neglect  the  elastic  anisotropy  of  the  Cu  and  AhOj  here.  Both  are  treated  as  elastically  isotropic,  and  we 
use  averaged  properties  for  each  as  in  preparing  Table  I.  The  thickness  h  of  the  sapphire  is  assumed  to  be 
1  mm  in  fig.  9a  and  b,  and  the  ratio  of  Cu  to  sapphire  thickness  to  be  3.  Also,  the  crack  length  is 
assumed  long  enough  for  the  analysis  summarized  by  eq.  (2.13)  and  fig.  7  to  apply.  For  the  present  case, 
a  *  -0.47  and  e  *  0.03 1 .  From  fig.  7c,  y  ■  -52°  at  the  two  crack  tips  in  all  cases  (we  reverse  the  signs  of 
a,  e  and  y  in  reading  fig.  7  since  the  1  and  2  labelling  of  the  materials  is  interchanged  there:  here  1  is  Cu 
and  2  is  AI0O3).  Thus  the  phase  angle  y '  of  (3.10)  relevant  to  crack  tip  events  at  the  atomic  scale  is,  since 
L  s  h  for  the  definition  of  y  in  (2.13), 

y '  =  y  -  e  /*  (h/b) «  -32°  -  0.03 1  In  ( 1  mmA).25nm) »  -52°  -27°  -  -79°  (3.13) 

This  is  a  significant  phase  shift  (The  effects  of  non-zero  e,  and  of  the  associated  variable  loading  phase 
conditions  near  the  crack  tip,  can  often  be  neglected  in  engineering  applications  of  interface  fracture 
mechanics,  as  suggested  by  Hutchinson  (1989),  especially  in  a  small  e  situation  iike  the  present  case. 
However,  since  we  are  here  dealing  with  a  process  occurring  at  the  atomic  scale,  the  predicted  shift  of  the 
phase  angle  (-27°)  relating  to  £  is  significant  and  has  some  possibly  testable  consequences.  The  entire  £ 
effect  of  consequence  is,  however,  only  in  the  shift  of  the  phase  angle;  the  small  nen-zero  £  of  0.031  has 
negligible  effect  on  the  functions  1^(9),  as  can  be  seen  from  fig.  2. 

Values  of  Gdisl  have  been  calculated  from  (3.11)  for  various  crack  tips  in  fig.  9,  and  results  are 
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summarized  below.  The  favored  of  the  two  ( 1 1 1 )  slip  planes  passing  through  each  tip  is  that  on  which 
the  combination  involving  y '  in  the  denominator  in  (3.1 1)  has  the  largest  value;  if  y  *  is  such  that  the 
combination  is  negative  for  both  systems,  then  dislocations  cannot  be  nucleated  on  them.  We  assumed 
that  the  dislocations  nucleate  in  dissociated  form  and  that  the  controlling  event  is  the  nucleation  of  the 
second  partial.  This  is  treated  approximately  by  evaluating  (3.1 1)  with  $  -  60°  and  rc  ■  b  -  0.15  nm  for 
the  partial  (and  with  4|  »  5  x  10*0  N/m2  and  Vj  -  0.3  for  Cu).  We  note  that  the  comparison  of  (3.8)  with 
13.12)  above  suggests  that  the  actual  Gjuj  may  be  of  order  50%  higher  than  what  we  estimate  from  (3.11); 
also,  GdUl  is  proportional  to  b/rc,  and  the  proper  choice  of  core  size  rc  is  quite  uncertain.  Thus  the 
magnitudes  that  we  repots  for  G<ki  should  be  taken  in  a  somewhat  qualitative  sense,  although  their  relative 
sizes  in  different  cases  will  presumably  correlate  the  ease  of  dislocation  nucleation  in  those  cases. 

t221)cu  interface,  (1 14]  cracking  direction  (right-hand  crack  tip  in  fig,  9a).  The  two  slip  planes 

which  pass  through  the  crack  front  are  (ill)  and  (ITT),  with  0  »  15.8°  and  125.3°,  respectively.  Due  to 
the  large  negative  phase  angle,  *79°.  for  the  crack  tip  field,  shear  stresses  on  only  the  (ITT)  system  are 
favorable  for  nucleation  and  we  find  from  (3.i  i)  that  G&I M  0.86  J/m2. 

(2?l)cu  interface,  (Il4]  cracking  direction  (left-hand  crack  tip  in  fig.  9a).  The  (ill)  and  (ill) 
planes  are  at  0  *  54.7°  and  164.2°,  respectively,  relative  to  the  crack  direction.  The  former  is  not 
favorably  stressed  for  nucleation  in  the  >79°  near-tip  loading  phase,  and  the  tatter  is  favorably  but  only 
poorly  stressed.  Thus  nucleation  occurs  on  the  (ill)  plane,  but  only  at  G^  «  4.9  J/m2. 

Thus  there  is  a  more  than  factor-of-five  difference  between  the  Gdai  values  for  the  two  directions  of 
crack  growth  along  the  same  (2?l)cu  interface.  If  Gcicav  for  the  interface  lies  in  the  broad  range  between 
0.86  and  4.9  J/m2,  then  dislocation  blunting  should  occur  at  the  right-hand  crack  tip  in  fig.  9a,  whereas 
interfacial  decohesion,  unimpeded  by  dislocation  nucleation,  should  occur  at  the  left-hand  tip.  Even  if 
Gcieav  lies  somewhat  below  that  range,  one  should  still  expect  strong  differences  in  brittleness  for  the  two 
cracking  directions,  since  the  different  Geu  reflect  different  intensities  of  resolved  shear  stress  along  near¬ 
tip  slip  planes,  which  should  also  be  important  for  the  motion  of  pre-existing  dislocations  in  the  crystal 
lattice. 

Thus  we  have  reached  the  same  conclusion  for  the  bimaterial  interfaces  as  that  for  metal  bicrystal 
boundaries  discussed  above:  It  oversimplifies  to  say  that  an  interface  is  intrinsically  cleavable.  The  ductile 
vs.  brittle  response  of  an  interface  is  expected  theoretically  to  be  crack  direction  dependent,  and  that 
expectation  has  been  supported  experimentally  by  Wang's  (1989)  results  on  symmetric  [i  10]  tilt  Cu 
bicrystals,  with  (221)  boundary  plane,  loaded  in  tension.  That  (221)  boundary  of  Wang's  bicrystal 
involves  the  same  crystal  plane  as  that  just  discussed  as  the  interface  for  the  Cu/sapphire  layer  combination 
in  fig.  9a.  Both  cases  lead  to  theoretical  prediction  of  strong  crack  direction  dependence.  What  is  also 

remarkable,  however,  is  that  the  brittle  [114]  direction  for  the  tensile-loaded  Cu  bictystal  is  the  ductile 
direction  for  the  Cu/sapphire  composite  loaded  in  bending  and,  conversely,  the  ductile  [Tl4]  direction  for 
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the  bicrystal  in  tension  is  the  brittle  direction  for  the  composite  in  bending!  This  is  all  due  to  the  distinctly 
different  loading  phase  angles  at  the  crack  tips. 

(OOl)cu  interface,  (TlO)  cracking  direction  (right-hand  crack  tip  in  fig,  9b),  or  (llO)  cracking 
direction  ( left-hand  crack  tip  in  fig  9b).  These  two  cases  give  identical  G^ui  because  of  the  symmetry; 
there  is  no  crack  direction  dependence  for  the  two  directions  considered.  At  both  crack  dps  0  ■  54.7°  and 
125.3°  for  ( 1 1 1 1  slip  planes  through  the  tip.  Tne  first  plane  is  not  favorably  stressed  for  nucleation, 
given  the  local  -79°  loading  phase,  but  the  latter  is  and  one  again  finds  Gdisl  *  0.86  J/m2.  Thus  this 
interface  is  expected  to  be  ductile  (or  comparatively  ductile,  if  Gci«v  is  somewhat  below  0.86  J/m2)  for 
both  crack  direcrfons  considered. 

We  can  better  understand  this  case  with  reference  to  fig.  10,  in  which  Gdisl  as  emulated  from  (3.1 1) 
is  shown  as  a  function  of  the  atomic  scale  phase  angle  y '  at  the  crack  tip;  the  slip  system  on  which  the 
dislocation  nucleates  is  also  indicated.  (For  the  (221)  boundary  of  fig.  9a,  a  pair  of  such  plots  would  be 
needed,  one  for  each  growth  direction.)  Evidently,  the  bending  specimen  of  fig.  9b,  with  y '  » -79°, 
coincides  with  a  broad  minimum  in  Gdisf.  other  specimen  designs,  or  other  modes  of  stressing  the  crack 
tip,  could  lead  to  higher  Gdisl  values  and  hence  would  be  likely  to  show  more  brittie  response.  E.  g.,  the 
most  brittle  case  is  when  y ' » -15°,  for  which  case  Gdisl  *  3-5  J/m2.  For  Cu/sapphire  specimens  with 
characteristic  dimensions  of  order  1  mm,  that  most  britde  case  occurs  when  the  angle  y  as  introduced  in 
(2.4)  is  3  4-12°.  Some  results  for  other  test  specimens  are  as  follows: 

(001)cu  interface,  like  in  fig.  9b,  but  with  the  Cu  and  sapphire  interchanged.  The  configuration 
considered  is  like  in  fig.  7a,  with  1  denoting  Cu  and  2  sapphire.  One  finds  y  «  1°  and  thus  y '  *42°-27° 
»  15°,  which  corresponds  to  Gdisl  *  1*42  J/m2. 

(00l)cu  interface,  along  which  a  l  mm  sapphire  layer  is  bonded  to  a  1,5  mm  Cu  crystal  layer; 
wedging  forces  act  normal  to  the  surface  of  a  long  crack  between  them.  The  different  layer  thicknesses 
are  chosen  to  match  bending  resistance.  This  case  has  a  phase  y  a  0,  thus  y '  a  -27°  and  Gdisl 2  5  *94 
J/m2;  it  should  be  much  more  brittle  than  the  other  specimens  considered. 

(001)cu  interface  as  in  Jig.  9b;  micracrack  ahead  of  main  crack  as  in  fig.  9c.  The  microcrack  is 
treated  for  simplicity  as  a  tunnel  crack  with  center  at  distance  rm  ahead  of  the  macrocrack  tip;  its  end  B  is 
closest  to  the  macrocrack  tip  and  end  A  grows  in  the  same  direction  as  the  macrocrack.  The  important, 
factor  is  that  the  atomic  scale  phase  angle  y '  is  different  at  the  two  ends  A  and  B  of  the  microcrack,  so 
Gdisl  is  different  too.  We  estimate  y '  at  B  by  regarding  the  microcrack  as  a  crack  of  length  2a  under  a 
remotely  uniform  stress  field,  like  in  eq.(2.9)  and  fig.  3;  that  remote  stress  field  is  equated  to  the  local 
stress  which  would  have  acted  at  distance  rm  ahead  of  the  macrocrack  tip  (i.  e.,  at  the  center  of  the 
microcrack}  if  the  microcrack  were  not  present.  Thus,  since  the  concern  is  with  tip  B,  the 

+  i  a"x  (  *  T  e  *  “ )  for  use  in  (2.9)  is  chosen  as  CTyy  -  /  C lyx  as  would  exist  along  the  interface  at 
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distance  rm  ahead  of  the  macrocrack  dp  if  the  microcrack  were  absent.  Thus  the  phase  to  of  (2.9)  *  -y  +  e 
/n(h/rm).  where  y  ■  -52°  as  before  from  the  bending  analysis  based  on  fig.  7.  Therefore  the  atomic  scale 
phase  y '  at  B  is,  from  (2.9)  and  (3. 10)  with  L  taken  as  2a  in  the  latter,  y  *  *  o> + 2e-  e  In  (2a/b)  ■ 
-y  “  c  In  (2armAtb).  Choosing  h  and  b  as  in  (3.13)  and  assuming  rm  ■  10pm  and  2a  *  5pm  gives  y '  - 
520  -  6°  *  46®  and  Gdisi  »  l .  19  J/m2  (increasing  or  decreasing  both  rm  and  2a  by  a  factor  of  5  decreases  or 
increases  y '  by  about  6°  but  has  little  effect  because  the  range  is  near  the  broad  relative  minimum  for  Gdisi 
at  positive  y  '  in  fig.  10).  A  similar  analysis  gives  y '  ■  -74°  and  Gdisi  ■  0.86  J/m2  at  end  A  of  the 
microcrack,  close  to  the  result  for  macrocrack  tip  C.  It  fortuitously  turns  out  for  the  configuration  of  figs. 
9b.c  that  all  crack  lips  map  close  to  minima  in  the  Gdisi  vs.  y '  relation,  but  that  for  end  B  is  about  40% 
higher  which  is  consistent  with  more  brittle  behavior  at  B. 

While  we  do  not  pursue  it  here,  it  is  possible  to  find  configurations  for  which  there  is  strongly 
different  behavior  predicted  at  the  two  ends  of  such  a  microcrack,  as  hinted  by  the  variations  in  fig.  10.  In 
cases  for  which  a  substantially  higher  Gdisi  is  found  at  end  B,  we  may  expect  that  macroscopic  fractures 
could  occur  by  microcracks  forming  ahead  of  the  main  crack  and  propagating  backwards  to  join  up  with  it. 

(001)cu  interface  in  specimen  of  shape  like  in  fig.  9o,  but  with  Cu  in  the  form  of  a  25  pm  film 
bonded  to  sapphire  on  both  sides.  The  upper  pan  of  the  bend  specimen  in  fig.  9b  as  well  as  the  notched 
layer  at  the  bottom  are  sapphire  in  this  case;  the  Cu  is  present  only  a«  a  thin  sandwich-like  film.  This 
configuration  is  similar  to  an  experimental  arrangement  by  Evans  (1989)  and  coworken  on  an  Au  film 
between  sapphire  layers.  We  may  use  the  analysis  from  fig.  7  to  find  the  classical  K[  and  Ku  at  the 
macrocrack  tip  whin  there  is  no  sandwich;  their  phase  angle  is  -46°.  Using  the  sandwich  solution  of 
figure  6,  one  then  determines  that  the  phase  y  -  -39°  based  on  characteristic  length  L  equal  to  the  25  pm 
sandwiched  layer  thickness.  Thus  the  atomic  scale  phase  y '  ■  -59°  at  the  main  crack  tip  C,  and  Gdisi  ■ 
0.93  J/m2  there.  If  we  again  assume  that  a  microcrack  exists  ahead  of  the  main  crack,  like  in  fig.  9c,  the 
phase  angle  at  distance  rm  ■  10  pm  in  the  absence  of  that  microcrack  would  then  be  -41°.  Proceeding  as 
above  with  the  same  microcrack  sire  one  finds  y '  -  27°  at  microcrack  tip  B,  so  that  Gdisi  ■  1.21  J/m2 
there,  and  y ' » -55°  so  that  Gdisi ■  0.97  J/m2  at  tip  A.  Again,  tip  B  is  predicted  to  be  more  brittle  than  A, 
although  the  difference  is  smaller  in  this  case. 

Based  on  measurement  of  the  contact  angle  between  AI2O3  particles  and  a  Cu  matrix  at  high 
temperature,  it  was  reported  (Nicholas,  1968)  that  the  work  of  adhesion  W*j  »  0.475  J/m2.  This  value 
may  be  taken  as  an  approximation  to  2^,  for  the  Cu/sapphire  interface  at  room  temperature.  If  it  is 
correct,  and  if  there  are  no  strong  lattice  trapping  effects,  then  our  estimates  of  Gdisi  above  suggest  GC|eav 
<  Gdisi  for  oven  the  most  ductile  Cu  orientations  considered,  and  the  interface  is  intrinsically  cleavable. 
Still,  the  differences  in  Gdisi  for  different  cases  signal  different  amounts  of  shear  stress  resolved  onto  near 
tip  slip  systems  and,  as  mentioned,  Gdisi  is  therefore  still  expected  to  correlate  with  the  relative  brittleness 
of  response. 
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4.  Effect  of  Solute  Segregation  on  Imcrfreial  Embriokmcm 


We  review  briefly  studies  of  impurity  segregation  at  ceramic  and  metal/ceramic  interfaces  and  then 
dose  with  discussion  of  thermodynamic  interrelations  between  adsorption  at  interfaces  and  the  ideal  work 
2yin(  of  their  brittle  separation.  For  the  latter  discussion,  the  thermodynamic  framework  of  Rice  (1976) 
and  Hirth  and  Rice  (1980),  as  used  recently  by  Rice  and  Wang  (1989)  and  Anderson  et  al.  (1989)  in 
analysis  of  intergranular  embrittlement  of  Fe-base  alloys,  is  stated  in  a  manner  appropriate  to  interfaces 
between  dissimilar  solids,  e.  g.,  to  metal/ceramic  interfaces.  Impurity  segregation  may  reduce  or  enhance 
2’/^  depending  on  the  relative  propensity  of  segregation  to  the  interface  vx.  to  the  pair  of  surfaces  which 
result  after  separation.  Normal  segregators  locate  more  abundantly,  at  a  given  equilibrating  potential,  on 
the  pair  of  surfaces  resuldng  from  fracture  than  on  the  unstressed  interface,  and  because  of  that  they  cause 
2yin(  to  decrease.  Anomalous  segregators  instead  locate  more  abundantly  at  the  unstresssed  interface; 
they  increase  ly^,. 

4.1  Review  of  solute  segregation  at  ceramic  and  metal/ceramic  interfaces.  Impurity  segregation  in 
metals  and  their  alloys  has  been  studied  extensively.  It  can  convert  a  ductile  alloy  to  one  which  cracks  in  a 
brittle  manner  along  grain  interfaces  and,  in  some  cases,  can  ductilize  an  alloy  which  is  otherwise 
intergranularly  brittle.  The  scope  for  impurity-induced  alteration  is  presumably  less  broad  in  the  more 
inherently  brittle  ceramic  and  metal/ceramic  systems,  and  perhaps  for  that  reason  the  phenomenon  is  less 
studied  in  those  cases. 

One  well  investigated  case  is  Ca  segregation  at  grain  boundaries  in  M gO-doped  or  NiO-doped  AI2O3. 
Stein  and  Johnson  (197S)  and  Marcus  and  Fine  (1972)  observed  that  the  Ca*2  ion  segregated  to  the  grain 
boundaries,  but  Ni  and  Mg  did  not.  The  driving  force  was  argued  to  be  the  elastic  strain  energy  produced 
by  the  size  misfit  between  Ca*2  and  Al*3  cations.  The  Langmuir-McLean  type  isotherm  was  found  to  be 
valid  for  the  Ca*2  segregation  and  a  segregation  free  energy  of  &gb°  *  *121  kJ/mole  in  the  temperature 
range  1700  -  1900°C  was  reported.  Jupp  and  Smith  (1980)  observed  drat  segregation  of  CaO  at  AI2O3 
grain  boundaries  reduces  the  fracture  toughness  and  promotes  intergranular  fracture,  and  Funkenbusch 
and  Smith  (1975)  suggested  that  Ca*2  segregation  reduces  the  cohesive  strength  of  AI2O3  grain 
boundaries.  Interfacial  embrittlement  was  also  observed  in  SiC  with  AI2O3  as  segregant  (Tajima  and 
Kingery  1982)  and  SiC  fiber  reinforced  lithium-aluminosilicate  glasses  and  glass-ceramics  with  Nb2C>3  as 
segregant  (Brennan  1986). 

The  mechanisms  of  embrittlement  of  ceramics  by  segregation  sometimes  involves  forming  an 
interfacial  phase.  Faber  et  al  (1988)  found  that  LiF  additions  to  MgO  results  in  a  grain  boundary  phase 
which  causes  embrittlement,  but  this  does  not  seem  to  apply  for  Ca*2  segregation  in  AI2O3  since  no 
second  phase  is  found.  In  order  to  understand  the  effect  of  atomic  level  segregation  on  the  cohesive 
strength  of  interfaces,  attention  must  he  paid  also  to  the  energetics  of  the  segregant  on  surfaces  of  the  type 
formed  by  fracture.  The  interfacial  fracrure  process  in  brittle  materials  is  merely  a  process  of  separating  the 
interface  to  produce  two  free  surfaces,  and  the  thermodynamic  formalism  to  follow  makes  it  evident  that 
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scgregant  properties  in  *hc  final  state  (the  two  separated  free  surfaces)  arc  equally  as  important  as  arc  those 
of  the  initial  state  (the  impurity  segregated  interface)  to  understanding  the  phenomenon.  There  seems  to  be 
rather  little  work  done  on  surface  segregation  for  ceramic  materials. 

Rschmeistcr  et  al  (1972)  noted  that  alloying  additions  could  have  a  marked  effect  on  the  contact  angle 
between  oxide  panicles  and  liquid  metals,  and  thus  on  the  work  of  adhesion,  and  that  a  similar  effect  of 
alloying  on  interfacial  energy  would  be  likely  to  occur  in  the  solid  state.  They  showed  that  particlc/matrix 
bonding  in  the  AUO3  dispersion  strengthened  Ni-base  and  Fe-base  alloys  was  largely  dependent  on  the 
magnitude  of  the  interfacial  energy  between  the  oxide  and  the  metal,  which  in  turn  was  dependent  on 
matrix  alloying.  The  affects  could  be  positive  or  negative.  It  Is  likely  that  alloying  additions  affect  the 
bonding  energy  at  least  in  pan  through  their  effect  on  impurity  segregation  behavior. 

Segregation  at  the  interfaces  between  metals  and  scales,  which  form  on  the  metal  surface  during  high 
temperature  exposure  in  an  oxidizing  atmosphere,  received  great  attention  in  the  development  of  high 
temperature  alloys  .  Bonding  between  Q2O3  and  AUO3  scales  and  metals  is  basically  strong  and  it  is 
weakened  by  S  segregation  at  the  interfaces.  Reactive  elements  such  as  Y,  Hf  and  Zr,  and  dispersions  of 
their  oxides  improve  bonding  by  preventing  S  from  segregating  to  the  interfaces  (Melas  et.al.  1988, 
Smialek,  1987,  Smeggil,  1987  and  Funkenbusch  et  al  1985).  Recendy,  Stott  (1988)  reviewed  scale/metal 
bond  strengths  and  the  methods  of  improving  adherence.  Besides  S,  small  quantities  of  Cu,  Sn,  As,  Sb 
or  F  can  segregate  to  the  scale/metal  interface,  giving  a  reduced  scale  adherence,  while  Y  and  Zr  can 
enhance  the  scale  adherence.  This  enhancement  of  the  adherence  may  be  due  to  the  eliminating  of  the 
impurity  segregation  or  due  to  the  segregation  of  the  reactive  elements  themselves  to  the  oxide/metal 
interface. 

Intergranular  fracture  of  homogeneous  materials  produces  two  free  surfaces  of  the  same  type 
(although  of  generally  different  crystal  faces)  between  which  the  segregated  atoms,  or  ions  in  the  case  of 
ceramics,  can  be  assumed  to  divide  approximately  equally.  Debonding  of  metal/ceramic  interfaces 
produces  a  metal  surface  and  a  ceramic  surface,  and  the  thermodynamic  properties  and  distributions  of  the 
segregant  on  these  surfaces  will  in  general  be  different  from  each  other.  As  mentioned,  understanding  this 
final  state  of  interfacial  separation  is  extremely  important  in  understanding  the  embritttling  (or  ductiliring) 
effects  of  segregation. 

4.2  Thermodynamics  of  interfacial  separation.  With  reference  to  fig.  1 1,  we  focus  on  the  interface  as 
a  thermodynamic  system  which  is  assumed  to  be  in  local  equilibrium  but  which  may  be  (and  typically  is,  at 
low  temperatures)  out  of  composition  equilibrium  with  adjoining  bulk  solid  phases,  both  before  and  after 
separation.  Interfacial  thermodynamic  quantities  are  defined  as  Gibbs-like  excesses  relative  to  those  of  the 
two  adjoining  phases. 
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We  deal  exclusively  with  solutes  which  are  far  more  abundant  along  the  interface  than  in  a  few  atomic 
layers,  well  removed  from  the  interface,  in  either  adjoining  phase.  In  that  case  P,  the  concentration  of 
segregant  i  per  uni1;  area  of  interface,  is  well  defined  and  we  assume  that  an  equilibrating  chemical  potential 
jj*  can  be  associated  with  each  segregating  species  i  as  it  exists  at  the  interface.  This  is  illustrated  for  a 
single  scgregant,  represented  by  black  dots,  in  figs.  1 1  and  12. 

Thus,  where  u  and  s  are  the  excesses  of  energy  and  entropy  per  unit  area  of  interface,  in  a  formulation 
which  treats  the  interface  region  as  being  constrained  against  the  necessity  of  solute  composition 
equilibrium  with  the  adjoining  solid  phases,  one  has 

du  *  Tds  +  OyydSy  +  OyjdSg  +  OyxdSt  H*dH  (4. 1 } 

1 

for  reversible  changes  of  state. 

The  key  assumption,  embedded  in  the  above  equation,  is  that  all  thermodynamic  functions  referring  to 
the  interface,  e.g.,  u,  s,  the  aya  and  the  \il ,  are  determined  by  the  values  of  T,  the  Sa  and  the  P, 
regardless  of  the  solute  concentrations  (say,  Cj,  Cj...)  in  the  adjoining  phases.  If  (4.1)  holds  throughout  a 

separation  process  (one  in  which  Sy  is  increased  toward  indefinitely  large  values)  as  assumed  in  the 
present  modelling,  then  any  distinction  is  neglected  between  the  pair  of  free  surfaces  resulting  from  such  a 
decohesion  fracture  and  free  surfaces  having  the  same  T  and  P,  but  produced  by  a  different 
thermal/mechanical  route.  The  latter  route  might,  e.g.,  have  involved  equilibrium  solute  segregation  to  the 
free  surfaces  at  a  higher  temperature  and,  possibly,  a  surface  reconstruction. 

The  work  of  separation  is 

f  final 

2)flnt  "I  ( tfyyd^y  +  <*yxd8*  +  Oyzd&z )  (4.2) 

J  initial 

where  the  initial  state  is  an  unstressed  interface  (all  the  Oya*  0 )  and  th c  final  state  is  a  pair  of  fully 
separated  surfaces. 

Note  that  in  the  initial  and  final  states  the  properties  of  the  interface  (or  of  the  pair  of  free  surfaces  that 

it  became)  depend  only  on  T  and  the  equilibrating  potentials  of  the  segregants.  Note  that  for 
consistency  in  deriving  consequences  of  eq.  (4.1),  one  must  assume  that  the  segregants  distribute  between 
the  two  separated  surfaces,  1  and  2,  so  that  those  surfaces  are  in  composition  equilibrium  with  one  another 

(i.  e.,  both  surfaces  are  equilibrated  by  the  same  set  of  n*);  that  is  because  the  formulation  assumes  that 

local  equilibrium  holds  within  the  interface  region  during  separation.  Thus  the  r*  in  the  final  state  always 
are  to  be  understood  as  the  total  amount  i  per  unit  area  associated  with  both  fracture  surfaces,  its 
distribution  between  the  two  being  understood  to  be  however  necessary  as  to  give  identical  equilibrating  jxl 
for  both  surfaces.  The  issue  did  not  come  up  explicitly  in  previous  applications  of  the  formalism  of  Rice 
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1 I9?6>  and  Hinh  and  Rice  ( 1980)  to  fracture  of  interfaces  between  identical  solids,  although  in  that  case 
the  equilibrium  requirement  U  met  implicitly  through  assuming  that  the  solutes  distribute  equally  between 
the  pair  of  surfaces  created  by  the  fracture.  Of  course,  the  dynamics  of  actual  interfacial  fractures, 
especially  those  which  occur  rapidly,  may  sometimes  be  such  that  the  two  fracture  surfaces  ate  well  out  of 
composition  equilibrium  with  one  another.  However,  following  an  argument  by  Rice  (1987)  based  on  the 
second  thermodynamic  law,  one  may  show  that  any  such  separation  process  requires  mote  work  than 
what  we  calculate  as  the  work  of  separation  by  assuming  composition  equilibrium  between  the  two 
surfaces. 

When  dealing  with  initial  and  final  states  we  use  the  following  system  of  subscripts:  lt2  denotes  the 
unstressed  interface  between  solids  1  and  2;  s.l  denotes  the  surface  of  solid  1  after  fracture  and  s.2 
denotes  the  surface  of  2  after  fracture;  when  we  refer  to  a  property  of  the  pair  of  surfaces  after  fracture  we 
use  subscript  fin  ((or  final  state).  Thus  the  adsorption  behavior  of  the  interface  at  fixed  T  is  described 

with  the  notations  l4  =*  n2,  p3,...)  for  i  ■  1,2,3,...,  with  inverses  =*  iM/jO"1,  P,  T3,...) . 

Such  a  relation  for  a  single  segregant  of  amount  T  and  equilibrating  potential  p  is  sketched  in  fig.  12  as  the 
curve  T  *  n,2(jr).  The  similar  relations  for  the  pair  of  surfaces  resulting  after  fracture  are 

r4  *  n~,  n3,...)  and  their  inverses  are  n*  ■  Jifinfr1,  P,  T3,...) .  Given  that  each  ji*  is  the  same 

for  both  the  fracture  surfaces,  the  functions  rrM  can  be  calculated  direedy  from  the  adsorption  isotherms 
for  the  surfaces  taken  individually.  Lening  Tj  denote  the  amount  of  i  on  the  fracture  surface  of  solid  l, 

the  adsorption  isotherms  for  that  surface  have  the  form  |i2,  p3,...) ,  i  -  1,2,3 .  and 

similarly  for  surface  2..  Thus  noting  that  I4  *  I"i  +  ,  when  referring  to  a  pair  of  surfaces,  we  see  that 

the  functions  Tfin  are  given  by 

ffin  *  ri.ifjl1,  ji2,  H3,...)  +  ri^H1,  n2,  n3,...)  (4.3) 

The  adsorption  isotherm  in  fig.  12  corresponding  to  the  pair  of  free  surfaces  has  been  labelled  accordingly, 

that  is,  the  function  T  *  rrm(U)  marking  that  isotherm  has  been  written  as  T  «  rs.i(p)  4-  r,^(n). 

The  work  expression  of  (4.2)  is  assured  by  eq.  (4.1)  to  be  independent  of  path  in  the  5a  space  in  the 

special  cases  when  s  (or  T)  and  the  Tl  (or  the  }il)  are  held  constant,  although  we  noted  earlier  the 
possibilities  that  irreversibilities  could  occur,  as  local  instabilities  equivalent  to  sudden  introduction  of 
dislocations  along  the  interface,  when  shear  accompanies  opening  as  inevitably  so  for  elastically  dissimilar 
materials.  More  generally,  on  the  reversible  paths  which  we  assume,  the  integral  does  not  define  a  unique 

value  until  one  characterizes  the  variation  (if  any)  of  T  and  the  T1  with  the  Sa  during  separation.  We 
regard  T  as  constant  during  separation  here  and  consider,  like  in  Rice  (1976)  and  Hinh  and  Rice  (1980), 
the  two  cases  which  follow. 

Separation  at  fixed  solute  composition.  In  the  first  case  the  T1  are  all  assumed  to  remain  fixed  in 
amount  during  separation ,  which  is  the  normal  case  at  low  T  and  with  non-mobile  segregants 

tfYindtn-  const  =  ffin({r»-  f|/i({r}>  =  f,.l({r,})  +  fs.2({r2})  -  ft/2({r})  (4.4) 
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Here  f  ■  u  -  Ts  is  the  excess  Helmholtz  free  energy  per  unit  are*  and,  in  the  latter  form  it  is  to  be 
remembered  that  {I~}  is  fixed  so  that  {Tj}  and  must  satisfy  {T}  «  {T | }  +  (r2)  and  assure  that 

Mj.l 38  Ms, 2  for  each  segregant.  (The  (O  is  a  shortened  notation  for  the  set  J*\  P,  T3 . )  Thus, 

following  Rice  (1976).  or  more  simply  Hinh  and  Rice  (1980)  In  considering  separate-desorb-rejoin* 
adsorb  cycles,  it  follows  from  (4.1)  that 

tin 

ttr,»u){0  -  const  *  (2*fint)o  -  I  ( ulnttH)  -  vijOT)) )  dr3  f4-« 

J{0)  « 

where  (2yjnl)0  is  the  work  to  separate  a  clean  interface  (with  (T)  *  (0J).  For  the  case  of  a  single 
segregant  the  reduction  of  2yim  from  (2yin()0  is  marked  as  an  area  in  fig.  12.  Eq.  (4.5)  links  2yj(U,  for 

separation  at  fixed  composition,  to  quantities  which  can,  in  principle,  be  estimated  from  solute  segregation 
studies.  When  the  interface  and  surface  coverages  are  less  than  values  corresponding  to  full  coverage  of  a 
set  of  adsorption  sites,  idealized  as  well  as  having  the  same  low  energy  relative  to  solute  sites  in  the  bulk, 
the  simple  Langmuir-McLean  model  (McLean,  1957)  may  be  adopted.  Thus,  considering  a  single 
segregant  of  amount  r (*  p  +  F2 on  the  pair  of  fracture  surfaces) 

m/2(n-Ai?/2+RT/«(T/(r1/2-r)] 

Mucro-Ag^  +  RT/nin/oti-rt)) ,  Ma(r2)-Agj2+RT/i.(r2/(r1a-r2)i  C4.«) 

where  the  (inherently  negative)  Ag°  terms  are  referenced  to  a  bulk  phase  at  the  same  T,  i.e.,  are  based  on 
the  expression  fi  *  RT  In  (c  /  (l-c))  -  RT  In  c  for  the  equilibrating  potential  when  a  fraction  c  of  available 
solute  sites  are  occupied  in  the  bulk,  the  Ps  are  the  full  coverages  for  the  interface  and  fracture  surfaces, 
respectively.  The  Ag°  terms  have  the  form  Ah  *  TAs0  ,  where  the  Ah  terms  are  the  enthalpies  of 
segregation  (essentially  identical  to  energies  of  segregation  in  the  present  context  since  pressure  times 
volume  terms  are  negligible  for  the  unstressed  boundary  and  free  surface),  and  the  As0  terms  are  entropies 
of  segregation  relating  to  changes  in  the  atomic  vibrational  spectrum. 

For  separations  at  fixed  composition,  if  the  initial  coverage  (labeled  P0  in  fig.  12)  on  the  interface  falls 
within  the  Langmuir-McLean  range,  then  the  coverages  Tj  and  r2  on  the  separated  surfaces  are  also  likely 
to  do  so  and  the  equations  above  for  the  ji  can  be  used  directly  in  the  calculation  of  2yin(.  Following  a 
comparison  of  the  order  of  different  terms  like  in  Rice  and  Wang  (1989),  the  configurational  entropy  terms 
make  little  contribution  to  tite  integral  in  (4.5)  at  low  T,  say,  T  *  300  K,  and  thus 

(2r*t)r  -  r0  a  (2Hn0o  -  [  Ag?/2  r0  -  AgJ(1  Ti  -  A g^2  r2  ]  (4.7) 

Here  T t  and  r2  are  determined  from  the  equations  Tj  +  r2  «  T0  and  m.i  *  Ms,2  in  the  second  line  of 
(4.6).  What  the  latter  enforces  at  low  T  is  that  essentially  all  the  solute  go  to  the  fracture  surface  with  the 
smallest  (i.  e.,  largest  in  absolute  value)  value  of  Ag°,  at  least  until  the  capacity  r°  for  that  surface  is 
reached,  and  then  go  to  the  other  surface.  Eq.(4.7)  is  consistent  with  the  results  of  Smith  and  Cianciolo 
(1989),  who  also  consider  bimaterial  interfaces  with  impurity  segregation. 
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Data  for  Ag°  j .  where  l  denotes  the  metal  in  a  metal/ceramic  1/2  interface,  can  be  found  in  the 
literature  (e.g.  for  impurities  in  Fe  and  Fe  alloys,  as  summarized  by  Rice  and  Wang  (1989)).  Data  for 
ceramic  surfaces  are  limited.  It  is  expected  that  segregators  are  normally  situated  more  abundantly  on  a 
pair  of  free  surfaces  than  on  an  unstressed  interface,  which  means  that  the  combination  of  terms  within  the 
bracket  in  (4.7)  are  posidve  (we  remind  that  the  AgO's  are  intrinsically  negative),  and  that  the  interface  and 
fracture  surfaces  adsorption  isotherms  are  situated  relative  to  one  another  like  in  fig.  12.  In  this  case, 
~*Am  <  <-Yi(U)q  ,  the  cohesive  energy  of  the  interface  is  reduced  by  segregation.  This  might  be  the  case  of 
segregation  of  S  at  the  metal/oxide  interfaces,  and  is  likely  also  the  case  for  Cu.  Sn.  As,  Sb  and  P 
segregation. 

Nevertheless,  thermodynamics  does  not  preclude  the  existence  of  anomalous  segregators  for  which 
the  above  inequalities  are  reversed.  Such  anomalous  segregaters  increase  2yjM  and  hence  are  expected  to 
increase  interfacial  toughness.  Y  and  Hf  may  possibly  be  examples  of  anomalous  segregators;  we 
mentioned  earlier  that  they  enhance  the  cohesive  strength  of  the  metal/oxide  interface,  although  other 
mechanisms,  such  as  site  compedtion  or  impurity  gettering,  are  also  possible. 


Separation  at  fixed  potential  of  a  mobile  segregant.  While  separation  at  fixed  composition  seems  to 
be  the  normal  failure  mode  in  low  temperature  debonding  processes,  it  is  useful  to  consider  an  opposite 
limiting  case.  This  limit  is  separarion  at  constant  potential  4  ( ■  4^  say)  implying  that  there  is  (for 

‘’normal"  segregators)  solute  inflow  to  the  interface  region  during  separation  so  as  to  maintain  4  fixed, 
e.g..  at  the  value  for  an  adjoining  bulk  phases  with  which  there  is  composition  equilibrium.  Such 
conditions  require  mobility.  They  are  probably  met  approximately  in  low  temperature  hydrogen  assisted 
cracking  of  some  interfaces.  They  may  be  met  also  in  high  T  debonding  of  metal/scale  interfaces. 


The  4  »  const.  *  40  path  is  also  shown  in  fig.  12.  The  initial  state  is  T  *  F0  and  4  *  40.  For 
separations  at  fixed  4  the  relevant  thermodynamic  function  is  y*  f  -  4T,  and 

(2y.iu)u  .  const  -  YfinCd)  -  Yl/2(H)  *  Ys.lWO  +  YtfOi)  **  Yl/200  M-8) 

Also,  following  Rice  (1976), 


UYimV  ■  Mo  m  (2Yim)o 


(*> 

-JL (r- 


i(n)  +  r,,2(4)-ri/2  (4)1  <41 


(4.9) 


This  result  for  the  alteration  of  2Y{M  can  be  interpreted  graphically  as  the  sum  of  the  two  areas  marked  in 
fig.  12.  Segregant  coverages  on  a  single  metal  and  ceramic  free  surfaces,  and  on  an  interface,  at 
equilibrating  potential  4,  can  be  calculated  from  (4.6)  in  the  range  where  the  Langmuir-McLean  model 

applies. 


The  difference  in  2yint  at  constant  T  vs.  that  at  constant  4  can  be  numerically  significant.  Examples 
given  by  Anderson  et  al.  (1989)  for  H  and  (at  higher  temperature)  S  on  Fe  grain  boundaries  show  that 
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substantial  reductions  of  2Yif|l,  of  order  O.S  t2yjnl)Q,  can  occur  in  separations  at  constant  4.  under 
potentials  4  (hat  are  so  low  that  they  equilibrate  negligible  T  on  the  unstressed  interface,  and  hence  would 
involve  2yjn(  s  t2yjnt)o  in  rapid  separation  at  constant  T  This  shows  that  mobility  (or  slowness  of  the 
attempted  separation)  is  a  factor  which  worsens  the  already  deleterious  effect  of  a  normal  segregator  on 
2y,nl.  It  also  reduces  the  beneficial  effect  of  an  anomalous  one.  We  emphasize  again  that  embrittlement  or 
toughening,  at  least  as  it  minors  2y;m,  is  always  seen  to  depend  on  differences  between  segregant  effects 
on  the  inidal  interface  and  on  the  two  free  surfaces  created  by  the  fracture.  Thus  a  focus  on  the  electronic 
alterations  induced  by  segregants  in  interface,  without  corresponding  study  of  what  they  induce  on  free 
surfaces,  is  unlikely  to  be  definitive  in  explaining  solute  embrittlement.  The  differences  in  energy  and 
entropy  between  the  two  states  are  of  primary  interest. 

Acknowledgement 

We  gratefully  acknowledge  J.W.  Hutchinson  for  discussions  on  section  2  of  the  paper  and  D.  Shum 
for  commenting  on  a  portion  of  the  manuscript.  Support  was  provided  at  Harvard  University  through 
sub-agreement  VB33639-0  with  the  University  of  California  at  Santa  Barbara,  based  on  the  Office  of 
Naval  Research  contract  N00014-86-K-0753.  and  also  for  JRR  through  the  Fairchild  Scholars  program  at 
the  California  Institute  of  Technology. 


Reference! 

Anderson,  P.  M.  (1986),  Ductile  and  brittle  crack  dp  response ,  Ph.  D.  Thesis,  Harvard  University 

Anderson,  P.  M.  (1988),  J.  Appl.  Meek.,  55,  8  W. 

Anderson.  P.  M.,  and  J.  R.  Rice  (1986),  Scripta  Me  tail. ,  20. 1967. 

Anderson.  P.  M„  J.-S.  Wang  and  J.  R.  Rice  (1989),  "Thermodynamic  and  mechanical  models  of 
interfacial  embrittlement",  in  Proc.  Sagamore  Conf.  on  Innovations  in  High  Strength  Steel 
Technology,  edited  by  M.  Azrin,  G.B.  Olson  and  E.  S.  Wright,  in  press. 

Argon,  A.S.,  V.  Gupta,  H.  S.  Landis,  J.  A.and  Comic  (1989),  J.  Mater.  Sci .,  24,  1406-1412. 

Bassani.  J.  L.  and  J.  Qu  (1989),  Mat.  Sci.  and  Eng.  A107,  177. 

Brennan,  J.  J.  (1986),  in  Tailoring  Multiphase  and  Composite  Ceramics,  edited  by  R.  E.  Tressler,  G.  L. 
Messing,  C.  G.  Pantano  and  R.  E.  Newnham  (Plenum  Press,  New  York, ),  p.  549. 

Cao.  H.C.  and  A.  G.  Evans  (1989),  "An  experimental  study  of  the  fracture  resistance  of  bimaterial 
interface",  Mech.  Mater.,  in  press 

Charalambides,  P.G.,  J.  Lund,  A.  G.  Evans  and  R.  M.  McMeeking  (1989a),  J.  Appl.  Mech.,  56,  77- 
82. 

Charalambides,  P.G,  H.  C.  Cao,  J.  Lund  and  A.  G.  Evans  (1989b),  "Development  of  a  test  method  for 
measuring  the  mixed  mode  fracture  resistance  of  bimaterial  interfaces",  Acta  Met., to  be  published. 

Comninou.  M.  (1977),  J.  Appl.  Mech.  44,  631  and  780. 

Comninou,  M.  and  D.  Schmueser  (1979),  J.  Appl.  Mech.  46, 345. 

Dundurs,  J.  (1968),  in  Mathematical  Theory  of  Dislocations,  ASME,  New  York. 


23 


Evans,  A.  G  (1989),  priviie  communication. 

Faber,  K.  T.,  and  C.  C.  Hickenbottom  (1988),  in  Interfacial  Structure,  Properties  and  Design ,  edited  by 
M.  H.  Yoo,  W.  A.  T.  Oark  and  C.  L  Briant.  (MRS  Vol.122).  p.  475. 

Fischmeister,  H.  F„  E.  Navara  and  K.  E.  Easterling  (1972),  Met.  Sci.  J,  6, 21 1. 

Funkenbusch.  A.  W.,  J.  G.  Smeggil  and  N.  S.  Bomstein  (1985),  Metall,  Trans.  16A,  1 164. 

Gao,  H.  and  J.  R.  Rice.  (1989).  J.  Mech .  Phys.  Solids ,  37,  155-174. 

Hinh,  J.  P.,  and  J.  R.  Rice  (1980),  Metall.  Trans.  11  A,  1502. 

Hinh,  J.  P.  and  J.  Lothe  (1982),  Theory  of  Dislocations ,  2nd  Ed.,  John  Wiley  Sc  Sons,  New  York. 
Hutchinson.  J.  W.(1989),  "Mixed  mode  fracture  mechanics  of  interfaces",  Scripta  Met.,  in  press. 

Jupp.  R.  S.,  and  D.  W.  Smith  (1980),  J.  Mater.  Sci.  15, 96. 

Kelly.  A.,  W.  Tyson  and  A.  Cottxtll  (1967),  Phil.  Mag.,  15, 567. 

Liechti,  K.  M.  and  E.  C.  Hanson  (1988),  Int.J.  Fracture  36, 199. 

Marcus.  H.  L,  and  M.  E.  Fine  (1972),  J.  Amer.  Cer.  Soc, 55,  568. 

Mason,  D.  D.  (1979),  Phil.  Mag.  39. 455. 

McLean,  0.  (1957),  Crain  Boundaries  in  Metals,  Oxford  University  Press,  Oxford. 

Melas,  I.,  and  D.  G.  Lees  (1988),  Mater.  Sci.  and  Tech.  4. 455. 

Nicholas.  M.  (1968),  J.  Mat.  Sci,  3. 571. 

Oh,  T.S.,  R.  M.  Cannon  and  R.  O.  Ritchie  (1937),  J.  Am.  Ceram.  Sco.  70,  C-3S2. 

Rice,  J.  R.  (1976),  in  Effect  of  Hydrogen  on  Behavior  of  Materials,  edited  by  A.  W.  Thompson  and  I. 
M.  Bernstein,  TMS-AIME,  p.  455. 

Rice,  J.R.,  (1985),  in  Fundamentals  of  Defamation  and  Fracture  (Eshelby  Memorial  Symposium), 
Cambridge  University  Press,  p.  33. 

Rice,  J.  R.  (1987)  in  Chemistry  and  Physics  of  Fracture,  edited  by  R.  M.  Latanision  and  R.  H.  Jones. 

Maztinus  Nijhof  Publishers,  Dordrecht,  p.  23. 

Rice.  J.R.,  (1988),  J.  Appl.  Mech.  55.  98. 

Rice.  J,  R.  and  R.  Thomson  (1974),  Phil.  Mag.,  29, 73. 

Rice.,  J.  R..  and  J.-S.  Wang  (1989),  Mater.  Sci.  Eng.  A107, 23. 

Smeggil,  J.  G.  (1987),  Mater.  Sci.  Eng.  17, 261. 

Smialel,  J.  L  (1987),  Metall.  Trans.  ISA,  164. 

Smith,  J.,  and  T.  V.  Cianciolo  (1989),  Surface  Sci.  210,  L229. 

Stein,  D.  F„  and  W.  C.  Johnson  (1975),  J.  Amer.  Cer.  Soc.  58,  485. 

Stott.  S.  H.  (1988),  Mater.  Sci.  Technol.  4, 431 

Suga,  T.,  E.  Elssner  and  S.  Schmauder  (1988),  J.  Composite  Materials,  22, 917. 

Suo.  21(1 989a),  Mechanics  of  interface  fracture.  Ph.  D.  Thesis,  Harvard  University. 

Suo,  Z.( 1989b),  "Singularities  interacting  with  interfaces  and  cracks",  Int.  J.  Solids.  Structures,  in  press 
Suo,  Z.  (1989c),  "Singularities,  interfaces  and  cracks  in  dissimilar  anisotropic  media",  Harvard 
University  Report  Mech- 137,  submitted  to  Proc.  Roy.  Soc.  Land.  A. 

Suo.  Z.  and  J.  W.  Hutchinson  (1989a),  "Interface  crack  between  two  elastic  layers'’,  Int.  J.  Fracture,  in 
press. 

Suo,  Z.  and  J.  W.  Hutchinson  (1989b),  Mater.  Sci.  Eng.  A107,  135. 

Tajima,  Y.,  and  W.  D.  Kingery  (1982),  J.  Mater.  Sci.  17, 2289. 


24 


Thomson.  R.  (1983).  in  Atomtstia  of  Fracture ,  edited  by  R.  M.  Latanision  and  J.  Pickens.  Plenum 
Press,  New  York,  p.  167. 

Thomson.  R.  (1986).  in  Solid  State  Physics,  edited  by  H.  Ehrenreich  and  D.  Turnbull,  Vol.  39,  p.l. 

Wing,  J.-S.  (1988),  in  Interface  Structure,  Properties  and  Design,  edited  by  M.  H.  Yoo,  C.  L.  Briant  and 
W.  A.  T.  Clark.  MRS  Vol.  122,  p.  367. 

Wang,  J.-S.  (1989)  "Fracture  behavior  of  embrittled  f.c.c.  meul  bicrystals  and  its  misorientation 
dependence  (parr  I.  experimental)",  submitted  to  Acta  Metall. 

Wang,  J.  -  S.  and  P.  M.  Anderson  (1989),  "Fracture  behavior  of  embrittled  f.c.c.  metal  bicrystals  and  its 
misorientation  dependence  (part  2.  theory  and  analysis)",  submitted  to  Acta  Metoll. 

Wang,  J.  -  S..  P.  M.  Anderson  and  J.  R.  Rice  (1987),  in  Mechanical  Behavior  of  Materials  -V,  edited  by 
M.  G.  Yan,  S.  H.  Zhang  and  Z.  M.  Zheng,  Pergamon  Press,  p.  191 

Wu.  K.-  C.  (1989)  "Stress  intensity  factor  and  energy  release  rate  for  interfacial  cracks  between  dissimilar 
anisotropic  materials",  to  appear  in  J.  Appl.  Mech . 

Appendix;  Angular  Functions  of  the  Near-Tin  Fkldi  for  Joined  Isotropic  Solids 


Listed  below  are  angular  functions  of  eo,(2.1)  within  for  material  1  for  modes  I  and  n.  For  material 
2,  simply  change  it  to  -jc  everywhere.  The  mode  HI  functions  are  the  same  as  for  a  homogeneous  solid. 
A  derivation  using  the  Muskhelishviii  potentials  can  be  found  in  Rice  (1988). 
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Fig.  2a  Angular  functions;  mode  t 


Fig.  2b  Angular  functions;  mode  II 


Fig.  3  An  internal  interface  crack 


Fig.  4  Interaction  of  a  dislocation 
with  an  interface  crack  tip 
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Fig.  7a  A  bending  specimen 
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Fig.  7b  Pre-factor  for  stress  intemky  factor 


Fig.  7c  Phase  angle  for  stress  intensity  factor 


Fig.  8  Dislocation  emission  from  the  tip  of  a  metal/ceramk  interface  crack 


Fig.  9a  Cu  single  crystal  with  (2ll)  face  bonded  to  sapphire  layer.  loaded  in  bending  with  erack  tips  along  (l  10) 
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Fig.  9b  Cu  single  crystal  with  (001)  face  bonded  to  sapphire  layer,  loaded  in  bending  with  crack  lips  along  (U0) 


Fig.  9c  Microcnck  ahead  of  macrocnck 


Fig.  10  Dislocation  nucleadon  in  Cu;  crack  dp  along  [t  10] ;  crackplaneis(OOl) 


Fig.  1 1  Dissimilar  material  interface  undergoing  decohesion:  segregated  solutes 
constrained  from  composition  equilibrium  with  adjoining  bulk  phases. 


Fig.  12  Use  of  adsorption  isotherms,  for  unstressed  interface  and  for  pair  of  free  surfaces  created 
by  separation,  to  calculate  effect  of  solute  adsorption  on  the  ideal  work  of  separation. 
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Abstract 

The  mechanical  properties  of  thin  films  on  substrates  are  described  and  studied.  It  is  shown 
that  very  large  stresses  may  be  present  in  the  thin  films  that  comprise  integrated  circuits  and 
magnetic  disks  and  that  these  stresses  can  cause  deformation  and  fracture  to  occur.  It  is  argued  that 
the  approaches  that  have  proven  useful  in  the  study  of  bulk  structural  materials  can  be  used  to 
understand  the  mechanical  behavior  of  thin  film  materials. 

Understanding  the  mechanical  properties  of  thin  films  on  substrates  requires  an 
understanding  of  the  stresses  in  thin  film  structures  as  well  as  a  knowledge  of  the  mechanisms  by 
which  thin  films  deform.  The  fundamentals  of  these  processes  arc  reviewed.  For  a  crystalline  film 
on  a  non-deformable  substrate,  a  key  problem  involves  the  movement  of  dislocations  in  the  film. 
An  analysis  of  this  problem  provides  insight  into  both  the  formation  of  misfit  dislocations  in 
epitaxial  thin  films  and  the  high  strengths  of  thin  metal  films  on  substrates.  It  is  demonstrated  that 
the  kinetics  of  dislocation  motion  at  high  temperatures  arc  especially  important  to  the  understanding 
of  the  formation  of  misfit  dislocations  in  heteroepitaxia!  structures. 

The  experimental  study  of  mechanical  properties  of  thin  films  requires  the  development  and 
use  of  non-traditional  mechanical  testing  techniques.  Some  of  the  techniques  that  have  been 
developed  recently  are  described.  The  measurement  of  substrate  curvature  by  laser  scanning  is 
shown  to  be  an  effective  way  of  measuring  the  biaxial  stresses  in  thin  films  and  studying  the 
biaxial  deformation  properties  at  elevated  temperatures.  Sub-micron  indentation  testing  techniques, 
which  make  use  of  the  Nanoindenter,  are  also  reviewed.  The  mechanical  properties  that  can  be 
studied  using  this  instrument  are  described,  including  hardness,  elastic  modulus  and  time- 
dependent  deformation  properties.  Finally,  a  r.ew  testing  technique  involving  the  deflection  of 
microbcam  samples  of  thin  film  materials  made  by  integrated  circuit  manufacturing  methods  is 
described.  It  is  shown  that  both  elastic  and  plastic  properties  of  thin  film  materials  can  be 
measured  using  this  technique. 
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I.  Introduction 

Understanding  the  relationships  between  microscructure  and  mechanical  properties  has 
always  been  one  of  the  primary  goals  of  metallurgy  and  materials  science.  Since  ancient  times, 
materials  have  been  used  primarily  for  s  true  rural,  load  bearing  applications;  that,  the  mechanical 
properties  of  strucrural  materials  have  always  been  of  paramount  importance  to  our  society.  This 
focus  on  understanding  the  mechanical  properties  of  structural  materials  has  stimulated  a  large 
amount  of  research  that  has  led  to  a  deep  understanding  of  the  microscopic  processes  responsible 
for  the  mechanical  behavior  of  materials.  U  has  also  led  to  the  development  of  an  impressive  array 
of  advanced,  high  performance  structural  materials. 

In  recent  years,  more  and  more  attention  has  been  devoted  to  materials  that  arc  not  intended 
for  use  in  load  bearing  applications.  These  are  the  "high  tech"  materials  that  have  provided  the 
basis  for  the  information  revolution.  Too  frequently,  however,  we  think  of  these  materials  soley  in 
terms  of  their  electronic,  magnetic  or  optical  properties.  We  need  to  remind  ourselves  that  other, 
non-clectronic,  properties  of  these  materials  can  be  equally  important.  For  example,  the  materials 
used  to  fabricate  microelectronic  integrated  circuits  and  magnetic  discs  must  perform  their 
electronic  and  magnetic  functions,  but  they  must  also  have  certain  chemical  and  mechanical 
properties  to  be  able  to  do  this.  These  devices  must  be  reliable;  they  must  have  structural  integrity, 
and  they  must  retain  that  integrity  over  their  lifetime;  corrosive  and  mechanical  failures  must  not 
occur.  Thus,  these  materials,  though  not  selected  exclusively  for  their  mechanical  and  chemical 
properties,  must  provide  adequate  resistance  to  the  mechanical  and  chemical  forces  that  arise  in 
these  applications. 

Most  of  the  materials  and  devices  that  have  led  to  the  information  revolution  are  in  the  form 
of  thin  films  deposited  on  rigid  substrates.  Thin  films  ranging  in  thickness  from  a  few  nanometers 
to  a  few  micrometers,  for  instance,  comprise  the  most  important  pans  of  integrated  circuits  and 
magneuc  disks.  As  discussed  in  the  next  section  of  this  paper,  these  films  are  frequendy  subjected 
to  very  large  stresses  which  can  cause  a  wide  variety  of  deformation  and  fracture  processes  to 
occur.  For  these  reasons,  the  mechanical  properties  of  thin  films,  especially  those  thin  films  that 
are  used  in  integrated  circuits  and  magnetic  disks,  deserve  the  same  kind  of  study  that  the 
mechanical  propenies  of  bulk  itmctural  materials  have  received.  Just  as  for  bulk  structural 
materials,  it  is  imponant  to  understand  the  microscopic  processes  responsible  for  deformation  and 
fracture  of  these  thin  film  materials,  so  that  the  mechanical  propenies  of  these  materials  can  be 
changed  through  the  control  of  microstructure.  These  thoughts  have  motivated  much  of  the  work 
described  in  this  paper. 
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The  viewpoint  of  this  paper  is  that  the  field  of  metallurgy  and  materials  science  has  the 
primary’  responsibility  for  understanding  the  mechanical  properties  of  microelectronic  and  magnetic 
thin  films.  In  the  past,  this  work  has  been  done  largely  by  scientists  and  engineers  from  other 
disciplines,  mainly  out  of  necessity.  By  contrast,  our  own  field  has  played  a  relatively  minor  role 
in  this  work.  It  is  hoped  that  this  paper  will  encourage  others  in  our  field  to  apply  their  knowledge 
and  skills  in  the  area  of  mechanical  properties  to  the  problems  and  opportunities  that  exist  in 
microelectronic,  magnetic  and  optical  thin  film  materials. 

Following  this  introduction,  we  give  a  brief  account  of  some  of  the  mechanical  behavior 
problems  that  arise  in  microelectronic  and  magnetic  thin  film  materials.  This  review  is  purely 
qualitative  and  tutorial  and  provides  a  technological  context  for  the  studies  of  mechanical  properties 
that  arc  described  in  the  remaining  sections  of  the  paper.  Following  this,  a  brief  description  of 
some  of  the  basic  concepts  relating  to  stresses  and  deformation  processes  in  thin  films  on 
substrates  are  given.  This  background  is  provided  for  those  readers  who  are  unfamiliar  with  the 
field  of  thin  film  mechanical  properties. 

‘fhe  remaining  sections  of  the  paper  deal  with  selected  topics  relating  to  the  mechanical 
properties  of  thin  films  on  substrates.  The  subject  is  much  too  broad  and  extensive  to  attempt  a 
comprehensive  review  here.  Selected  topics  arc  presented  that  relate  directly  to  dislocation 
processes  in  thin  films  and  provide  understanding  of  both  the  formation  of  misfit  dislocations  in 
thin  film  structures  and  the  strength  cf  thin  films  on  substrates.  Because  experimental  techniques 
for  measuring  stresses  and  mechanical  properties  in  thin  films  are  just  now  emerging,  it  seems 
appropriate  to  focus  some  of  our  attention  on  those  techniques. 

We  begin  this  study  by  examining  the  problem  of  misfit  dislocation  formation  in  epitaxial 
thin  films  on  single  crystal  substrates.  This  problem  is  important  in  its  own  right  because  there  is  a 
great  amount  of  interest  in  creating  device-quality  semiconductor  alloys  by  forming  epitaxial  thin 
films  on  dislocation-free  silicon  substrates.  This  subject  is  also  of  interest  here  because  it  provides 
a  vehicle  for  understanding  how  dislocation  motion  occurs  in  thin  films  on  substrates  which,  in 
turn,  leads  to  an  understanding  of  the  high  biaxial  yield  strengths  of  these  films.  Our  study  of  the 
strength  of  thin  films  on  substrates  focuses  special  attention  on  the  substrate  curvature  technique 
for  studying  these  properties.  The  mechanical  properties  of  thin  films  can  also  be  studied  using 
sub-micron  indentation  methods.  This  technique  has  become  popular  in  recent  years  because  of 
the  availability  of  commercial  depth-sensing  instruments  with  suficient  resolution  to  study  the 
properties  of  very  thin  films  on  substrates. 
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In  ihc  last  section  of  the  paper,  we  report  briefly  on  the  development  of  a  new  mierobeam 
deflection  technique  for  studying  the  mechanical  properties  of  thin  film  materials.  This  technique 
makes  use  of  integrated  circuit  manufacturing  methods  to  create  miniarure  test  samples  th?.t  con  be 
loaded  with  an  indentation  instrument.  The  creation  of  special  test  geometries  permits  the  study  of 
deformauon  in  other  than  the  indentation  mode  (without  the  hydrostatic  pressure  that  is  a  natural 
part  of  indentation).  This  approach  may  also  permit  a  study  of  fracture  and  inierfacial  decohesion 
of  thin  films  front  their  substrates. 


II.  Stress  and  Mechanical  Behavior  Problems  in  Microelectronic 
and  Magnetic  Thin  Film  Materials 

As  noted  in  the  introduction,  the  mechanical  properties  of  thin  films  have  become  important 
in  recent  years  because  of  the  extensive  use  of  these  materials  in  integrated  circuits  and  magnetic 
disks.  In  this  part  of  the  paper  we  cite  some  of  the  mechanical  behavior  problems  that  arise  in 
these  applications. 

Microelectronic  Integrated  Circuit  Materials 

In  this  section  of  the  paper  wc  examine  some  of  the  stress  and  mechanical  behavior  problems 
that  arise  in  integrated  circuit  structures  such  as  the  Complimentary-Mctal-Oxidc-Scmiconducior 
(CMOS)  transistor. 

CMOS  Transistor  Materials 

Figure  1  shows  a  schematic  picture  of  the  thin  film  materials  and  geometries  that  are  used  in 
CMOS  transistor  devices.  The  materials  are  in  thin  film  form,  with  thicknesses  ranging  from  a 
few  nanometers  to  about  a  micrometer.  The  complex  shapes  in  these  structures  are  also  illustrated. 
It  should  be  noted  that  a  wide  variety  of  materials  with  very  different  physical,  thermal  and 
mechanical  properties  are  used  to  create  this  structure.  The  materials  include  semiconductors 
(which  comprise  the  active  pan  of  the  device),  metals  (which  serve  as  conductors  to  cany  current 
from  one  pan  of  the  structure  to  another),  thermally  grown  Si02,  passivation  glasses  and  other 
dielectric  materials.  These  latter  materials  ensure  electrical  isolation  of  one  pan  of  the  structure 
from  another  and,  in  some  cases,  provide  mechanical  protection  for  the  underlying,  electrically 
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Figure  I.  Cross-sectional  stnrcture  or  a  complimentary  mctal-oxide-scmiconductor  (CMOS)  transistor.  The 
small  dimensions  of  these  films  and  the  wide  variety  of  materials  involved  should  be  noted.  High 
stresses  are  present  in  these  films  as  a  result  of  differences  of  thermal  expansion  and  of  non- 
equilibrium  growth  and  deposition. 


COMPLIMENTARY  METAL-OXIDE-SEMICONDUCTOR  TRANSISTOR 


active  materials.  Note  that  single  crystals,  polycrysulline  and  amorphous  phase  materials  are 
present. 

Stresses  in  Integrated  Circuit  Structures 

Typically  CMOS  structures  are  made  by  growing  or  depositing  the  various  thin  films  onto  a 
substrate  of  single  crystal  silicon  (a  silicon  wafer).  Because  many  of  these  processes  occur  at 
elevated  temperatures  and  because  some  of  the  materials  have  differing  thermal  expansion 
coefficients,  it  follows  that  very  large  thermal  stresses  are  induced  in  these  materials  during 
manufacture  nnd  remain  there  during  the  subsequent  use  of  the  devices.  Thermal  stresses  of  the 
order  of  0.5  GPa  are  not  uncommon.  Additional  stresses  are  produced  by  non-equilibrium  grow  th 
processes.  Most  of  the  growth  and  deposition  processes  take  place  far  from  thermodynamic 
equilibrium,  with  the  consequence  that  highly  non-equilibrium  microstructures  are  created.  These 
non-equilibrium  microstructures  lead  to  additional  stresses  caused  by  the  tendency  of  the  film  to 
shrink  or  expand  once  it  has  been  deposited  onto  its  substrate.  These  are  sometimes  called 
"intrinsic  stresses"  in  the  literature.  It  is  preferable  to  avoid  the  implication  that  bodies  can  subject 
themselves  to  uniform  internal  stresses  and  to  use  the  term  "growth  stresses"  instead.  Because 
some  of  the  interfaces  are  either  fully  or  partially  coherent,  coherency  stresses  may  also  be  present 
in  these  thin  film  structures. 

Integrated  Circuit  Failure  Processes 

For  all  of  the  reasons  described  above,  extremely  high  stresses  an;  commonly  present  in 
integrated  circuit  structures.  It  follows  that  these  high  stresses  cause  both  deformation  and, 
sometimes,  fracture,  to  occur  in  these  materials.  It  is  important  to  understand  the  mechanisms  that 
control  the  mechanical  propenies  of  tliese  materials  so  that  integrated  circuit  structures  can  be 
designed  for  mechanical  reliability  as  well  as  for  electronic  device  performance. 

Even  elastic  deformadon  of  the  thin  films  in  integrated  circuit  structures  can  represent  a  kind 
of  failure.  The  dimensional  tolerances  associated  with  the  manufacture  of  these  structures  must  be 
very  small  in  order  to  achieve  the  small  feature  sizes  needed  for  high  density  memory.  The 
patterning  of  these  features  must  be  very  precise.  Very  large  thin  film  stresses  can  change  the 
dimensions  of  the  silicon  wafer  during  processing,  making  this  high  dimensional  accuracy  difficult 
to  achieve.  This  would  be  panicularly  troublesome  if  the  stresses  and  distortions  were  not 
predictable. 


4 


Pauivaiion  and  Initr connect  Failure  When  plastic  deformation  occurs  in  interconnect  metals, 
a  variety  of  unwanted  effects  can  occur.  Two  of  these,  shown  schematically  in  Fig.  2,  illustrate 
that  inhomogeneous  deformation  can  cause  fracture  of  the  passivation  to  occur,  either  by 
dislocation  slip  or  by  grain  boundary  sliding.  This  fracture,  in  turn,  can  cause  electrical  shoos  to 
occur  in  the  circuit  if  two  metallization  layers  are  allowed  to  come  into  contact,  or  it  may  lead  to 
some  form  of  delayed  failure  of  the  interconnect  metal.  Such  delayed  failures  might  involve  either 
corrosion  of  the  interconnect  metal  or  eketromigration  (a  process  of  diffusions!  transport  of  matter 
in  the  interconnect  line  caused  by  a  very  high  current  density). 

One  of  the  purposes  of  the  passivation  glass  is  to  constrain  the  underlying  metal  layer  from 
deforming  by  diffusional  processes.  A  crack  in  the  passivation  removes  the  constraint  a;  that 
location  and  can  allow  a  net  flux  of  interconnect  material  to  flow  to  that  area,  leaving  a  material 
deficiency  elsewhere  in  the  interconnect  line.  This  has  two  negative  consequences.  First  the  point 
of  material  deficiency  usually  contains  voids  or  cracks  that  can  lead  to  premature  failure  of  the 
interconnect.  Second,  the  protrusion  of  the  interconnect  material  through  the  crack  in  the 
passivation  can  cause  shorts  to  develop  between  one  metal  layer  and  another.  All  of  these  failure 
processes  are  initiated  by  inhomogeneous  plastic  deformation  in  the  interconnect  metal.  Needless 
to  say,  it  is  important  to  understand  these  deformation  processes  so  that  more  failure  resistant 
microsuuctures  can  be  designed. 

Suhsiratt  Fai lum  The  thin  film  stresses  represent  forces  that  must  be  balanced  by  stresses  in 

the  substrate.  Because  the  substrates  are  usually  extremely  thick  compared  to  the  films,  the 
stresses  in  the  substrate  are  usually  quite  small  and  often  negligible.  This  is  not  always  the  case, 
however.  In  some  cases,  the  compressive  stresses  in  dielectric  films  can  be  so  great  that  the 
corresponding  tensile  stresses  in  the  uppermost  layer  of  the  substrate  can  cause  dislocations  to  be 
nucleated  there.  Even  cracking  of  the  substrate  can  occur,  especially  if  notches  are  present  in  the 
structure.  Figure  3  illustrates  the  conditions  that  can  lead  to  substrate  cracking.  Here,  the 
passivation  material  is  in  a  state  of  biaxial  compression,  which  causes  bending  of  the  substrate  to 
occur.  These  bending  stresses  in  the  substrate  are  tensile  just  beneath  the  passivauon  film.  The 
stresses  at  the  notch  in  the  substrate  can  be  sufficiently  high  to  either  nucleate  dislocations  there  or 
perhaps  to  initiate  fracture.  The  compressive  passivation  in  the  notch  itself  also  serves  to  create  a 
high  tensile  stress  in  the  substrate  and  this  further  increases  the  likelihood  of  crack  initiation.  The 
high  aspect  ratio  trench  structures  that  are  now  being  used  in  some  devices  are  examples  of 
structures  that  might  be  susceptible  to  this  kind  of  mechanical  failure. 
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FAILURE  ASSOCIATED  WITH  INHOMOGENEOUS 


PLASTIC  FLOW 

PASSIVATION  CRACKING 


HILLOCK  FORMATION 


Figure  2.  Mechanisms  of  inhomogeneous  deformation  in  thin  films  leading  to  cracking  of  the 

associated  passivation  film.  Dislocation  pile-ups  can  cause  passivation  cracking  and  grain 
boundary  sliding  can  cause  hillock  formation.  Cracking  of  the  passivation  film  can  lead  to 
other  failure  mechanisms. 


Figure  3.  Substrate  cracking  caused  by  stresses  in  a  passivation  film;  the  stresses  in  the  substrate  are 
concentrated  at  notches. 


Magnetic  Disk  Materials 


Magnetic  hard  disks  are  also  composed  of  thin  film  structures  and  thus  the  mechanical 
properties  of  the  films  involved  are  of  technological  importance.  Here  we  describe  the  materials 
that  are  used  in  these  applications  and  the  mechanical  forces  that  can  lead  to  failures. 

Two  different  approaches  to  hard  disk  construction  are  shown  in  Fig.  4.  The  differences 
relate  primarily  to  the  form  of  the  magnetic  media  used  in  the  device,  in  the  older,  more  mature 
technology,  the  magnetic  media  consists  of  fine  magnetic  particles  dispersed  in  a  resin  matrix 
whereas  in  the  newer  technologies,  the  magnetic  material  is  in  the  form  of  a  thin  magnetic  film. 

The  basic  operation  of  the  disk  is  the  same,  however.  In  both  cases,  the  disk  is  rotated  at  a  high 
speed  (with  surface  velocities  as  high  as  SO  mph!)  while  the  head  "flics"  aerodynamically  just 
nbove  the  surface  of  the  disk  (within  2000A  in  the  case  of  thin  Him  media)  and  "writes"  or  "reads" 
informadon  on  the  disk.  The  head  "writes"  information  by  magnetizing  or  demagnetizing  a  small 
portion  of  the  magneuc  material  on  the  disk.  It  also  "reads"  the  information  by  sensing  the 
magnetic  field  of  the  magnetized  portion. 

The  dimensions  of  the  materials  involved,  the  differences  in  their  physical  properties  and  the 
non-equilibrium  processes  used  to  fabricate  hard  disk  structures  can  all  lead  to  stress  and 
mechanical  behavior  problems  that  are  similar  to  those  that  arise  in  integrated  circuit  structures. 
However,  the  presence  of  the  head,  which  flies  at  such  a  high  relative  velocity  so  close  to  the  disk, 
introduces  completely  new  problems  in  these  devices  -  the  problems  of  friction  and  wear. 

Frequent  collisions  between  the  head  and  the  disk  cannot  be  avoided.  The  magnetic  films  must  be 
able  to  withstand  this  kind  of  abrasion  without  losing  any  of  the  information  stored  them.  The 
head  also  makes  a  crash  landing  on  the  disk  each  rime  the  device  is  turned  off  and  a  sliding  take-off 
when  the  disk  is  turned  on  once  again.  These  events  also  produce  friction  and  wear  that  may 
eventually  lead  to  failure. 

The  purpose  of  some  of  the  microstructural  features  in  hard  disk  materials  is  to  provide 
resistance  to  friction  and  wear.  The  carbon  coating  on  the  top  of  the  film  is  a  hard  surface  with  a 
low  coefficient  of  friction.  This  permits  the  head  to  slide  on  the  surface  of  the  disk  without 
producing  mechanical  damage.  The  particles  of  AI2O3  in  the  fine  particle  media  also  provide 
mechanical  durability.  During  take-off,  landing  and  collision  events,  the  head  slides  on  the  tops  of 
the  particles,  rather  than  gouging  into  the  softer  matrix  containing  the  magnetic  particles.  The 
mechanical  properties  of  all  of  these  sub-micron  features  are  crucial  to  the  successful  performance 
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Illustration  of  magnetic  head-disk  interactions.  Two  types  of  magnetic  media  are  shown:  fine- 
pariicle  media  and  thin-film  media.  The  head  "flies"  acrcxlynamically  very  close  to  the  disk  at  a  very 
high  velocity.  Collisions  between  the  head  and  disk  occur  frequently. 


MAGNETIC  MEAD-DISK  INTERACTIONS 


of  these  devices.  Needless  to  say,  the  measurement  and  understanding  of  the  mechanical 
properties  of  these  materials  is  of  great  importance. 


III.  Basic  Concepts  and  Equations  Relating  to  Stresses  in  Thin  Films 
on  Substrates 

Because  much  of  this  paper  relates  to  processes  that  are  driven  by  the  stresses  that  are 
present  in  thin  Hints  on  substrates,  it  is  important  to  have  a  clear  understanding  of  the  stress 
analysis  of  the  thin  film/substrate  problem.  In  this  section  of  the  paper  we  give  an  elementary 
treatment  of  this  problem  and  show  how  to  calculate  the  stresses  in  various  circumstances  and  how 
these  stresses  lead  to  elastic  bending  of  the  substrate.  In  a  later  section  of  the  paper  we  make  use 
of  these  relations  to  show  how  the  stress  in  the  Him  can  be  determined  from  a  measurement  of  the 
substrate  curvature.  We  present  this  analysis  for  those  readers  who  have  not  studied  the  basic 
aspects  of  this  problem.  More  detailed  and  in-depth  treatments  can  be  found  in  the  literature  (1-3). 


The  Mechanics  of  Stresses  in  Thin  Films  on  Substrates 

We  stan  by  considering  a  Hlm/substrate  composite  that  is  completely  free  of  stress,  as 
shown  in  Fig.  5.  We  assume  that  the  Him  is  very  thin  compared  to  the  substrate  (thin  film 
approximation)  and  we  also  assume  that  the  lateral  dimensions  of  the  Him  and  substrate  are  much 
greater  than  their  total  thickness.  Because  the  Him  is  under  no  stress,  we  can  imagine  removing  it 
from  the  substrate  and  allowing  it  to  stand  in  a  stress  free  state.  In  this  state,  the  lateral  dimensions 
of  the  Him  will  exactly  match  those  of  the  substrate  from  which  it  was  removed.  If  the  state  of  the 
Him  is  never  changed,  it  can  always  be  reattached  to  the  substrate  without  causing  any  stresses  to 
be  generated  in  either  the  Him  or  substrate.  However,  if  the  dimensions  of  the  film  change  in  any 
way,  then  elastic  strains  and  stresses  will  develop  when  the  Him  is  reattached  to  the  substrate.  For 
the  present  analysis,  we  consider  that  the  Him  experiences  a  uniform  volume  change  (dilatational 
transformation  strain,  e-p)  in  the  detached  state.  This  dilatational  strain  is  measured  relative  to  that 
of  the  substrate.  This  is  shown  in  the  figure  as  a  negative  dilatation  (a  volume  shrinkage).  For  a 
pure  dilatational  strain,  the  principal  strain  components  are  £xx(T)=  £yy(T)  =  £ZZ(T)  =  ey/3.  There 
are  many  ways  in  which  the  volume  of  a  film  might  change  relative  to  the  substrate.  For  example, 
if  the  film  and  substrate  have  different  thermal  expansion  coefficients  a  change  in  temperature  will 
produce  the  relative  volume  change  discussed  here.  In  addition,  the  annihilation  of  excess 
vacancies,  dislocations  and  grain  boundaries  are  processes  that  lead  to  volume  changes  due  to 
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FILM  STRESS  -  SUBSTRATE  CURVATURE  RELATIONS 


Remove  Film  from  Substrate 


Allow  Film  Dimensions  to  Change  Relative  to  Substrate 


Apply  Stress  to  Return  Film  to  Substrate  Dimensions 


5.  Illustration  of  the  relationship  between  the  biaxial  stress  in  a  thin  film  and  the  associated 
bending  of  the  substrate. 


dcnsificaticn.  Also,  phase  transformations  and  composition  changes  can  produce  dilaudonal 
strains  in  the  film.  For  the  case  of  heieroepiuxial  films,  a  natural  misfit  exists  between  film  and 
substrate  in  their  stress  free  state. 

We  now  consider  the  process  of  reattaching  the  film  to  the  substrate.  Because  the  lateral 
dimensions  of  the  film  no  longer  match  those  of  the  substrate,  a  biaxial  stress  must  be  imposed  on 
the  film  to  elastically  deform  it,  so  that  it  again  fits  the  dimensions  of  the  substrate.  The  stress 
required  to  do  this  produces  elastic  strains  £*x  and  Cyy  that  exaedy  compensate  these  components 
of  the  transformation  strain.  Thus 

r-r  -r  -  _  .fj.  (1) 

C-£xx-Cyy-  -y 

Using  Hooke's  law,  this  leads  to  a  biaxial  stress  in  the  film 

(J  ™  C  XX  “  a  yy  “  Me  , 


where  M  is  the  biaxial  elastic  modulus  of  the  film.  For  isotropic  elasticity,  the  biaxial  modulus  of 
the  film  is  simply 


where  E  is  Young's  modulus  and  v  is  Poisson's  ratio. 

In  Fig.  5  we  note  that  the  tensile  forces  needed  to  deform  the  film  to  match  the  dimensions  of  the 
substrate  produce  a  biaxial  stress  state  in  the  film.  As  long  as  these  forces  are  present,  the  stress  in 
the  film  does  not  change  when  it  is  reattached  to  the  substrate.  We  now  consider  the  changes  that 
occur  when  these  edge  forces  are  removed  after  the  film  is  again  perfectly  bonded  to  the  substrate. 
A  principle  of  superposition  can  be  used  to  understand  what  happens  when  the  edge  forces  are 
removed.  We  remove  the  forces  at  the  edges  by  superimposing  forces  of  opposite  sign  on  the 
edges  of  the  film.  These  additional  forces  remove  the  normal  tractions  from  the  edges  of  the  film, 
and  they  produce  shear  stresses  on  the  film/substrate  interface  near  the  edges  of  the  film.  These 
shear  stresses  on  the  interface  near  the  edges  of  the  film  provide  the  forces  needed  to  maintain  the 
biaxial  stress  in  the  film.  These  forces  also  cause  the  substrate  to  bend  elastically,  as  discussed 
below. 
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Single  Crystal  Thin  Filins 


For  the  case  of  single  crystal  films  or  for  polycrysialline  films  with  strong  crystallographic 
texture,  the  anisotropy  of  the  elastic  properties  must  be  taken  into  account.  Here  we  give  some 
results  for  cubic  single  crystal  films.  For  a  film  in  which  the  (001)  cube  plane  lies  parallel  to  the 
plane  of  the  film,  the  biaxial  elastic  modulus  is  isotropic  in  the  plane  of  the  film  and  is  given  by 

2C~ 

M(001)  =  Cn+Cl2-*^  t  (4) 


where  Cj  j  and  C12  are  components  of  the  stiffness  matrix.  We  note  that  neither  Young's  modulus 
nor  Poisson’s  ratio  alone  are  isotropic  in  the  (001)  plane,  but  the  ratio  E/(l-v),  which  forms  the 
biaxial  modulus,  is  isotropic  in  that  plane.  A  single  crystal  film  with  a  (1 1 1)  plane  lying  in  the 
plane  of  the  film  is  fully  isotropic  in  that  plane.  In  this  case,  the  biaxial  modulus  is 


MCI  1 1) 


avenge,,) 

C.I  +  2C.2  +  4C« 


(5) 


For  a  single  crystal  film  with  a  (01 1)  plane  parallel  to  the  plane  of  the  film,  the  elastic  properties  arc 
not  isotropic  in  the  plane  of  the  film.  The  elastic  moduli  in  the  mutually  perpendicular  ( 100]  and 
(Oil)  directions  ore  different.  If  such  a  film  is  subjected  to  in-plane  stresses  such  that  the  result  is 
an  equal  biaxial  strain,  cstxx*  £yy,  the  stresses  in  the  two  directions  can  be  computed  using  the 
following  moduli: 


M(100]  =  Cu+C12 


£]2^n  *  ^^12~  2<~4p 
(Cn  +  C,2+2C44) 


(6) 


-  (2C„  +6C.2+4C44)  (2C,.+2Cp-4C44)(C11+3C  -2C44) 

M(01  1  ]  =  ■■■—  4  2  - . -«■ - 4  "  ^  (c”+C|a%2C^  (?) 
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Substrate  Bending  and  Substrate  Stresses 


The  edge  forces  exerted  on  ihc  substrate  by  the  biaxial  stress  in  the  film  cause  the  substrate 
to  deform  elastically  in  biaxial  bending.  The  amount  of  bending  depends  on  the  thickness  and 
biaxial  elastic  modulus  of  the  substrate.  If  the  biaxial  elastic  modulus  is  isotropic  in  the  plane  of 
the  substrate,  as  it  is  for  (001)  and  (1 1 1)  substrates  of  cubic  materials  (eg.  silicon),  then  the 
nim/substrate  composite  adopts  the  shape  of  a  spherical  shell  when  it  deforms.  A  simple  biaxial 
bending  analysis  shows  that  the  curvature,  K,  and  radius  of  curvature,  R  *  K*l,  are  given  by 

k*  -  X  i  6qfhf 

*  M,  h2  ,  (8) 

where  Ms  =  (E/l-v)$  is  the  bixxial  elastic  modulus  of  the  substrate,  or  is  the  biaxial  tensile  stress  in 
the  Him,  hf  is  the  thickness  of  the  Him  and  h$  is  the  thickness  of  the  substrate.  The  edge  force  per 
unit  length  is  represented  by  Ofhf  in  this  expression.  We  note  that  this  relation  can  be  inverted  to 
give  the  stress  in  the  film  as  a  function  of  the  substrate  curvature  caused  by  that  stress,  as  shown 
by 


O 


f 


=  M 


o 


SGhfR 


(9) 


For  single  crystal  substrates,  the  biaxial  elastic  modulus,  M$,  must  be  computed  from  the 
components  of  the  stiffness  matrix  for  that  crystal.  The  modulus  M$  is  given  by  eqns.  (4)  and  (5) 
for  (001)  and  (1 1 1)  substrates,  respectively.  When  the  (01 1)  plane  is  parallel  to  the  plane  of  the 
substrate  (or  for  non-cubic  substrates),  the  substrate  is  not  elastically  isotropic  in  that  plane  and 
docs  not  bend  symmetrically. 

It  should  be  noted  that  eqn.  (8)  for  the  elastic  bending  of  the  substrate  does  not  depend  on 
the  elastic  properties,  or  any  other  mechanical  properties  of  the  film.  The  reason  for  this  relates  to 
the  thin  film  approximation  that  is  made  in  the  derivation  of  this  result.  Typically,  films  about  1 
pm  thick  arc  deposited  onto  substrates  that  may  be  500  to  1000  times  thicker.  In  such  cases,  the 
flexural  modulus  of  the  thin  film/substrate  composite  is  completely  dominated  by  the  properties  of 
the  substrate.  The  properties  of  the  film  have  a  negligible  effect  on  the  bending.  It  follows  that 
when  multiple  thin  films  are  deposited  sequentially  onto  a  much  thicker  substrate,  each  film  causes 
a  fixed  amount  of  bending  to  occur,  irrespective  of  the  order  in  which  the  films  are  deposited.  The 
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amount  of  curvature  change  is  determined  by  the  stress  and  thickness  of  each  film.  The  tool 
change  of  substrate  curvature  is  simply  the  sum  of  the  curvature  changes  associated  with  the 
presence  of  each  film.  Of  course,  the  sign  of  the  curvature  change  caused  by  each  film  must  be 
taken  into  account.  For  cases  in  which  the  filtns  are  not  thin  compared  to  the  substrate,  a  more 
elaborate  bending  analysis  must  be  used  that  takes  account  of  the  elastic  properties  of  the  films  (3]. 

It  is  commonly  believed  that  the  stresses  in  a  thin  film  of  uniform  thickness  can  cause 
significant  stresses  to  develop  in  the  underlying  films  and  in  the  substrate.  Specifically,  it  is 
widely  assumed  that  depositing  a  thin  film  of  a  passivation  material  like  Si3N4,  which  typically  is 
in  a  state  of  high  biaxial  compressive  stress,  will  cause  correspondingly  large  biaxial  tensile 
stresses  to  develop  in  the  substrate  and  in  underlying  thin  films.  A  simple  bending  analysis  using 
the  thin  film  approximation  shows  that  this  is  not  true.  Although  the  compressive  stress  in  the 
passivation  film  is  compensated  by  tensile  stresses  in  the  underlying  layers,  these  tensile  stresses 
arc  usually  extremely  small  and  can  often  be  ignored.  Typically,  the  maximum  tensile  stress 
induced  in  the  underlying  layers,  ojnduced.  by  the  compressive  stress  in  the  passivation  film, 
Opass..  >$  given  by 

3hp 

a  induced  “  hs  0pass.  •  ^  ^ 

This  formula  is  obtained  by  balancing  the  force  per  unit  length  in  the  passivation  film,  Cpasj.hp, 
with  an  opposing  force  per  unit  length  and  moment  per  unit  length  in  the  substrate.  For  the  typical 
y  dimensions  of  hp*l  Jim  and  hs=500  urn,  this  shows  that  the  magnitude  of  the  stress  in  the 

underlying  layers  is  less  than  one  percent  of  the  compressive  stress  in  the  passivation.  For 
patterned  structures,  the  interaction  of  stresses  in  different  films  can  be  significant  and  must  be 
taken  into  account. 

Sources  of  Strain 

As  discussed  above,  the  stresses  in  thin  films  on  substrates  can  be  viewed  as  arising  from  the 
misfit  that  must  be  accommodated  elastically  when  the  film  is  attached  to  the  substrate. 

Thermal  SirciDS 

There  are  various  types  of  strains  that  can  develop.  For  thermal  mismatch  problems,  the 
elastic  strain  needed  to  fit  the  film  to  the  substrate  is 
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c  =  -  (af  -  as)  (T  -  T0)  =  -  AoAT 


CU) 


where  af  and  a$  are  the  linear  thermal  expansion  coefficients  of  the  film  and  substrate, 
respectively,  T  is  the  current  temperature  and  To  is  the  initial  temperature  at  which  the  film  and 
substrate  were  in  a  stress  free  state,  A  typical  case  is  one  in  which  a  metal  film  is  deposited  onto 
silicon  in  a  stress  free  state  at  high  temperatures  and  subsequently  cooled  to  room  temperature.  In 
such  cases  apct$  and  T<T0  so  that  the  elastic  accommodation  strain  is  positive  and  tensile  stresses 
arc  developed  in  the  film. 

Growth  Strains 


As  discussed  earlier,  if  the  density  of  the  film  changes  after  it  has  been  bonded  to  the 
substrate,  an  "intrinsic"  or  growth  stress  develops  in  the  film.  In  this  case,  the  clastic 
accommodation  strain  is  given  by 


where  ex  is  the  dilaiationa!  "transforma tior. '  strain  associated  with  the  change  in  density.  A  film 
that  densifies  when  it  is  attached  to  the  substrate  must  be  subjected  to  biaxial  tensile  strain  (and 
corresponding  tensile  stress)  to  match  the  dimensions  of  the  substrate. 

Epitaxial  Strains 


For  epitaxial  films  on  thick  substrates,  the  eiasdc  accommodation  strain  is  simply 


e  = 


03) 


where  af  and  as  are  the  lattice  parameters  of  the  film  and  substrate,  respectively.  Here  all  of 
the  elastic  accommodation  is  assumed  to  take  place  in  the  film  because  the  substrate,  being  so  much 
thicker  than  the  film,  is  essentially  rigid. 
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IV.  Formation  of  Misfit  Dislocations  in  Epitaxial  Thin  Films 


We  begin  our  study  or  mechanics!  properties  of  thin  films  on  substrates  by  considering  the 
formation  of  misfit  dislocations  in  epitaxial  thin  films  on  single  crystal  substrates.  Tlus  problem  is 
important  in  its  own  right  because  of  ti.i  technological  interest  in  forming  dislocation-free  epitaxial 
thin  films  or  single  crystal  substrates.  It  is  also  important  because  it  provides  a  basis  for 
understanding  the  dislocation  processes  responsible  for  plastic  deformation  of  thin  films  on  non* 
deformable  substrates. 


There  is  a  great  amount  of  interest  in  growing  semiconductor  thin  films  on  dislocation  free 
substrates  using  heteroepitaxy.  The  basic  idea  of  this  technology  is  that  semiconductors  (hat  are 
difficult  to  grow  as  bulk  crystals  might  be  grown  by  forming  heteroepitiwlal  layers  on  dislocation- 
free  single  crystal  substrates.  Of  course,  any  lattice  mismatch  between  the  film  and  substrate  must 
be  accommodated  by  a  v.niform  strain  in  the  film  (together  with  slight  bending  of  the  substrate)  and 
this  typically  leads  to  very  Urge  biaxial  stresses  in  the  film.  Intuitively,  one  might  expect  these 
large  stresses  to  be  relaxed  by  plastic  flow  in  tlie  film  (through  dislocation  nucieation  and  motion) 
regardless  of  the  film  thickness.  But  this  cannot  occur  in  very  thin  films  because  the  energies  of 
the  dislocations  created  by  such  relaxation  processes  are  greater  than  the  recovery  of  strain  energy 
associated  with  the  relaxation.  Thus,  there  is  a  critical  film  thickness,  he,  below  which  the  film  is 
stable  with  respect  to  dislocation  formation.  Below  that  critical  thickness  misfit  dislocations  cannot 
and  do  not  form  in  heterocpitaxial  structures. 


Equilibrium  Theory 


The  equilibrium  theory  of  misfit  dislocation  formation  was  developed  by  van  der  Merwe  (4) 
and  Matthews  (5-7)  and  is  now  well  established.  Figure  6  illustrates  the  essential  features  of  the 
theory.  As  shown  in  the  figure,  the  energy  (per  unit  film  area)  of  a  very  thin  film  is  lowest  when 
no  dislocations  are  present.  Such  films  are  perfeedy  coherent  with  the  substrate  in  their 
equilibrium  state  and  have  an  energy  (per  unit  area)  given  by 


E 


hom  ogeneous 


=  Mhe2 


(h<hc) 


(14) 


where  M  is  the  biaxial  elastic  modulus  of  the  film,  h  is  the  film  thickness  and  e  is  the  biaxial  elastic 
strain  that  must  be  imposed  on  the  film  to  bring  the  lattice  of  the  film  into  coincidence  with  that  of 
the  substrate.  We  note  that  Me  is  the  biaxial  stress  in  the  film.  The  fact  that  the  equilibrium  state 
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FORMATION  OF  MISFIT  DISLOCATIONS  IN 
EPITAXIAL  FILMS 


Figure  6.  Illustration  of  the  Matthews'  [5-7]  equilibrium  theory  of  misfit  dislocation  formation.  Below 
a  critical  film  thickness  the  equilibrium  state  of  the  film  is  dislocation  free.  Dislocations  form 
in  thicker  films  to  reduce  the  free  energy  of  the  system. 


for  a  very  thin  film  is  dislocation  free  can  be  shown  by  considering  a  slightly  thicker  Him  that 
contains  misfit  dislocations.  The  introduction  of  misfit  dislocations  partially  accommodates  the 
lattice  misfit  between  the  film  and  substrate  and  this  allows  the  uniform  strain  in  the  film  (and  its 
associated  energy)  to  be  reduced.  When  dislocations  with  Burgers  vectors  b  and  spacing  S  are 
formed,  the  remaining  homogeneous  strain  in  the  film  is  (c  -  h f$)  and  the  corresponding  strain 
energy  is  reduced  accordingly.  While  the  strain  energy  associated  with  the  homogeneous  strain 
decreases  as  misfit  dislocations  are  introduced,  the  energies  of  those  dislocations  increases  the 
energy  of  the  system.  The  dislocation  energy  (per  unit  area)  is  expressed  approximately  as 


,  ^  2lnfPh>l 

dislocations  4x(l-v)S  \  b  / 


(IS) 


where  p  is  the  shear  modulus  of  thin  film  and  substrate  (here  assumed  to  be  the  same),  v  is 
Poisson's  ratio  and  p  is  a  numerical  constant  of  the  order  of  unity.  The  factor  2/S  in  this 
expression  represents  the  misfit  dislocation  length  per  unit  film  area,  while  the  remaining  terms 
give  the  energy  per  unit  length  of  each  misfit  dislocation.  The  dislocation  energy  depends 
logarithmically  on  the  film  thicknesses  because  this  dimension  controls  the  outer  cut-off  radius  for 
the  elastic  field  of  the  dislocations.  The  total  energy  of  thin  films  containing  misfit  dislocations  is 
then  found  by  adding  these  two  terms.  The  result  is 


We  note  that  the  energy  associated  with  the  uniform  strain  (the  first  term  in  the  RHS  of  eqn.  (16)) 
varies  linearly  with  the  film  thickness  h,  while  the  energy  associated  with  the  misfit  dislocation 
varies  only  logarithmically  with  film  thickness.  As  a  consequence,  only  above  a  critical  thickness, 
he,  does  the  introduction  of  misfit  dislocations  lead  to  a  decrease  in  the  energy  of  the  system.  The 
equilibrium  state  of  the  system  can  be  determined  by  finding  the  conditions  for  which  the  total 
energy  (per  unit  area)  reaches  an  absolute  minimum  with  respect  to  the  number  of  misfit 
dislocations  per  unit  length,  1/S.  This  is  obtained  by  sening  the  following  derivative  to  zero: 


-^-=-2Mhbfe-^)  + 

9(j)  V  S; 


2nd  -v) 


(17) 


The  critical  film  thickness  is  then  found  by  solving  this  equation  for  the  special  case  of  b/S  -  0: 
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(18) 


hc  Rb 

4x(l  -  v)Mc 

'"1-rJ 

For  h>hc  the  equilibrium  state  includes  misfit  dislocations  as  shown  in  Fig.  6,  but  for  h<hc  the 
lowest  energy  is  achieved  when  no  misfit  dislocations  we  present.  Thus,  there  is  a  critical 
thickness,  below  which  fully  coherent  epitaxial  films  ate  thermodynamically  stable. 

Comparison  with  Experiment 

Recent  work  on  hctcrocpitaxial  films  of  Si-Ge  on  Si  suggests  that  these  films  remain 
dislocation  free  at  thicknesses  much  greater  than  the  critical  thickness  predicted  by  the  equilibrium 
theory  (8-10).  This  result  is  shown  in  Fig.  7  for  Si-Gc  alloy  films  on  Si  substrates.  Here,  the  data 
of  Bean  ct  al.  (9)  axe  compared  with  predictions  of  the  equilibrium  theory.  For  films  containing  20 
percent  Gc  or  less,  the  actual  film  thicknesses  at  which  misfit  dislocations  are  observed  are  an 
order  of  magnitude  greater  than  the  critical  thicknesses  predicted  by  the  equilibrium  theory.  These 
results  have  also  been  found  recently  by  Gronet  ( 1 1],  as  shown  in  Fig.  8.  Similar  results  have 
been  reported  by  Tsao  ct  al.  ( 10J  for  Gc-$i  alloy  films  on  Ge  substrates.  Some  of  their  results  are 
shown  in  Fig.  9.  Although  there  was  some  debate  about  the  evidence  for  this  discrepancy  [  IS¬ 
IS!,  now  seems  likely  tha;  the  results  cited  here  are  genuine  and  that  the  cause  of  the  discrepancy 
is  related  to  the  kinetics  of  nucleation,  motion  and  multiplication  of  dislocations  in  epitaxial 
semiconductor  films  (10,14-16).  Below,  we  pvc  a  dislocation  dynamics  model  for  the  formation 
of  misfit  dislocations  in  epitaxial  thin  films.  The  model  provides  a  mechanistic  understanding  of 
misfit  dislocation  formation  in  terms  of  the  kinetics  of  nucleation,  motion  and  multiplication  of 
misfit  dislocations. 

Following  the  work  of  Matthews  (5-7),  Freund  (17]  has  shown  that  the  most  powerful  way 
to  understand  the  formation  misfit  dislocations  in  epitaxial  structures  is  to  consider  the  energetics 
associated  with  the  incremental  extension  of  a  misfit  dislocation,  rather  than  considering  the  overall 
energy  change  associated  with  the  formation  of  a  periodic  array  of  misfit  dislocations.  Because 
this  approach  is  based  on  the  mechanism  of  misfit  dislocation  formation,  it  is  easy  to  see  how  the 
kinetics  of  dislocation  motion  should  be  included  in  the  analysis. 
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Figure  7.  Critical  film  thickness  as  a  function  of  misfit  strain  for  GexSi|.x  films  on  Si  substrates.  The  strain  in 
the  film  is  determined  by  the  composition.  The  experimental  results  of  Bean  et  al.  (9J  are  compared 
with  Matthews'  equilibrium  theory  (5-71. 
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Figure  8.  Misfit  dislocation  spacing  in  Si-Gc  films  on  Si  substrates  as  a  function  of  film  thickness  during  film 
growth.  The  predictions  of  the  equilibrium  theory  [5-7  J  are  compared  with  measurements  reported 
by  G nonet  ( 1 1J.  The  observed  spacings  are  much  greater  than  expected  from  the  equilibrium  theory. 


Figure  9.  Critical  film  thickness  as  a  function  of  misfit  strain  (film  composition)  for  Gc  rich  films  on  Ge 

substrates  1 10).  The  composition  (or  strain)  at  which  misfit  dislocations  are  Fust  observed  is  greater 
than  predicted  by  the  equilibrium  theory  J5-7J. 
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Mechanisms  of  Misfit  Dislocation  Formation 


Following  the  work  of  Freund  (17),  we  envision  a  dislocation  that  extends  from  the  free 
surface  of  a  film  to  the  film-substrate  interface  and  deposits  a  misfit  dislocation  at  the  film/substrate 
interface  as  it  moves.  This  is  shown  in  Fig.  10.  In  this  figure  and  throughout  this  section,  we 
consider  the  case  of  FCC  crystals  with  the  (001)  orientation  and  focus  our  attention  on  the  motion 
of  dislocations  on  the  octahedral,  (111),  planes.  For  films  of  this  orientation,  the  angles  defining 
the  (111)  slip  plane  normal  and  the  Burgers  vector  are  !p  =  cos' 1(1/V3)  andX«  co$*l(l/V2), 
respectively.  Much  of  the  recent  experimental  data  has  been  obtained  for  Si-Ge  alloy  films  grown 
onto  pure  Si  substrates.  Lattice  mismatch  causes  the  films  to  be  in  a  state  of  biaxial  compression, 
as  shown  in  the  figure. 

Threading  Dislocations 

We  may  ask  how  the  process  shown  in  Fig.  10  gets  started.  If  dislocations  are  present  in 
the  substrate  on  which  the  film  is  growing,  then  they  grow  naturally  into  the  epitaxial  film  and 
reach  the  free  surface  of  the  film.  These  are  sometimes  called  "threading"  dislocations.  The 
process  by  which  threading  dislocations  can  begin  to  form  misfit  dislocations  at  the  film/substrate 
interface  is  shown  schematically  in  Fig.  1 1.  The  biaxial  stresses  in  the  film  exert  forces  on  the 
threading  dislocation  and  cause  it  to  move  in  its  slip  plane.  The  portion  of  the  dislocation  that 
resides  in  the  substrate  remains  stationary;  the  forces  on  it  are  much  smaller  and  are  of  opposite 
sign.  Thus  the  threading  dislocation  in  the  film  bends  over  as  it  moves  and  eventually  leaves  a 
misfit  dislocation  in  its  wake.  Continued  movement  of  the  threading  dislocation  extends  the  length 
of  the  misfit  dislocation. 

Misfit  dislocations  are  also  formed  in  epitaxial  films  grown  onto  dislocation-free  substrates. 
In  such  cases,  threading  dislocations  are  not  available  to  produce  the  misfit  dislocations.  Although 
the  process  is  not  well  understood,  misfit  dislocations  must  be  created  by  some  form  of  dislocation 
nucleation,  most  probably  at  defects  at  the  free  surface  of  the  growing  film.  Figure  12  shows  how 
the  nucleation  of  a  dislocation  half  loop  at  the  surface  of  the  growing  film  eventually  leads  to  the 
formation  of  a  misfit  dislocation  at  the  film/substrate  interface.  The  two  ends  of  the  half  loop  move 
in  opposite  directions  and  create  additional  misfit  dislocation  lengths  as  they  move. 
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interface  between  the  film  and  the  substrate. 
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Bending  of  a  Threading  Dislocation  During  Film  Growth 


Figure  1 1.  Bending  of  a  threading  dislocation  in  a  strained  film  growing  on  a  substrate.  Above  a  critical 
thickness,  the  strain  in  the  film  is  sufficient  to  cause  the  dislocation  in  the  film  to  move  and  cr 
misfit  dislocation. 


a  misfit  dislocation  at  the  film-substrate  interface. 


21 

N 

C 

3 

N 


O 

S. 

8 


S 

sr 


i 

a 

2, 

s 

I 

3 


n 

| 

3 

<W 

3“ 


o 

S 

3 

C 

&» 


w 

3. 


o 

VI 


Freund’s  model  of  misfit  dislocation  formation  is  based  on  the  idea  that  the  work  done  by 
the  stress  in  the  film  when  the  dislocation  moves  a  unit  distance  must  provide  enough  energy  to 
deposit  a  unit  length  of  misfit  dislocation.  Following  Freund,  we  call  the  work  done  by  the  stress 
in  the  film  Wjaycr  and  call  the  work  required  to  form  a  unit  length  of  dislocation  Wdislocation- 
For  the  dislocation  geometry  shown  in  Fig.  10  we  can  show  that  Wjayer  is 


=  4W1_=cos«oil  sa 

layer  sin  tp  sin  <p  2 


(19) 


For  the  FCC  slip  geometry  under  consideration,  the  Burgers  vector  makes  an  angle  of  60’  to  the 
line  of  the  misfit  dislocation;  thus,  the  misfit  dislocation  deposited  at  the  film/substratc  interface  is  a 
60*  mixed  dislocation  and  Wpisiocation  must  be  found  for  that  case.  We  use  the  results  of  Freund 
[  1 7 1  and  Barnett  ( 1 8)  for  edge  and  screw  dislocations,  respectively,  to  construct  the  solution  for  a 
60*  dislocation.  Freund  has  shown  that  the  energy  of  an  edge  dislocation  lying  at  die  interface 
between  a  thin  film  and  semi-infinite  substrate  can  be  expressed  as 


be  2^s  (PeM 
Wcdge  =  4n(l-v)  (pf  +  ps)  ]n[  bc  , 


(20) 


where  (following  the  form  given  by  Matthews)  pf  and  p$  are  the  shear  moduli  of  the  film  and 
substrate,  respectively,  pc  is  a  numerical  constant  equal  to  0.701,  and  the  other  terms  have  their 
usual  meaning.  The  result  for  a  screw  dislocation  was  obtained  recently  by  Barnett  [18]  and  takes 
the  similar  form 

b2  (PsM 

^ screw  =  4k  (pf  +  p$)  ,n[  b$  J  ,  (21) 


where  P$  =  1 .0.  We  can  obtain  the  result  for  a  60*  mixed  dislocation  by  noting  that  be  =  (V3/2)b 
and  bs  =  b/2,  and  by  adding  the  energies  of  the  edge  and  screw  components.  After  some 
rearrangement  and  using  v  =  0.3,  we  obtain 


W 


60  dislocation 


=  0. 95 


4n(l  -  v)  (Pf  +  PS) 


(.22) 
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where  P  *  0.755. 


We  may  now  continue  to  develop  a  model  for  misfit  dislocation  formation.  Wfoyer  must  be 
greater  than  W60°dislocarion  in  order  for  the  dislocations  in  the  film  to  move  and  deposit  misfit 
dislocations.  On  the  basis  of  this,  we  may  define  an  effective  stress  for  dislocation  modon  in  terms 
of  the  work  done  by  the  stress  in  the  film  less  the  work  required  to  deposit  the  misfit  dislocation: 

x  rrb“r^ —  =  W ,  -  W  .  P3) 

eff  sin  9  layer  60  dislocation  * 

This  net  driving  force  is  posidve  only  at  film  thicknesses  greater  than  the  critical  thickness. 

Indeed,  the  critical  film  thickness  discussed  above  can  be  found  by  setting  the  right  side  of  this 
equation  equal  to  zero. 


W  -  W 

layer  60°dislocation 


■  ■  -°C  -  ,  g  b  mg 

,npc)~  +  M 


(24) 


where  the  biaxial  stress  o  has  been  used  in  place  of  the  product  of  the  biaxial  modulus  and  misfit 
strain,  cr  *  Me.  This  result  is  a  more  exact  form  of  eqn.  (1 8)  for  this  particular  orientation.  This 
relation  may  also  be  used  to  find  the  relaxed  stress  in  a  film  containing  an  equilibrium  number  of 
misfit  dislocations.  For  h>hc  the  result  is 


_  1.9b  jjxiii  iJEl 

4rt(l  -v)h  ()if+Hs)  V  b  J 


(25) 


Kinetics  of  Dislocation  Morion 


The  kinetics  of  misfit  dislocation  formation  can  be  predicted  using  the  effective  stress 
defined  by  eqn.  (23)  and  the  dislocation  mobility.  Haasen  and  Alexander  [19]  have  measured 
dislocation  mobilities  in  Si  and  Ge,  and  others  have  made  similar  measurements  for  other 
semiconductors  [20-21],  According  to  these  studies,  the  dislocation  velocities  in  semiconductors 
can  be  expressed  as 


where  teff  is  ibe  effective  stress  as  defined  above  and  U  is  the  aedvadon  energy  for  dislocation 
motion.  Because  the  effective  stress  is  zero  at  the  critical  thickness,  the  rates  of  dislocation  motion 
and  misfit  dislocation  formation  are  both  zero  at  h»hc.  The  dislocations  can  move  with  finite 
velocities  only  in  films  that  are  greater  than  the  critical  thickness. 

Because  each  moving  dislocation  deposits  a  irusfit  dislocation  as  it  moves,  the  overall  rate  of 
misfit  dislocation  formation  can  be  found  by  multiplying  the  velocity  by  the  number  of  moving 
dislocations  per  unit  area.  If  the  misfit  dislocation  density,  defined  as  the  line  length  of  misfit 
dislocations  per  unit  area  of  film,  is  Pmf»  it  follows  that  the  rate  of  production  of  misfit  dislocations 
can  be  expressed  as 

^t  =  Nv  .  (27) 

at 

where  N  is  the  moving  dislocation  density.  Thus,  the  rate  of  formation  of  misfit  dislocations 
depends  on  the  density  of  mobile  dislocations  that  are  already  there.  If  the  substrate  is  dislocation- 
free  and  no  dislocations  arc  nucleated  in  the  epitaxial  film  during  growth,  then  misfit  dislocations 
cannot  form. 

Consigns  Tlireadine  Dislocation,  Density  The  simplest  kinetic  model  is  one  in  which  a  fixed 
number  of  threading  dislocations  is  assumed  to  exist  in  the  substrate  prior  to  film  growth.  Such 
dislocations  would  extend  into  the  growing  film  and  would  be  subjected  to  the  stresses  there.  As 
the  film  thickness  increases,  above  the  critical  film  thickness,  these  dislocations  bend  over  and 
begin  to  glide  parallel  to  die  film-substrate  interface,  creating  misfit  dislocations  as  they  move. 

This  process  is  shown  in  Fig.  11.  If  the  density  of  threading  dislocations  is  constant  (no 
multiplication  of  existing  dislocations  or  nucleation  of  new  ones),  the  rate  of  increase  of  misfit 
dislocation  line  length  is  governed  entirely  by  the  dislocation  velocity.  If  we  define  the  average 
spacing  between  misfit  dislocations,  S,  as 


then  the  spacing  between  misfit  dislocations  will  decrease  continuously  during  the  course  of 
growth  once  the  critical  film  thickness  has  been  exceeded,  figure  13  shows  how  the  misfit 
dislocation  spacing  in  epitx  jal  films  of  Si+0.2Ge  on  Si  is  expected  to  change  during  film  growth. 
Various  constant  mobile  dislocation  densities  were  assumed  in  the  calculations.  The  film  was 
assumed  to  be  growing  at  a  rate  of  5  nm  per  minute  at  a  temperature  of  625’C  and  the  velocities  of 
the  dislocations  were  calculated  using  eqn.  (26)  with  U*2.2eV,  To*  9.8  MPa  and  B*  7.33x1 04 
m/s.  The  curve  indicating  the  largest  misfit  spacings  corresponds  to  the  lowest  mobile  dislocation 
density.  The  lowest  curve  corresponds  to  the  equilibrium  spacing  between  misfit  dislocations. 

For  all  curves,  the  misfit  spacings  tend  to  infinity  at  a  film  thickness  of  about  13.3  nm.  This 
corresponds  to  the  cridcal  film  thickness  for  this  system.  One  notes  that  the  curve  corresponding 
to  the  largest  dislocation  density  coincides  with  the  equilibrium  theory  at  large  film  thicknesses,  as 
expected. 

Muliblicdifon  of  Dislocations  The  above  treatment  is  unrealistic  because  it  does  not  allow  for 

either  dislocation  multiplication  or  nucleation  of  new  dislocations  in  the  course  of  growth.  Several 
mechanisms  of  dislocation  multiplication  can  be  envisioned.  One  of  these,  suggested  first  by 
Hagen  and  Strunk  [22],  has  been  directly  observed  by  Rajan  and  Denhoff  [23]  using  weak  beam 
TEM  techniques.  According  to  this  mechanism,  two  crossing  misfit  dislocations  with  the  same 
Burgers  vectors,  of  the  kind  shown  in  Fig.  14,  can  annihilate  locally  and  produce  two  new  mobile 
dislocations,  which  can  then  glide  and  produce  additional  lengths  of  misfit  dislocation.  This  is  but 
one  of  many  mechanisms  that  are  possible.  AU  such  mechanisms,  however,  can  be  described 
using  the  concept  of  a  breeding  factor.  We  define  the  breeding  factor,  5,  as  the  number  of  new 
dislocations  produced  per  unit  length  of  glide  motion  by  each  moving  dislocation.  Then  the 
multiplication  of  dislocations  can  be  described  by 

=  N5v  .  (29) 

dt 

The  effect  of  dislocation  multiplication  on  the  misfit  dislocation  spacing  during  the  course  of  film 
growth  is  shown  in  Fig.  15.  Here  we  have  assumed  a  very  low  initial  dislocation  density  of 
N=0.1  cm *2  and  have  considered  constant  breeding  factors  of  5, 10  and  20  dislocations/mm.  We 
note  that  although  some  dislocation  motion  occurs  as  soon  as  the  critical  film  thickness  is 
exceeded,  the  misfit  dislocation  spacing  remains  very  large  until  the  film  has  reached  a  thickness  of 
about  100  nm.  The  predictions  are  in  qualitative  agreement  with  the  results  of  Gronet  [11]  shown 
in  Fig.  8. 
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Figure  1 3.  Misfit  dislocation  spacing  as  a  function  of  film  thickness  during  growth  of  a  Si+0.2Ge  film  on 
substrate  under  the  conditions  shown.  Calculations  are  shown  for  three  different  threading 
dislocation  densities.  The  predictions  of  the  equilibrium  theory  are  also  shown. 


Figure  14.  Illustration  or  the  Hagen-Stnink  (22]  mechanism  oT  dislocation  multiplication.  Crossing  dislocations 
with  the  same  Burgers  vectors  can  react  to  form  two  new  mobile  dislocations  as  shown. 


Hagen  -  Strunk  Reaction 
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Figure  15.  Misfit  dislocation  spacing  as  a  function  of  film  thickness  during  growth  of  a  Si+0.2Ge  film  on  a  Si 
substrate  under  the  conditions  shown.  Calculations  are  shown  for  three  different  rates  of  dislocation 
multiplication.  The  predictions  of  the  equilibrium  theory  are  also  shown. 


According  to  (he  Hagen-Stnmk  multiplication  mechanism  discussed  above,  the  breeding 
factor  should  be  proportional  to  the  number  of  Hagcn-Strunk  type  intersections  produced  per  unit 
length  of  dislocation  travel.  This  may  be  expressed  as 
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(30) 


where  S  is  the  current  spacing  between  misfit  dislocations  and  pns  is  breeding  efficiency,  or  the 
probability  that  any  particular  Hagen-Stnmk  intersection  actually  results  in  a  new  pair  of  moving 
dislocations.  The  effect  of  this  kind  of  muldplicadon  on  the  spacing  of  misfit  dislocations  is 
shown  in  Fig.  16.  Here  we  consider  the  case  of  a  film  with  an  initial  dislocation  density  of 
N0* 1000  cm-2.  We  show  the  effect  of  Hagen-Stnmk  multiplication  by  calculating  the  evolution  of 
the  misfit  dislocadon  spacing  for  various  breeding  efficiencies.  The  calculadon  involves  coupling 
eqn.  (27)  with  eqn.  (28),  and  using  eqns.  (29)  and  (30)  to  describe  the  muldplicadon  process.  We 
see,  as  expected,  that  multiplication  can  have  a  profound  effect  on  the  evolution  of  the  misfit 
dislocation  spacing.  Generally,  increasing  the  breeding  factor  causes  the  misfit  dislocations  to 
form  more  abruptly  during  film  growth.  Indeed,  the  curves  of  Figs.  IS  and  16  give  the  impression 
that  the  critical  thickness  for  misfit  dislocation  formation  is  much  greater  than  the  true  critical 
thickness  of  13.S  nm.  This  helps  to  explain  why  misfit  dislocations  are  often  not  observed  in  films 
that  have  been  grown  well  beyond  the  critical  thickness. 


Nttcleaiion  (£ Dislocation  H at f- Loops  New  dislocations  can  also  be  formed  by  nudeaiion  in 

the  growing  film,  perhaps  at  the  growing  surface.  Such  nucleation  must  occur  in  those  cases 
where  misfit  dislocations  are  formed  in  epitaxial  films  grown  on  dislocation-free  substrates.  For 
the  present  analysis  we  let  (dN/dt)0  represent  the  rate  of  nucleation  of  new  dislocations.  Then  the 

total  rate  of  formation  of  new  dislocations  can  be  expressed  as 
dN  fdN'i 

•5T = C'drJ0 + NSv  .  on 


When  new  moving  dislocations  arc  formed  in  the  course  of  growth,  the  rate  of  formation  of  misfit 
dislocations  is  described  by  coupling  eqn.  (31)  with  eqn.  (27).  The  effect  of  dislocation  nucleation 
on  the  evolution  of  the  misfit  dislocation  spacing  is  shown  in  Fig.  17  for  various  rates  of 
nucleation.  We  see  that  increasing  the  rate  of  nucleation  causes  the  misfit  dislocation  spacing  to 
more  quickly  approach  the  equilibrium  spacing.  Nucleation  of  dislocations  during  the  course  of 
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Figure  1 6.  Misfit  dislocation  spacing  as  a  function  of  film  thickness  during  growth  of  a  Si+0.2Ge  film  on  a  Si 
substrate  under  the  conditions  shown.  Calculations  are  shown  for  the  Hagen*Strunk  multiplication 
mechanism  with  three  different  efficiencies.  The  predictions  of  the  equilibrium  theory  are  also 
shown. 


Figure  17.  Misfit  dislocation  spacing  as  a  function  of  film  thickness  during  growth  of  a  Si+0.2Ge  film  on  a  Si 
substrate  under  the  conditions  shown.  Calculations  are  shown  for  three  different  rates  of  dislocation 
nucleation.  The  predictions  of  the  equilibrium  theory  are  also  shown. 


Misfit  Dislocation  Spacing,  S  (nm) 


film  growth  nukes  the  misfit  dislocations  form  even  more  abruptly  than  when  only  multiplication 
effects  are  included  in  the  analysis. 

We  note  that  stress  relaxation  duri  ng  the  course  of  film  growth  has  been  taken  into  account 
in  all  of  the  above  calculations.  The  creation  of  misfit  dislocations  is  equivalent  to  plastic 
deformation  in  the  film,  and  relieves  the  elastic  strain  and  stress  in  the  film.  The  corresponding 
evoludon  of  the  stress  is  described  by 

£gL  =  _M£bv  ,  (32) 

dt  2 

where  M  is  the  biaxial  elastic  modulus  of  the  film. 
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V. 


Biaxial  Strengths  of  Thin  Films  on  Substrates 


Wc  now  turn  our  attention  to  the  strengths  of  thin  films  on  substrates.  We  wili  see  that  the 
basic  processes  of  misfit  dislocation  formation  discussed  above  can  also  be  used  to  understand 
plastic  deformation  of  thin  films  on  substrates.  In  addition,  the  relations  we  have  developed  for 
misfit  dislocations  can  be  used  to  describe  the  high  strengths  of  these  thin  film  materials. 

Yielding  and  plastic  flow  in  a  thin  film  are,  of  course,  driven  by  the  stresses  present  in  the 
film.  Thus,  any  experimental  study  of  biaxial  strength  must  start  with  a  measurement  of  the  stress 
in  the  film.  As  in  the  case  of  bulk  materials,  the  onset  of  plastic  flow,  or  yielding,  occurs  when 
increments  in  the  stress  lead  to  non-elastic  strain  increments  in  the  film.  But  first  we  must  address 
the  problem  of  measuring  stress  in  the  film. 

Techniques  for  Measuring  Thin  Film  Stresses 

The  experimental  techniques  for  measuring  stresses  in  thin  films  on  substrates  fall  into  two 
general  classes:  (1)  those  based  on  direct  measurements  of  the  elastic  strains  in  the  films  using  x- 
rays  and  (2)  those  based  on  the  associated  curvature  or  deflection  of  the  substrate.  The  direct  x-ray 
techniques  are  most  informative  because  they  permit  a  measurement  of  all  of  the  components  of 
stress  in  the  film.  They  can,  in  principle,  be  used  to  detect  spatial  variations  of  stress  within  the 
film,  either  from  grain  to  grain  or  from  one  point  in  the  film  to  another.  They  can  also  be  used  to 
find  the  stresses  in  patterned  films  with  irregular  geometries.  However,  because  these  techniques 
are  based  on  diffraction,  they  are  limited  to  crystalline  films;  they  cannot  be  used  to  find  the 
stresses  in  non-crystalline  materials  such  as  passivation  glasses  or  amorphous  oxides.  For  these 
cases  the  stresses  must  be  determined  by  measuring  the  curvature  or  deflection  of  the  substrate. 
Even  for  crystalline  films,  the  substrate  curvature  technique  is  often  preferable  because  it  is  more 
convenient  to  use  and  easier  to  apply  to  special  conditions.  Such  conditions  include  in-situ  heating 
or  cooling  or  stress  measurements  during  the  course  of  film  growth. 

We  saw  in  Section  III  above  that  the  biaxial  stress  in  a  thin  film  on  a  much  thicker  substrate 
is  directly  proportional  to  the  associated  curvature  of  the  substrate,  provided  the  substrate  deforms 
elastically.  For  the  usual  case  of  a  substrate  that  is  elastically  isotropic  in  the  plane  of  the  film,  the 
expression  for  the  biaxial  stress  in  the  film  is 
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(33) 


2  2 
h  $  h  5  J 

0f=MS_LK=Ms^  t 

where  K=l/R  is  the  curvature  of  the  substrate,  Ms  is  the  biaxial  mct'-ilosof  ;v  u.  iuSstrate  and  hf 
and  hj  are  the  thicknesses  of  the  film  and  substrate,  respectively.  We  see  tknt  the  film  stt-tss  *»oes 
not  depend  on  the  propenies  or  behavior  of  the  film.  This  relation  is  valid  for  both  elato-’  u.  id 
plastic  deformation  in  the  film.  In  most  cases  the  bare  substrate  is  not  perfectly  flat  so  that  the 
curvature  K  in  cqn.  (33)  must  be  replaced  by  the  change  in  curvature  associated  with  the  presence 
of  the  film.  Thus  the  stress  in  a  film  is  found  by  measuring  the  curvature  of  the  substrate  both 
before  and  after  the  film  is  deposited,  or  equivalently,  before  and  after  the  film  is  removed  from  the 
substrate. 

X-Rav  Diffraction 

A  variety  of  techniques  can  be  used  to  measure  the  curvature  changes  associated  with  thin 
film  stresses.  For  the  case  of  single  crystal  substrates,  the  curvature  of  the  substrate  produces  a 
curvature  of  the  crystal  lattice  that  can  be  detected  by  x-ray  diffraction.  An  advantage  of  this 
technique  is  that  for  a  single  film  the  technique  is  absolute.  In  such  a  case  it  is  not  necessary  to 
measure  the  curvature  before  the  film  is  deposited  or  after  the  film  is  removed  from  the  substrate, 
because  it  is  known  that  for  most  good  substrates,  such  as  silicon,  the  ciystal  lattice  would  have  no 
curvature  in  either  case. 

Optical  Inicrfcromcttv 

Optical  interferometry  represents  another  method  for  measuring  changes  in  substrate 
curvature.  A  simple  count  of  interference  fringes  permits  a  determination  of  the  curvature.  This 
technique  is  preferable  if  a  more  general  measurement  facility  is  not  available  and  if  the  induced 
curvature  is  quite  large.  The  principle  of  interferometry  could  be  used  to  create  a  rapid,  quantitative 
stress  measuring  technique  comparable  with  the  laser  scanning  technique  described  below,  but  as 
yet  such  instruments  are  not  available. 

Laser  Scanning 

The  laser  scanning  technique  is  the  most  popular  technique  for  measuring  curvature  changes 
associated  with  thin  film  stresses.  The  principle  of  the  technique  is  quite  simple.  A  beam  of  laser 
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light  reflects  off  the  surface  of  a  curved  substrate  at  an  angle  8  that  depends  on  the  orientation  of 
the  surface.  Upon  moving  (or  scanning)  the  laser  beam  to  a  new  position,  the  light  reflects  at  a 
different  angle  if  the  substrate  is  curved.  A  position  sensitive  photodetector  can  be  used  to  detect 
the  chang  in  angle  of  the  reflected  laser  beam.  Flinn  [24]  has  recently  developed  a  laser  scanning 
device  that  makes  use  ofa  rotating  mirror  to  scan  the  laser  beam  over  the  substrate.  A  schematic 
diagram  of  his  instrument  is  shown  in  Fig.  18.  A  lens  is  used  to  cause  the  routing  laser  beam  to 
be  perpendicular  to  the  substrate  at  all  points  in  the  scan  and  the  same  lens  causes  the  reflected 
beams  to  converge  to  one  point  on  the  position  sensitive  photodetector  if  the  substrate  is  perfectly 
flat.  When  the  substrate  is  curved,  the  reflected  beam  moves  to  different  positions  on  the 
photodetcctor  as  the  laser  beam  is  scanned  across  the  substrate.  The  linear  motion  detected  by  the 
photodetector  can  be  converted  to  changes  in  angle  as  a  function  of  position  on  the  substrate  and 
this,  in  turn,  can  be  used  to  find  the  curvature  of  the  substrate. 

The  laser  scanning  device  is  very  sensitive;  it  is  capable  of  detecting  the  bending  of  a  flat 
wafer  to  a  radius  of  about  10  km.  For  typical  film  dimensions,  this  corresponds  to  a  film  stress  of 
about  0.2  MPa.  This  sensitivity  is  required  because  the  film,  being  so  much  thinner  than  the 
substrate,  bends  the  substrate  only  very  slightly.  As  noted  above,  bare  substrates  are  usually  not 
perfectly  flat.  They  often  take  the  form  of  a  potato  chip,  although  typical  substrates  are,  of  course, 
much  flatter  than  potato  chips.  For  such  a  shape  the  curvature  varies  from  point  to  point  on  the 
substrate  and  depends  on  the  path  of  the  scan.  The  shape  of  the  substrate  along  a  particular  laser 
scan  path  must  be  found  before  the  film  is  deposited,  or  after  the  film  is  removed,  in  order  to 
obtain  the  change  in  curvature  associated  with  the  presence  of  the  film.  Even  though  the  curvature 
of  a  substrate  is  not  constant  with  position  along  the  scan,  the  change  in  curvature  associated  with 
the  film  is  often  quite  constant,  provided  that  the  thickness  of  the  film  is  constant  and  the 
deposition  conditions  are  the  same  at  all  points  on  the  substrate.  In  such  cases  the  subtraction 
technique  described  above  gives  a  single  value  for  the  change  in  curvature  and  this  in  turn  leads  to 
a  single  value  for  the  average  biaxial  stress  in  the  film. 

Throughout  this  discussion  we  have  assumed  that  the  biaxial  stress  in  the  film  does  not  vary 
through  the  thickness  of  the  film.  If  the  stress  varies  through  the  film  thickness,  the  substrate 
curvature  technique  gives  only  the  average  value  of  the  stress.  Doemer  and  Brennan  (25]  have 
recently  used  a  grazing  incidence  x-ray  scattering  technique  to  measure  the  biaxial  stresses  in  films 
of  aluminum  on  silicon  as  a  function  of  distance  from  the  film-substrate  interface.  Some  of  their 
results  are  shown  in  Fig.  19.  The  samples  were  initially  heated  to  450‘C  and  allowed  to  relax  to  a 
stress-free  state  before  cooling  to  room  temperature  where  the  measurements  were  made.  On 
cooling  to  room  temperature,  much  of  the  differential  thermal  strain  is  accommodated  by  plastic 
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Scanning  Technique  for  Measuring  Substrate  Curvature 
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Figure  18.  Schematic  diagram  of  a  laser  scanning  instrument  used  to  measure  substrate  cutvanim  and 
film  stress  (24]. 


Figure  19.  Elastic  strain  distribution  in  A1  films  on  Si  substrates  obtained  using  the  G1XS  technique  [25].  The 
strains  (and  stresses)  are  uniform  over  most  of  the  film  thickness. 
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Strain  Distribution  in  Al  Films  on  Si  Substrates 
G l XS  Technique  (Docmcr  and  Brennan,  1987) 


deformation,  leaving  a  small  residual  elastic  strain  in  the  film.  The  x-ray  technique  gives  the 
remaining  elastic  strain  (or  stress)  as  a  function  of  distance  from  the  film-substrate  interface. 

Except  for  a  sharp  variation  very  near  the  surface  of  the  film,  the  elastic  strain  (and  stress)  remains 
relatively  constant  through  the  thickness  of  the  film.  Thus,  for  this  case,  the  substrate  curvature 
technique  can  be  used  to  determine  the  local  biaxial  stress  through  most  of  the  thickness  of  the 
film.  This  assumption  is  probably  not  valid  for  films  in  their  as-deposited  state  because  their 
structure  (and  stress)  may  vary  significantly  through  the  thickness  of  the  film. 

Measurement  of  Elastic  and  Plastic  Deformation  in  Thin  Films  on  Substrates 

In  order  to  study  the  deformation  properties  of  a  thin  film  on  a  substrate,  it  is  necessary  to  be 
able  to  vary  the  stress  (or  strain)  and  measure  the  corresponding  changes  in  strain  (or  stress)  in  the 
film.  Because  the  film  is  usually  quite  thin  and  because  it  is  attached  to  the  substrate,  ordinary  bulk 
mechanical  testing  methods  cannot  be  used.  However,  we  can  use  thermal  expansion  and  the 
substrate  curvature  method  to  create  a  thin  film  mechanical  testing  technique.  We  can  make  use  of 
differences  in  thermal  expansion  coefficients  between  the  film  and  the  substrate  to  impose  varying 
biaxial  strains  in  the  film  through  heating  and  cooling.  The  curvature  technique  can  then  be  used  to 
measure  any  corresponding  changes  in  film  stress. 

The  results  of  such  a  testing  procedure  are  shown  in  Fig.  20  for  the  case  of  a  polycrystalline 
film  of  aluminum  on  an  oxidized  silicon  wafer.  Here  the  substrate  curvature  method  was  used  to 
determine  the  biaxial  stress  in  the  film  as  a  function  of  temperature  during  one  of  several  heating 
and  cooling  cycles.  The  film  had  been  annealed  at  450*C  prior  to  conducting  the  experiment  in  an 
effort  to  stabilize  the  grain  structure.  This  annealing  step  eliminates  the  fine  grained  microstructure 
found  in  the  as-deposited  state  and  removes  special  features  of  the  stress-temperature  history  that 
occur  only  during  the  first  heating  cycle.  I;  also  leaves  the  film  in  a  state  of  biaxial  tension  at  room 
temperature.  As  shown  in  Fig.  20,  the  biaxial  tensile  stress  in  the  film  at  room  temperature  is 
about  280  MPa  at  the  beginning  of  the  second  heating  cycle.  As  the  film-substrate  composite  is 
heated,  the  greater  thermal  expansion  of  the  aluminum  film  first  relaxes  the  tensile  stress  in  the  film 
and  later  causes  the  film  to  go  into  a  state  of  compression.  During  the  initial  unloading  portion  of 
the  curve,  the  differences  in  thermal  expansion  between  the  film  and  substrate  are  accommodated 
by  clastic  deformation  of  the  film.  The  slope  of  the  curve  in  this  regime  is  simply  the  product  of 
the  difference  in  thermal  expansion  coefficients  and  the  biaxial  elastic  modulus  of  die  film,  as 
shown  in  the  figure.  Eventually  biaxial  yielding  of  the  film  in  compression  is  observed  as  a 
deviation  from  the  thermo-clastic  loading  line.  For  a  more  precise  definition,  the  biaxial  yield 
stress  would  have  to  be  determined  using  a  suitable  plastic  offset,  such  as  0.2%.  With  continued 
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healing  after  yielding,  the  compressive  stress  rises  only  slowly  and  eventually  passes  through  a 
maximum.  In  this  pan  of  the  experiment  the  changing  thermal  strain  is  accommodate  by 
compressive  plastic  deformation  in  the  film.  The  decreasing  compressive  stress  with  increasing 
temperature  is  an  indication  of  the  expected  temperature  dependence  of  the  flow  stress.  On  cooling 
from  450‘C,  the  compressive  stress  is  firei  relaxed  to  zero  as  the  film  thermally  contracts  more  ihsn 
the  substrate.  On  further  cooling,  a  tensile  stress  develops  in  the  film  and  this  causes  plastic 
deformation  in  tension  to  occur.  The  stress-temperature  curve  docs  not  go  through  a  maximum  on 
cooling  because  the  flow  strength  increases  with  decreasing  temperature.  The  curve  in  this  pan  of 
the  experiment  corresponds  to  the  flow  stress  of  aluminum  as  a  function  of  temperature.  We  note 
that  the  stress  in  the  film  after  the  thermal  cycle  is  complete  is  about  the  same  as  the  stress  at  the 
Stan  of  the  cycle.  This  is  not  unique  to  this  particular  experiment;  it  is  commonly  observed  for 
metal  films  on  silicon.  In  fact,  repeated  heating  and  cooling  cycles  such  as  the  one  described  here 
result  in  scrcss-tcmpcraturc  plots  that  are  almost  identical  to  the  one  shown  in  Fig.  20. 

The  stress-temperature  history  for  an  alloy  of  Al+2%Cu  that  had  also  been  annealed  once 
prior  to  testing  is  shown  in  Fig.  21  (26).  The  main  features  of  the  curve  are  the  same  as  those  for 
pure  aluminum.  In  this  case,  however,  the  microstruerure  changes  with  temperature  as  the  copper 
dissolves  on  heating  and  precipitates  from  solution  on  cooling.  The  effect  of  precipitation  from 
solution  on  cooling  is  indicated  by  the  rapid  strengthening  that  occurs  near  150*C.  Below  that 
temperature  the  film  does  not  deform  plastically,  indicating  that  the  yield  strength  exceeds  the  actual 
stress  in  the  film. 

This  technique  for  studying  the  plastic  deformation  properties  of  thin  films  on  substrates 
permits  one  to  study  both  yielding  and  plasuc  flow.  Even  time-dependent  plastic  flow  can  be 
studied  by  holding  the  temperature  constant  and  measuring  the  kinetics  of  stress  relaxation. 
However,  it  should  be  noted  that  because  the  strains  are  thermally  imposed,  generally  it  is  not 
possible  to  conduct  an  isothermal  stress-strain  deformation  experiment.  Thus,  the  stress- 
temperature  diagrams  shown  in  Figs.  20  and  21  represent  non-isothermal  mechanical  hysteresis 
curves. 

Microstructural  Changes  in  Thin  Films 

In  the  examples  cited  above,  the  stress-temperature  relations  arc  dominated  by  the  effects  of 
elastic  and  plastic  deformation.  Any  microstmctural  changes  that  occur  during  heating  and  cooling 
are  assumed  to  influence  the  resulting  stress-temperature  curve  only  by  their  effects  on  the  elastic 
and  plastic  properties.  When  major  microstructural  changes  occur,  this  assumption  is  no  longer 
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valid  and  the  dilatation  al  effects  of  micros  tructunl  changes  must  be  included  in  the  interpretation  of 
the  stress-temperature  curve. 

As  noted  above,  the  stress-temperature  history  for  the  first  heating  of  an  as-deposited  film  is 
usually  quite  different  from  the  curves  discussed  above.  An  example  is  shown  in  Fir.  22  (27], 
This  film  is  in  biaxial  tension  in  the  as-deposited  state.  Upon  heating,  the  greater  thermal 
expansion  of  the  film  compared  to  the  substrate  causes  the  stress  to  become  compressive.  With 
continued  heating  the  compressive  stress  in  the  film  reaches  a  very  large  value  before  decreasing 
rapidly  in  the  temperature  range  of  225-275*G  This  stress  relaxation  is  not  caused  by  plastic 
deformation  in  the  film.  It  is  the  result  of  the  densification  of  the  film  that  accompanies  grain 
growth,  in  the  as-deposited  state,  the  grain  size  in  the  film  is  extremely  fine.  This  as-deposited 
grain  structure  is  unstable;  the  grains  begin  to  grow  at  about  225*C  and  continue  to  grow  during 
healing  until  they  are  comparable  in  size  to  the  thickness  of  the  film.  This  causes  a  huge  stress 
relaxation  to  occur.  The  excess  volume  associated  with  the  large  number  of  grain  boundaries  in  the 
as-deposited  state  is  removed  during  heating  and  this  densification  relaxes  the  compressive  stress 
in  the  film.  This  mechanism  of  stress  relaxation  docs  not  involve  plastic  deformation  of  the  film;  it 
is  the  result  of  a  structural  transformation  within  the  film.  The  stress  relaxation  associated  with 
grain  growth  occurs  only  during  the  first  heating  cycle.  For  subsequent  heating  and  cooling 
cycles,  the  grain  structure  remains  essentially  constant  and  the  stress-temperature  curves  arc 
dominated  by  elastic  and  plastic  deformation  of  the  film.  The  stress  changes  associated  with  grain 
growth  could  cause  the  stress  to  change  sign.  If  the  tensile  stress  in  the  as-deposited  state  were 
greater,  then  grain  growth  would  have  caused  the  stress  to  go  back  into  tension  in  the  temperature 
range  of250-300*C. 

In  some  cases  the  stress- temperature  relations  are  almost  completely  dominated  by  structural 
transformations  that  occur  upon  heating  ?nd  cooling.  An  example  is  shown  in  Fig.  23  for  a 
chemically  vapor  deposited  (CVD)  film  of  WSfe  on  Si  [26].  This  film  is  essentially  amorphous  in 
the  as-deposited  state  and  is  in  a  state  of  biaxial  tension.  The  stress  decreases  slightly  on  hearing 
due  to  the  differences  in  thermal  expansion  of  the  film  and  substrate.  At  about  500*C  the  film 
crystallizes  and  densifies,  causing  the  tensile  stress  in  the  film  to  increase  abruptly.  At  still  higher 
temperatures  the  film  begins  to  deform  plastically  and  this  causes  the  stress  to  relax.  Heating  to 
900‘C  leads  to  a  very  stable  microstructure  that  does  not  change  during  subsequent  heating  and 
cooling  cycles.  After  the  structure  has  been  stabilized  in  this  way,  the  film  deforms  in  a  purely 
reversible,  elastic  manner  on  subsequent  hearing  and  cooling. 
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Stress-Temperature  Plot  -  First  Heating 
Al+I%Si+2.5%Ti  on  Si 


Figure  22.  Stress  -  temperature  plot  for  an  Al+l%Si+2.59f»Ti  film  on  a  Si  substrate  {27  J.  T 
during  the  first  heating  and  cooling  cycle  are  shown.  The  large  stress  relaxation 
250’G  is  caused  by  densification  of  the  film  via  grain  growth. 
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Strengths  or  Thin  Films  on  Substrates 

Wc  now  consider  the  mechanisms  of  plastic  deformation  in  thin  films  on  substrates.  We 
wish  to  understand  the  factors  that  control  the  strengths  of  these  thin  film  materials.  We  note  that 
materials  in  thin  film  form  exhibit  much  higher  strengths  than  their  bulk  counterparts.  For 
example,  the  data  in  Fig.  20  indicate  that  the  room  temperature  yield  strength  of  pure  aluminum  is 
about  280  MPa  in  thin  film  form.  The  compressive  flow  stress  at  high  temperatures  is  about  100 
MPa.  These  strengths  are  much  higher  than  those  found  for  bulk  pure  aluminum. 

The  high  strengths  of  thin  films  on  substrates  can  be  attributed  partly  to  the  fine 
microstmctures  found  in  these  materials.  As  noted  above,  even  after  annealing,  the  grain  size 
typicall*  ■  does  not  exceed  the  thickness  of  the  film.  As  a  consequence,  significant  grain  size 
strengthening  occurs  naturally  in  these  thin  film  materials.  In  addition,  the  dislocation  densities  tn 
thin  films  can  be  quite  high  and  this  also  contributes  to  the  high  strengths  of  these  materials. 
However,  these  microstmctural  factors  cannot  fully  account  for  the  high  strengths  of  thin  films  on 
substrates.  Much  of  the  strength  can  be  attributed  to  the  fact  that  the  substrate  constrains 
dislocation  motion  in  the  film.  Any  oxides  that  may  be  present  on  the  surface  of  the  film  can  also 
constrain  the  movements  of  dislocations  within  the  film.  The  effects  of  these  constraints  on 
dislocation  motion  arc  shown  in  Fig.  24.  Here  we  envision  a  single  crystal  film  attached  to  a 
substrate;  the  film  is  assumed  to  have  a  non-dcformable  oxide  on  its  surface.  A  single  dislocation 
moving  within  the  film  must  leave  a  dislocation  line  at  each  interface  as  it  moves.  In  this  respect 
the  dislocation  motion  is  analogous  to  the  movement  of  threading  dislocations  in  epitaxial  films. 
We  can  use  the  approach  developed  for  threading  dislocations  to  describe  the  motion  of 
dislocations  in  thin  films  and  this  will  permit  us  to  understand  the  high  strengths  of  thin  films  cn 
substrates. 


The  Misfit  Dislocation  Model 


Following  the  approach  developed  by  Frcunu  [17],  we  consider  the  work  done  by  the 
biaxial  stress  in  the  film  when  the  dislocation  travels  a  unit  distance.  For  the  geometry  shown  in 
Fig,  24  this  may  be  expressed  as 
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Figure  24.  Dislocation  motion  in  an  oxidized  ftlm  on  a  non-defonrable  substrate.  Misfit  dislocations  are 
produced  at  the  two  interfaces. 


where  a  is  the  biaxial  stress  in  the  film,  b  is  the  Burgers  vector  and  h  is  the  thickness  of  the  film. 
Here  we  have  retained  the  notation  of  eqn.  (19)  and  used  the  subscript  "layer"  to  indicate  the  work 
done  by  the  stress  in  the  Him.  In  order  for  the  dislocation  to  move,  the  work  done  by  the  stress  in 
the  film  must  be  equal  to  or  greater  than  the  energies  of  the  two  dislocations  left  at  the  film- 
substrate  and  film-oxide  interfaces,  which  we  express  as 
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where  pc,  ps  and  p<j  arc  the  elastic  shear  moduli  of  the  film,  substrate  and  oxide,  respectively,  h 
and  t  are  the  thicknesses  of  the  film  and  oxide,  and  Pt*2.6  and  Po*17.5  are  numerical  constants. 
By  equating  Wjjyc r  to  Wdjjiocatkxu  we  obtain  an  expression  for  the  minimum  biaxial  stress  needed 
to  move  the  dislocation  in  the  film 
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This  is  an  expression  for  the  minimum  biaxial  yield  strength  of  a  single  crystal  thin  film  on  a 
substrate.  No  obstacles  to  dislocation  motion,  such  as  other  dislocations,  point  defects  or  grain 
boundaries,  have  been  assumed  and  no  friction  stress  for  dislocation  motion  has  been  considered. 
If  an  oxide  is  not  present  on  the  surface  of  the  film,  the  second  term  in  the  brackets  should  be 
deleted.  The  most  important  feature  of  this  result  is  the  prediction  that  the  yield  strength  of  the  film 
depends  inversely  on  the  thickness  of  the  film.  This  helps  to  explain  why  very  thin  films  have- 
high  yield  strengths. 


Comparison  of  the  Model  with  Experiment 

The  predictions  of  eqn.  (36)  can  be  compared  with  the  measured  strengths  of  thin  films  on 
substrates-  Kuan  ard  Murakami  [28]  have  used  x-ray  techniques  to  measure  the  biaxial  yield 
strengths  of  polycrystalline  films  of  Pb  on  silicon  at  4.2  K  as  a  function  of  film  thickness.  Some 
of  their  results  are  shown  in  Fig.  25.  The  films  exhibit  a  strong  <1 1 1>  texture  and  have  a  large 
grain  size.  The  predictions  of  eqn.  (36)  are  shown  as  a  solid  line  in  the  figure.  The  following 
constants  were  used  in  this  calculation:  pp=13.6  GPa,  ps=66.5  GPa,  Po=64  GPa,  b=0.35  nm, 
v=0.376,  t=5  nm  and  sin<p/cos<pcosX.=3.464.  The  model  gives  a  good  account  of  strengths  of 
these  films.  Doemer,  Gardner  and  Nix  [29]  have  also  measured  the  biaxial  strengths  of  thin  films 
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Figure  25.  Biaxial  strengths  of  Pb  thin  films  on  Si  substrates  as  a  function  of  film  thickness  (28  j. 
of  the  misfit  dislocation  model  for  film  strength  are  shown  for  comparison. 


of  pure  aluminum  as  a  function  film  thickness  using  the  substrate  curvature  technique  described 
earlier.  The  stress-temperature  curves  for  two  different  film  thicknesses  are  shown  in  Fig.  26.  We 
note  that  the  strength  of  the  thinner  film  is  greater  at  both  high  and  low  temperature.  This  suggests 
that  an  athermal  strengthening  mechanism  is  primarily  responsible  for  the  strength  of  the  film.  The 
mechanism  described  earlier  is  essentially  athermal  as  indicated  by  the  absence  of  a  strongly 
temperature  dependent  term  in  eqn.  (36).  The  predictions  of  eqn.  (36)  are  compared  with  the 
experimental  results  of  Doemer  et  al.  (29J  in  Fig.  27.  The  curve  labeled  a0  represents  the 
prediction  of  eqn.  (36)  using  the  following  constants:  jJt(«>24.8  GPa,  ps>66.5  GPa,  Po*178.9 
GPa,  b»0.286  nm,  v-0.31  and  sin<p/cos<pcosX.»3.464.  It  is  evident  that  the  measured  yield 
strengths  are  greater  than  the  predictions  of  eqn.  (36),  especially  at  the  larger  film  thicknesses.  The 
discrepancy  is  due  to  the  omission  of  grain  size  strengthening  in  the  above  model.  Doemer  (30] 
measured  the  grain  sizes  of  the  aluminum  films  with  transmission  electron  microscopy  and  found  a 
systematic  variation  of  grain  size  with  film  thickness.  She  found  the  grain  size  to  be  about  1.3h, 
where  h  is  the  thickness  of  the  film.  Using  this  relation  together  with  the  Hall-Petch  coefficient  of 
ky*6xl04  N/m3/2  reported  for  bulk  aluminum  by  Hansen  [31]  and  Armstrong  (32],  we  can  find 
the  grain  size  contribution  to  the  strength.  This  contribution  is  shown  as  a  solid  line  labeled  kyd'1/2 
in  Fig.  27.  By  adding  this  contribution  to  o0  we  obtain  a  prediction  that  is  in  reasonable  agreement 
with  the  data.  A  grain  size  contribution  is  negligabie  for  the  Pb  data  of  Fig.  25  because  the  grain 
size  is  so  much  larger  than  the  film  thickness. 

We  have  argued  that  the  constraint  of  the  substrate  makes  a  significant  contribution  to  the 
strength  of  a  thin  film  on  a  substrate.  One  way  to  check  this  prediction  is  to  compare  the  strengths 
of  thin  films  on  substrates  with  the  strengths  of  free-standing  thin  films.  A  comparison  of  this 
kind  is  shown  is  Fig.  28.  Here  the  yield  strength  data  of  Doemer  et  al.(29]  for  pure  aluminum 
films  on  silicon  are  compared  with  biaxial  yield  strengths  of  free  standing  thin  films  of  Al+l%Si 
reported  by  Griffen  at  al.  (33-34].  Griffen's  data  were  obtained  by  bulge  testing  of  free  standing 
films,  so  they  do  not  include  the  effect  of  the  constraint  of  the  substrate.  All  of  the  data  are  plotted 
according  to  tiie  Hall-Petch  relation.  The  data  of  Griffen  et  al.(33-34]  were  obtained  for  films  with 
a  constant  thickness  of  1  pm,  whereas  the  data  of  Doemer  et  al.[29]  were  obtained  for  films  of 
various  thicknesses.  Thus,  the  Hall-Petch  slope  for  the  Doemer  data  is  somewhat  misleading 
because  much  of  the  strengthening  is  actually  caused  by  the  constraint  of  the  substrate.  The  Hall- 
Petch  slope  for  bulk  polycrystalline  aluminum  is  shown  for  comparison.  We  note  that  the 
strengths  of  the  aluminum  films  bonded  to  the  silicon  substrate  are  much  greater  than  the  strengths 
of  the  free  standing  films.  The  constraining  effect  of  the  substrate  makes  these  films  even  stronger 
than  bulk  aluminum  of  comparable  grain  size.  These  comparisons  support  the  idea  that  much  of 
the  strength  of  thin  films  on  substrates  is  caused  by  the  constraint  of  the  substrate. 
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Figure  26.  Stress  -  temperature  plots  for  thin  films  of  A1  on  a  Si  substrate  (291.  The  results  show  that  the 
thinner  film  is  stronger  than  the  thicker  film  at  both  low  and  high  temperatures. 


account  for  the  high  strengths  of  the  films. 
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Figure  28.  Comparison  of  ihc  strengths  of  the  A1  films  on  Si  subtrates  |30)  with  the  biaxial  strengths  of  free 

standing  films  of  Al+!%Lt  [33-34],  in  the  form  of  a  Hall-Petch  plot.  The  constraint  of  the  substrate 
causes  the  films  bonded  to  the  substrate  to  be  much  stronger  than  the  free  standing  films. 


VI.  Sub-Micron  Indentation  Testing  Techniques 


In  conventional  studies  of  the  mechanical  behavior  of  materials  it  is  common  practice  to 
create  test  samples  of  the  material  in  question,  subject  them  to  forces  or  displacements  and  measure 
the  corresponding  response.  Usually  simple  stress  states  such  as  tension,  compression  and  torsion 
are  used  to  permit  the  calculations  of  stress  and  strain  from  the  measured  forces  and  displacements. 
Such  an  approach  cannot  be  used  to  study  the  mechanical  properties  of  thin  films  on  substrates, 
because  the  thin  films  of  interest  are  typically  lpm  in  thickness  or  less,  and  are  bonded  to 
substrates.  Sub-micron  indentation  represents  an  alternative  approach.  By  measuring  the  forces 
needed  to  create  small  indentations  in  thin  films  on  substrates  it  is  possible  the  obtain  information 
about  the  elastic  and  plastic  properties  of  the  film  material.  An  inherent  complication  of  this 
approach  is  that  the  stresses  and  strains  produced  by  indentation  are  non-uniform  within  the  test 
sample.  Therefore  only  nominal  values  of  the  stresses,  strains  and  strain  rates  can  be  determined 
in  such  tests.  Nevertheless,  sub-micron  indentation  gives  some  information  about  the  mechanical 
properties  of  thin  films  that  cannot  be  obtained  easily  in  any  other  way. 

Depth-Sensing  Indentation  Instruments 

Although  indentation  hardness  testing  has  been  in  widespread  use  for  more  than  a  century, 
high  resolution  (sub-micron)  indentation  instruments  have  become  available  only  recently.  Most  of 
the  instruments  that  ore f mailable  have  been  built  by  individual  investigators  to  meet  specific 
research  requirements  (35-43).  In  the  traditional  approach  to  the  determination  of  hardness,  a  fixed 
load  is  imposed  on  a  diamond  indenterand  the  resulting  indentation  is  observed.  The  hardness  is 
taken  to  be  the  load  divided  by  the  projected  area  of  the  permanent  indentation.  This  approach  has 
been  adopted  by  Bangcrt  et  al.  (40)  in  ihcir  development  of  a  microindentation  attachment  used  in 
conjunction  with  a  scanning  electron  microscope.  Other  instruments  that  do  not  require  the  direct 
observation  of  the  indentation  have  also  been  developed  (35-39,41-431.  These  instruments  are 
called  depth-sensing  because  both  the  load  on  the  indenter  and  the  displacements  associated  with 
indentation  are  measured  in  the  course  of  indentation.  An  instrument  of  this  kind,  called  the 
Nanoindcnter,  was  developed  by  Pethica  and  Oliver  (37,43)  and  is  commercially  available. 

Stanford  University  has  such  a  devive  and  results  obtained  with  that  machine  will  be  presented 
here.  The  basic  characteristics  of  this  instrument  and  the  mechanical  properties  that  can  be 
measured  with  it  are  described  below.  Other  instruments  of  this  kind  have  been  built  by  other 
investigators.  Most  of  these  are,  like  the  Nanoindcnter,  load-controlled  instruments  in  which  the 
force  on  the  indenter  is  imposed  and  the  resulting  displacement  of  the  indenter  into  the  material  is 
measured  (35-39).  These  instruments  can  be  regarded  as  "soft"  testing  machines  in  the  sense  that 
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the  load  on  (he  indenter  is  not  changed  by  (he  penetration  of  (he  indemer  into  (he  materia],  but 
rather  is  controlled  by  the  loading  mechanism.  Such  Instruments  are  analogous  to  creep  machines 
in  ordinary  mechanical  testing.  Another  form  of  microindentatior.  can  be  done  under  displacement 
control.  Li  and  Wu  and  their  collaborators  [41-42]  have  developed  instruments  that  allow  the 
displacement  of  the  indenter  into  the  material  to  be  imposed  and  the  resuldng  load  to  be  measured. 
Such  instruments  arc  analogous  to  ’’hard'1  testing  machines  that  are  typically  used  in  tensile  testing. 
They  arc  also  well  suited  for  the  study  of  stress  relaxation  in  indentadon  (41,44). 

The  microindentation  experiments  described  here  are  characterized  by  the  condition  that  the 
indenter  makes  increasing  contact  with  the  material  during  indentation.  A  different  kind  of 
mechanical  response  is  observed  when  the  indenter  is  flat-ended  and  has  the  shape  of  a  right 
circular  cylinder.  For  such  an  indenter  the  projected  contact  area  does  not  change  as  the  indenter  is 
pushed  into  the  material.  This  response  has  been  called  impression  testing  by  Li,  Hu  and  Rath 
(45-47)  and  has  been  used  to  study  the  mechanical  properties  of  small  volumes  of  material. 
However,  the  impression  tools  used  in  such  instruments  are  typically  too  big  to  be  used  in  the 
study  of  most  thin  films  on  substrates. 

The  Nanoindenter 

A  schematic  diagram  of  the  Nanoindenter  is  shown  in  Fig.  29  (37,48).  A  diamond  indemer 
is  fixed  to  the  end  of  a  loading  shaft  that  is  suspended  on  delicate  leaf  springs.  The  leaf  springs  arc 
compliant  in  the  loading  direction  but  stiff  in  the  transverse  direction.  When  the  indenter  is  not  in 
contact  with  the  material,  the  shaft  is  supported  both  by  the  suspending  springs  and  a  force  that  is 
delivered  by  tire  coil  and  magnet  assembly  at  the  top  of  the  shaft.  Movement  of  the  indenter  toward 
the  sample  is  accomplished  by  reducing  the  force  supplied  by  the  magnet-coil  assembly.  The 
smallest  load  increment  that  can  be  made  with  the  Stanford  instrument  is  about  0.25  pN  and  the 
maximum  force  that  can  be  exerted  is  120  mN.  Motion  of  the  indenter  toward  the  sample  is 
measured  by  a  capacitance  displacement  gage  with  a  displacement  resolution  of  0.4  nm.  With  this 
resolution  it  is  possible  to  make  indentation  measurements  in  materials  with  total  indentation  depths 
as  shallow  as  about  20  nm.  As  noted  above,  the  indentation  made  by  the  indenter  is  not  observed, 
but  rather  is  determined  from  the  measured  depth  of  indentation  and  the  known  shape  of  the 
indenter.  The  sample  is  mounted  on  an  x-y  table  that  allows  indentations  to  be  precisely  located 
with  respect  to  each  other  on  the  same  „urface.  The  position  of  the  first  indentation  of  an  array  can 
be  placed  within  a  few  micrometers  of  a  given  location;  the  remaining  indentations  of  the  array  can 
be  placed  with  respect  to  the  first  one  with  a  resolution  of  about  0.5  pm.. 
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THE  NANOINDENTER 


00  oo 


Figure  29.  Schematic  diagram  of  the  Nanoindenter. 


Indenters  of  any  shape  can  be  used  in  microindenution  but  since  small  contact  areas  are 
needed,  the  best  shape  is  the  three  faced  Bcrkovrh  indentcr  shown  in  Fig.  30.  Because  any  three 
non-parallel  planes  intersect  at  a  single  point,  it  is  relatively  easy  to  grind  a  sharp  tip  on  an  indentcr 
if  the  three-faced  Berkovich  geometry  is  used.  The  angles  of  the  faces  are  fixed  so  that  the  nominal 
relationship  between  the  area  and  depth  of  indentation  is  the  same  as  for  the  Vickers  indentcr. 
Invariably,  the  tip  of  the  indentcr  is  rounded  so  that  the  ideal  geometry  is  not  maintained  near  the 
tip.  As  shown  schematically  in  Fig.  31,  the  actual  depth  of  indentation  produces  a  larger  contact 
area  than  would  be  expeetdd  for  an  indentcr  with  an  ideal  shape.  We  use  the  effective  depth  h<fr  to 
indicate  the  depth  of  indentation  that  would  be  needed  for  an  ideally  shaped  indenter  to  produce  the 
same  contact  area  as  the  non-ideal  tip  for  a  plastic  depth  hp.  For  the  Berkovich  (and  Vickers) 
indenter,  the  nominal  shape  is  characterized  by 

VA  =khcff  =24.5htfff  .  (37) 

where  A  is  the  contact  area  between  the  indenter  and  the  material.  For  the  diamond  indenter  used 
in  most  of  the  Stanford  tests,  the  radius  of  curvature  at  the  tip  is  about  300  nm. 

Indentation  Mechanical  Properties 

In  a  typical  experiment,  the  tip  of  the  indenter  is  moved  toward  the  surface  of  the  sample  by 
gradually  increasing  the  load  on  the  indenter  shaft.  With  a  constant  loading  rate  of  1  jiN/s,  the  tip 
of  the  indenter  travels  downward  at  a  velocity  of  about  20  nm/s.  Wlien  die  tip  contacts  the  surface, 
its  velocity  drops  below  1  nm/s  and  the  computer  records  the  displacement  of  the  tip.  This  is  the 
point  at  which  the  indentation  experiment  begins.  The  loading  rate  is  subsequently  adjusted  to 
maintain  the  descent  ''docity  between  3  and  6  nm/s.  A  typical  indentation  loading  curve  is  -  -  jn 
schematically  in  Fig.  32  where  the  load  on  the  indentcr  is  plotted  against  the  depth  of  indentation. 
The  process  of  indentation  causes  both  elastic  and  plastic  deformation  to  occur,  as  shown  in  Fig. 
33.  The  tip  of  the  indentcr  is  usually  sharp  enough  to  cause  plastic  flow  to  occur  from  the  very' 
beginning  of  the  test,  so  that  an  elastic-plastic  transition  typical  of  an  ordinary  tensile  test  is  not 
observed.  The  slope  of  the  loading  curve  increases  with  depth  of  indentation  because  the  indenter 
makes  increasing  contact  with  the  material  during  indentation.  The  hardness  of  the  material  can  be 
found  by  dividing  the  indentation  force  by  the  contact  area  at  each  point  along  the  loading  curve. 
This  permits  a  measurement  of  the  hardness  as  a  function  of  the  indentation  depth.  If  the  load  is 
held  constant,  the  indenter  will  continue  to  sink  into  the  material  in  a  time-dependent  manner  as 
creep  flow  under  the  indentcr  occurs.  This  allows  a  study  of  the  creep  properties  of  very  small 
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Figure  30.  Replica  transmission  electron  micrograph  of  the  Berkovich  indentation 


Figure  31.  Definitions  of  the  plastic  depth  and  the  effective  depth  for  an  indenter  with  a  non-ideal  shape.  The 
effective  depth  is  the  depth  at  which  an  ideal  indenter  would  create  the  same  contact  area  as  the  real 
indenter. 


rc  32.  Indentation  loading  and  unloading  curve.  Hardness,  creep  and  clastic  properties  can  be  obtained 
from  these  data. 


Indentation  Load  - ► 


volumes  of  material.  During  unloading,  the  indenter  is  pushed  back  out  of  the  material  by  die 
elastic  restoring  forces  in  the  system.  This  effect  can  be  used  to  determine  clastic  properties.  We 
begin  our  discussion  of  mechanical  properties  by  showing  that  the  clastic  properties  of  materials 
can  be  determined  by  analyzing  the  unloading  portion  of  the  indentation  curve. 

Elastic  Properties 


From  die  slope  of  the  unloading  curve  it  is  possible  to  determine  the  clastic  modulus  of  the 
material  being  indented,  provided  the  contact  area  and  the  clastic  properties  of  the  indenter  arc 
known.  Loubet  ct  al.  [38]  showed  that  the  slope  of  the  unloading  curve  could  be  modeled  by 
treating  the  indenter  as  a  flat-ended  elastic  punch  causing  displacements  to  occur  in  an  clastic  half 
space.  According  to  such  a  model  die  unloading  slope  is  given  by 

^jj-  =  PEVa"  «  (38) 


where  P  is  the  load,  h  is  the  depth  of  indentation,  A  is  the  contact  area,  Pisa  constant  that  depends 
slightly  on  the  shape  of  the  indenter  and  E*  is  an  effective  modulus  for  the  system  defined  by 
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(39) 


where  E0  and  v0  are  Young's  modulus  and  Poisson's  ratio  of  die  indenter  and  E  and  v  are  die  same 
clastic  properties  of  the  material  being  indented.  For  a  cylindrical  punch,  Sneddon  [49]  showed 
that  the  constant  p  is  2/it,/2  King  [50]  later  showed  that  the  constant  is  only  slightly  different  for 
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The  non-linearity  of  the  unloading  curve  indicates  that  the  contact  area  decreases  during  the 
course  of  unloading.  In  order  to  determine  the  contact  area  at  the  point  of  maximum  load,  the  slope 
of  the  unloading  curve  is  extrapolated  to  zero  load  and  the  abscissa  is  read  as  the  plastic  depth,  as 
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shown  in  Fig.  32.  The  plastic  depth  measured  in  this  way,  together  with  a  knowledge  of  the  shape 
of  the  indenter  obtained  from  calibration  experiments  permits  a  determination  of  the  contact  area. 
This  contact  area  is  related  to  the  effective  depth  heir  using  cqn.  (37).  Because  the  compliance  of 
the  Nanoindentcr  itself  contributes  10  measured  displacements  at  high  loads,  it  is  preferable  to  write 
cqn.  (38)  in  terms  of  the  compliance: 
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where  Cm  is  the  compliance  of  the  machine  and  Qndcni  is  the  compliance  of  the  indenter  and 
material.  Using  cqn.  (37),  this  expression  can  be  written  in  terms  of  die  effective  depth  hcff  as: 

dh.  _  r  J_J _ 1_ 

dP-^m  pkE*hcff  •  (41) 

We  see  that  the  measured  compliance  should  vary  linearly  with  die  reciprocal  of  the  effective 
indentation  depth.  As  shown  schematically  in  Fig.  34,  the  slope  of  a  plot  of  compliance  versus  die 
reciprocal  of  the  effective  depth  gives  a  measure  of  the  effective  modulus  of  the  system.  The 
clastic  properties  of  materials  can  be  measured  in  diis  way.  Some  results  for  various  materials  arc 
given  in  Fig.  35  and  compared  with  clastic  constants  taken  from  the  literature.  The  agreement  is 
very  good  for  soft  materials  such  as  aluminum.  For  harder  materials  the  indentation  experiments 
give  moduli  thai  arc  higher  than  expected.  We  believe  this  is  caused  partly  by  the  high  pressure 
under  the  indenter.  Some  dcnsification  of  Si02  may  occur  under  the  indenter  and  this  may  cause 
an  increase  in  the  elasric  modulu ;.  The  pressure  can  also  increase  the  elastic  modulus  of  the 
material  just  under  the  indenter  through  non-linear  elastic  effects.  This  may  contribute  to  higher 
values  of  clastic  modulus  found  for  silicon  and  tungsten. 

It  should  be  noted  that  the  procedure  oudined  here  for  the  measurement  of  clastic  properties 
can  be  applied  to  hard  materials  that  show  little  or  no  plastic  indentation.  In  the  limit  of  no  plastic 
deformation  (with  no  friction),  the  unloading  curve  would  coincide  exactly  with  the  loading  curve 
and  all  of  the  displacements  associated  with  indentation  would  be  elastic.  Under  these  limiting 
conditions  the  slope  of  the  curve  at  any  point  would  indicate  the  contact  area  at  that  point.  Pcthica 
and  Oliver  [43]  showed  that  purely  elastic  deformation  is  observed  for  small  indentations  in 
electropolished  single  crystals  of  tungsten.  They  assumed  that  for  small  indentations  the  contact 
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Figure  34.  Schematic  plot  of  the  clastic  compliance  as  a  function  of  the  reciprocal  of  the  effective  depth  for  an 

indentation  system.  The  intercept  gives  the  clastic  compliance  of  the  machine  and  the  slope  permits  a 
calculation  of  the  clastic  properties  of  the  material  being  indented. 


Schematic  Compliance  Plot 


Elastic  properties  of  several  materials  obtained  by  indentation  unloading  experiments  148].  The 
results  arc  compared  with  literature  values  of  the  clastic  properties.  The  agreement  is  best  for  soft 
metals  such  as  AI. 


pressures  arc  insufficient  to  cause  dislocation  nuclcation  and  motion  to  occur  in  tungsten.  They 
found  the  elastic  properties  to  be  well  described  by  cqn.  (38)  in  this  regime.  They  also  showed 
that  for  larger  indentations,  plastic  flow  occurs  as  a  sudden  increase  in  indenter  displacement  at  a 
critical  contact  pressure.  This  event  is  assumed  to  coincide  with  the  nuclcation  of  dislocations 
under  the  indenter.  That  a  critical  contact  pressure  is  needed  for  dislocation  nuclcation  had  been 
confirmed  in  earlier  work  on  sapphire  by  Page,  Oliver  and  McHargue  (51). 


The  clastic  properties  of  diin  films  on  substrates  can  also  be  measured  by  indentation 
(48,50,53).  It  is  evident  that  the  indentation  compliance  should  depend  on  die  depth  of  indentation 
compared  to  die  thickness  of  the  film.  It  is  expected  diat  for  very  large  indentations  the  compliance 
should  be  dominated  by  the  clastic  properties  of  the  substrate,  whereas  for  small  indentations  die 
compliance  should  be  dominated  by  the  clastic  properties  of  the  film.  Docmcr  and  Nix  (48) 
proposed  a  simple  phenomenological  relation  to  describe  die  relative  contributions  of  the  film  and 
substrate  to  die  indentation  compliance.  Their  expression  for  the  indentation  compliance  rafter 
subtracting  the  machine  compliance  from  the  measured  compliance)  is 
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where  Es  and  vs  stand  for  the  clastic  properties  of  the  substrate,  Ef  and  Vf  stand  for  the  clastic 
properties  of  die  film,  t  is  the  film  thickness  and  a  is  a  parameter  that  characterizes  the  transition 
from  film  to  substrate  control.  The  expression  shows  that  die  product  of  die  compliance  and  the 
film  diickncss  depends  uniquely  on  die  ratio  of  the  film  thickness  to  die  effective  depth.  Doerner 
and  Nix  (48)  showed  that  this  relation  could  be  used  to  describe  the  elastic  properties  of  thin  films 
of  tungsten  on  silicon  if  a  was  chosen  to  be  1.24.  Their  results  arc  shown  in  Fig.  36.  The  solid 
lines  indicate  the  compliances  of  bulk  silicon  and  tungsten.  For  small  values  of  t/hefl  (i.e.  large 
indentation  depths)  the  compliance  data  coincides  with  the  compliance  of  the  silicon  substrate,  as 
expected.  For  large  values  of  t/hcff  (i.c.  small  indentation  depths)  the  compliance  data  approaches 
the  compliance  of  bulk  tungsten.  This  the  experiment  shows  how  it  might  be  possible  to  determine 
the  clastic  properties  of  thin  films  on  substrates  from  the  composite  modulus  of  the  film  and 
substrate. 


Recent  theoretical  work  by  King  (50)  has  confirmed  that  cqn.  (42)  gives  a  good  account  of 
the  indentation  elastic  properties  of  thir.  films  on  substrates.  However,  King's  work  indicates  that 
the  parameter  a  is  not  constant  but  varies  slightly  with  the  relative  depth  of  indentation. 
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Figure  36.  Elastic  properties  of  thin  films  of  W  on  Si  substrates  as  determined  from  the  measurement  of 

unloading  compliances  148].  The  solid  lines  which  indicate  the  measured  compliances  of  bulk  W 
and  Si  also  represent  the  limiting  compliances  for  the  thin  film  *  substrate  measurements. 


Hardness 


As  noted  earlier,  hardness  is  usually  defined  as  the  load  divided  by  the  projected  area  of  the 
indentation  left  by  die  indcntcr.  The  problem  of  measuring  the  hardness  of  thin  films  on  substrates 
is  to  avoid  the  influence  of  the  substrate  in  the  measurement.  For  the  ease  of  metal  films  on 
silicon,  the  substrate  is  typically  much  harder  than  the  film.  In  this  ease  the  indentation  used  to 
make  the  hardness  measurement  must  be  small  compared  to  the  film  thickness.  The  displacement 
resolution  of  the  Nanoindentcr  permits  measurements  of  this  kind  to  be  made. 

Hardness  measurements  for  a  pun:  aluminum  film,  1  pm  thick,  deposited  onto  an  oxidized 
silicon  substrate  arc  shown  in  Fig.  37  as  a  function  of  the  depth  of  indentation.  The  smallest 
indentations  give  hardnesses  dial  coincide  with  the  hardness  of  single  crystal  aluminum.  This  is  to 
be  expected  as  die  smallest  indentadons  probably  occur  within  a  single  grain  of  aluminum.  The 
measured  hardness  increases  slightly  with  the  depth  of  indentation,  as  expected.  The  harder 
substrate  causes  the  measured  hardness  to  increase  when  the  plastic  zone  under  the  indcntcr 
reaches  the  film-substrate  interface.  An  elasuc-plastic  finite  element  analysis  of  this  indentation 
problem  has  been  made  by  Bhattacharya  and  Nix  (52).  One  of  their  results  is  shown  in  Fig.  37. 
This  conunuum  analysis  shows  that  the  hardness  should  increase  gradually  with  increasing  depth 
of  indentation,  especially  for  indentation  depths  greater  than  about  20%  of  the  thickness  of  the 
film.  Tire  calculated  hardness  docs  not  reach  the  substrate  hardness  even  for  large  indentation 
depths  because  most  of  the  indcntcr  still  rests  on  the  soft  aluminum  film. 

The  good  agreement  between  the  finite  element  analysis  and  the  measured  hardness  does  not 
extend  to  thinner  films.  As  shown  in  Fig.  38,  for  thinner  films  the  measured  hardness  increases 
much  more  abruptly  with  indentation  depth  than  the  finite  element  analysis  predicts.  Several 
factors  are  belie  .'cd  to  be  responsible  for  this  effect.  The  thinner  films  arc  known  to  have  much 
finer  grain  sizes,  so  that  a  Hall-Pctch  hardening  effect  is  to  be  expected.  In  addition,  as  discussed 
earlier  in  connexion  with  misfit  dislocations,  dislocation  motion  in  thin  films  requires  higher  shear 
stresses  than  in  the  bulk  because  of  the  constraining  effect  of  the  non-dcfonmable  substrate.  This 
too  may  help  to  explain  why  the  hardness  of  very  thin  films  is  so  much  greater  than  the  predictions 
of  the  continuum  analysis. 
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rigup*  37.  Hardness  of  an  A1  film  on  a  Si  substrate  as  a  function  of  the  depth  of  indentation  I29J.  The  results  of 
a  finite  element  analysis  arc  also  shown  for  comparison  |52|.  The  continuum  treatment  gives  a  good 
description  of  the  data  fora  film  of  this  thickness  and  grain  size. 


Figure  38.  I  lardncss  of  a  series  of  Al  films  on  Si  subs'mtcs  as  a  function  of  the  depth  of  indentation  12.9].  The 
results  of  a  finite  element  analysis  arc  also  shown  for  comparison  (52|.  The  continuum  treatment 
docs  not  give  a  good  description  of  the  data  for  the  thinner  films  with  the  finer  grain  sizes. 


Hardness  of  Annealed  Al  Films  on  Si 


Crecn  awl  Time-Denendem  Deformation 


Because  the  rate  of  movement  of  the  indenter  can  be  measured  with  the  Nanoi.idcntcr,  it  is 
possible  to  study  the  effects  of  strain  rate  on  deformation  in  the  indentation  mode.  This  provides 
an  additional  experimental  variable  in  the  study  of  thin  film  deformation.  Mere  we  describe  the 
techniques  that  have  been  developed  to  study  strain  rate  effects  in  indentation  and  show  results  that 
have  been  obtained  for  bulk  materials. 

As  discussed  above,  the  stresses  and  strains  associated  with  indentation  arc  non- uniform. 
Titus  the  stress  and  strain  rate  vary  with  radial  distance  from  the  point  of  contact.  As  a  result,  oaly 
nominal  values  of  stress  and  strain  rate  can  be  calculated  from  the  measured  indentation  force  and 
velocity.  As  shown  in  Fig.  39,  we  define  the  stress  as  the  average  pressure  acting  on  the  contact 
surface.  a=P/A  and  the  suuin  rate  as  the  indentation  velocity  divided  by  the  indentation  depth, 
e=i  l/h)(dh/dt).  Stresses  and  strain  rates  at  any  point  in  die  sample  are  expected  to  scale  with  these 
quantities.  Titus  die  strain  rate  sensitivity  can  be  found  us«ng  hese  nominal  quantities. 

For  soft  metals  and  alloys,  the  elastic  displacements  associated  with  indentation  arc  usually 
small  so  that  the  total  depth  of  indentation  can  be  taken  to  be  the  plastic  depth.  For  this  reason  die 
nominal  strain  rate  can  be  calculated  from  die  indentation  velocity  and  the  total  depth  at  that  point  ,r. 
the  indentation.  A  complication  docs  arise,  however,  for  soft  metals  that  exhibit  strain  hardening. 
The  measured  hardness  of  these  materials  typically  decreases  with  depth  of  indentation.  'Hi is  may 
be  caused  in  pan  by  the  fact  that  the  "gcomctrically-nccessary"  dislocation  density  decreases  w  ith 
increasing  indentation  size.  A  simple  argument  reveals  that  the  "gcomctrically-nccessary” 
dislocadon  density  varies  reciprocally  with  the  depth  of  indentation  and  this  can  be  used  to  explain 
the  depth  dependence  of  the  hardness.  Because  of  these  effects  the  relationship  between  stress  anJ 
strain  rate  must  be  determined  at  a  fixed  indentation  depth  to  avoid  complications  associated  with 
strain  hardening.  Two  methods  to  do  this  have  been  developed  by  Mayo  (53-55).  In  one 
technique,  a  series  of  indentations  is  made  at  various  loading  rates  and  a  stress  and  strain  rate  is 
determined  for  each  test  at  a  particular  depth  (53-54).  Figure  40  shows  the  results  of  sueh 
measurements  for  coarse-grained  samples  of  Pb  and  Sn  and  for  a  fine-grained  sample  of  a  Pb-Sn 
alloy.  The  slopes  of  these  curves  indicate  the  stress  exponent  for  creep  flow,  which  is  the 
reciprocal  of  the  strain  rate  sensitivity.  We  see  that  the  superplastic  Pb  Sn  alloy  has  a  high  strain 
rate  sensitivity  of  about  0.5,  by  comparison  the  coarse-grained  sample*,  of  Pb  and  Sn  have  muJi 
lower  strain  rate  sensitivities.  These  results  are  in  good  agreement  with  tests  on  bulk  samples  of 
these  materials.  An  alternate  method  for  determining  the  stress  exponent  tor  strain  rate  sensitiv  it\ . 
has  been  developed  recently  and  used  for  the  study  of  strain  rate  sensitivity  of  nanophase  TiCb 


39 


Figure  39.  Definitions  of  nominal  stress  and  strain  rate  used  in  the  study  of  strain  rate  effects  in  indentation. 


[551.  In  this  technique  the  rate  of  movement  of  the  indemer  into  the  material  is  monitored  while  the 
load  is  held  fixed  after  a  rapid  initial  load  application.  The  nominal  stresses  and  strain  rates 
produced  in  superplastic  Pb-Sn  using  this  technique  arc  shown  in  Fig.  41.  Again  we  see  that  a 
high  strain  rate  sensitivity  of  0.5  is  correctly  found  for  this  material.  These  methods  can  also  be 
used  to  study  the  strain  rate  sensitivity  of  plastic  flow  in  thin  films,  provided  the  strain  rate 
sensitivity  is  manifested  at  room  temperature  where  die  Nanoindentcr  can  be  used.  Tests  of  diis 
kind  should  provide  additional  information  about  the  controlling  mechanisms  of  deformation  in 
thin  films. 


VII.  Mechanical  Testing  of  Thin  Films  Using  Microbcam  Deflection 
Techniques 

Although  the  elastic  and  plastic  properties  of  thin  films  can  be  studied  most  easily  using  the 
Nanrindentcr  in  the  indentation  mode,  this  mode  of  testing  has  the  disadvantage  that  the  material 
being  deformed  is  under  a  large  hydrostatic  pressure.  In  the  case  of  porous  materials,  this  pressure 
can  cause  dcnsificaiion  to  occur  and,  in  other  cases,  phase  transformations  can  be  induced.  These 
complications  sometimes  make  it  difficult  to  study  die  elastic  and  plastic  properties  alone.  To  avoid 
the  problems  associated  with  indemer  pressure,  Weihs  et  al.  (56-57]  and  Hong  ci  al.  (5S]  have 
developed  techniques  for  creating  micromechanical  test  samples  in  the  shape  of  singlj  supported 
cantilever  beams. 

Microbcam  Fabrication 

The  beams  are  typically  1  pm  thick,  20  pm  wide  and  50-100  pm  long.  Lithographic 
patterning  and  anisotropic  etching  (or  chemical  micromachining)  techniques  are  used  to  nuke  these 
structures.  Once  fabricated,  die  beams  arc  tested  in  the  bending  mode  using  the  Nanoindentcr. 
Both  elastic  and  plasuc  deformation  of  thin  film  materials  can  be  studied  in  this  way.  Because  die 
deformation  occurs  mainly  at  the  fixed  end  of  the  beam,  it  is  not  affected  by  the  pressure  under  the 
indcntcr.  Figures  42  and  43  show  scanning  electron  micrographs  of  microbeams  of  SiOa  and  Au 
made  in  this  way.  The  clean  faces  of  the  pit  in  the  silicon  wafer  arc  produced  by  anisotropic 
etching  effects.  The  side  faces  of  the  pit  are  ( 1 1 1 )  planes  with  edges  along  the  bottom  of  the  pit 
that  are  parallel  to  the  <1 10>  directions.  The  crystallographic  nature  of  the  pit  is  shown 
schematically  in  Fig.  44  for  the  gold  beams. 
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Figure  41.  Stress  -  Strain  rate  relations  obtained  Tor  fine-grained  Pb-Sn  using  the  Nanoindcntcrin  the  creep 
mode  |55|.  The  data  were  taken  from  one  indentation  experiment  in  which  the  load  was  quickly 
applied  and  the  stress  and  strain  rate  measured  as  the  indenter  sinks  into  the  sample. 


Figure  42.  Scanning  electron  micrograph  of  cantilever  microbcams  of  thermal  Si02  made  by  integrated 
processing  techniques  (56-58 J.  The  beams  extend  over  a  pit  in  the  underlying  Si  substrate. 


Figure  43.  Scanning  electron  micrograph  of  cantilever  microbcams  of  Au  made  by  integrated  pi 
technique.*  [56-58J.  The  beams  extend  over  a  pit  in  the  underlying  Si  substrate. 


Schematic  diagram  of  microbcams  of  An  extending  over  an  etch  pit  in  the  underlying  Si  substrate. 
'Die  crystallographic  orientation  of  pit  is  created  by  anisotropic  etching  ofSi. 


Microbeam  Testing 


The  jesting  of  the  microbcams  is  accomplished  by  deflecting  the  beams  with  the 
Nanoindenter,  as  shown  in  Fig.  45.  The  indenter  is  first  positioned  over  one  point  on  the 
microbcam  and  then  moved  toward  the  beam  by  gradually  increasing  the  force.  Before  the  indenter 
contacts  the  beam,  the  imposed  force  is  supporter!  entirely  by  the  suspending  springs  of  the 
Nanoindenter  and  the  relationship  between  the  force  and  displacement  in  this  regime  is  determined 
by  the  stiffness  of  these  springs.  The  stiffness  of  die  system  increases  as  soon  as  the  indenter 
makes  contact  with  the  beam.  'Hits  is  shown  in  Fig.  46  for  a  test  on  a  microbcam  of  SiOi.  In 
order  to  obtain  the  bending  properties  of  the  beam,  it  is  necessary  to  subtract  the  forces  associated 
with  the  dcficcuon  of  the  suspending  springs  and  to  measure  displacement  from  the  point  at  which 
the  indenter  first  makes  contact  with  the  beam.  When  diis  is  done  for  microbcams  of  SiO’,  the 
force-displacement  relations  shown  in  Fig.  47  arc  found. 


Elastic  Properties 


The  slopes  of  the  lines  in  Fig.  47  give  the  stiffnesses  of  the  beams  and  from  these 
measurements  the  clastic  modulus  of  the  beam  material  can  be  obtained,  using  appropriate  beam 
bending  relations  and  the  dimensions  of  the  beams.  The  clastic  properties  of  several  diin  film 
materials  found  using  the  beam  bcnd'ng  technique  arc  shown  in  Table  1  and  are  compared  with 
clastic  properties  obtained  from  indentation  measurements.  The  beam  bending  results  arc  in  better 
agreement  with  values  taken  from  the  literature  than  are  the  indentation  results. 

Plastic  Properties 

The  yield  strengths  of  diin  metal  films  can  also  be  measured  using  the  beam  bending 
technique.  Beam  bending  force-displacement  relations  are  shown  in  Fig.  48  for  microbcams  of 
gob.'  The  curve  that  starts  at  the  origin  represents  the  force-displacement  relation  associated  with 
an  initial  loading  and  unloading  of  a  beam.  The  loading  curve  is  approximate!)  linear,  except  at  the 
highest  loads  where  some  non-elastic  behavior  is  noted.  We  also  see  that  the  displacement  docs 
not  return  n  zero  when  the  load  is  completely  removed.  This  indicates  that  plastic  deformation 
occurred  dur.ng  the  test,  most  likely  near  the  substrate  support  where  the  bending  stresses  in  the 
beam  arc  maximum.  A  subsequent  loading  experiment  is  also  shown  in  the  figure,  for  clarity  the 
second  curve  has  been  displaced  arbitrarily  along  the  displacement  axis.  We  note  that  the  luading 
portion  of  the  second  curve  remains  linear  up  to  about  60  |iN,  die  maximum  load  reached  in  the 
first  loading  cycle.  Non-linear,  plastic  behavior  is  observed  only  at  higher  loads.  This  indicates 
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Figure  45.  Schematic  diagram  or  die  microbcnm  testing  procedure.  The  indenter  is  placed  over  the  beam  and 
gradually  lowered  until  contact  with  tiv  beam  is  made.  Auer  contact  with  the  beam  is  made,  the 
imposed  force  is  supported  by  both  the  suspending  springs  and  the  deflection  of  the  microbcam. 


MECHANICAL  TESTING  OF  MICROBEAMS 


(Nil)  Peo  i  IBjox 


Figure  46.  Toial  applied  load  and  total  displacement  measured  for  two  deflections  of  a  thermal  SiOi  cantilever 
microbcam  I56J. 


Figure  47.  N'ct  load  anti  nci  displacement  measured  for  two  deflections  of  a  thermal  SiQi  cantilever  microbcam 
|56).  The  data  shown  here  were  taken  from  Fig.  46. 


(Mrl)  ptfcq  uiBsg 


Figure  *18.  Ncl  load  and  net  displacement  measured  forcantilcvermicrobcamsof  Au  (561.  The  data  from  two 
different  different  deflections  arc  shown.  A  small  amount  of  plastic  flow  occurs  during  the  first 
deflection  and  the  beam  is  strain  hardened.  A  high  load  is  required  to  cause  yielding  during  the 
second  deflection. 


<,131  the  beam  was  strain  hardened  during  the  first  loading  cycle.  The  increased  amount  of  plastic 
dcformaikn  tha.  occurs  during  the  second  loading  cycle  is  indicated  by  the  greater  offset  observed 
when  the  load  ts  reduced  to  zero.  The  yield  strengths  and  the  strain  hardening  properties  of  metal 
beams  car.  he  found  by  calculating  the  stresses  in  the  beam  during  the  course  of  non-elastic 
bending  The  yield  strength  of  thin  film  gold  obtained  in  this  way  is  shown  in  Table  1,  and  can  be 
compared  with  the  hardness  of  the  same  material  obtained  using  indentation.  We  note  that  the  yield 
strength  of  gold  measured  by  beam  bending  i*  about  1/3  of  the  hardness  measured  by  indentation, 
a  result  consistent  with  the  classical  plasticity  relation,  H=3<ty. 

labkl 

Elastic  and  Plastic  Properties  Measured  for  Thin  Film  Coatings 


Beam  Test  Indentation  Test  Literature 

E  Gy  EH  E 


Si 

103 

>3.39 

188 

13 

169 

Thermal  Si02 

64 

>0.57 

85 

12 

57/:6 

LTO 

44 

- 

83 

10 

- 

Au 

57 

0.34 

74 

1.0 

39-78, 80' 

•  All  data  in  GPa 

*’  First  range  is  from  measurements  on  thin  films,  second  value  is  for  bulk  gold.  Gold  is 
electron  beam  deposited. 
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;,iai  the  beaci  was  stniii  hardened  during  the  first  loading  cycle.  The  increased  amount  of  plastic 
deformation  tba.  occurs  during  the  second  loading  cycle  is  indicated  by  the  greater  offset  observed 
wlien  the  load  is  reduced  to  zero.  The  yield  strengths  and  the  strain  hardening  properties  of  meta) 
beams  car.  he  found  by  calculating  the  stresses  in  the  beam  during  the  course  of  non-elasnc 
bending  The  yield  strength  of  thin  film  gold  obtained  in  this  way  is  shown  in  Table  1,  and  can  be 
compared  with  the  hardness  of  the  same  material  obtained  using  indentation.  We  note  that  the  yield 
strength  of  gold  measured  by  beam  bending  \<  about  1/3  of  the  hardness  measured  by  indentation, 
a  result  consistent  with  the  classical  plasticity  relation,  H®3<Sy. 


msd 

Elastic  and  Plastic  Properties  Measured  for  Thin  Film  Coatings 


Beam  Test  Indentation  Test  Literature 


E 

ay 

E 

H 

E 

Si 

163 

>3.39 

188 

13 

169 

Thermal  Si02 

64 

>0.57 

85 

12 

57/:6 

LTO 

44 

• 

83 

10 

- 

Au 

57 

0.34 

74 

1.0 

39-78, 80 

*  All  data  in  GPa 

*•  First  range  is  from  measurements  on  thin  films,  second  value  is  for  bulk  gold.  Gold  is 
electron  beam  deposited. 
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VIII.  Concluding  Remarks 


We  have  described  ihc  stresses  in  thin  films  on  substrates,  as  well  as  some  of  the 
mechanisms  by  which  thin  film  deformation  occurs.  This  study  leads  to  an  understanding  of  the 
formation  of  misfit  dislocations  in  heterocpiiaxiai  structures  as  well  the  high  strengths  of  thin  metal 
films  on  substrates.  Because  non-tradilional  testing  techniques  are  required,  much  of  the  attention 
of  this  paper  has  been  focused  on  these  techniques.  We  have  shown  that  laser  scanning  techniques 
for  measuring  substrate  curvature  provide  a  convenient  way  to  study  the  biaxial  stresses  in  thin 
films  and  the  deformation  processes  that  occur  at  high  temperatures.  Sub-micron  indentation 
testing  techniques  for  studying  the  hardness,  elastic  modulus  and  time-dependent  deformation 
properties  of  thin  films  on  substrates  have  also  been  described.  We  have  shown  that  the  elastic  and 
plastic  properties  of  thin  films  can  be  studied  by  deflecting  cantilever  microbeams  made  by 
integrated  circuit  manufacturing  methods. 

'Hie  motivation  for  much  of  the  work  described  here  has  been  the  desire  to  understand  the 
mechanical  properties  of  the  thin  film  materials  used  in  microelectronic  and  magnetic  devices.  As 
such,  die  work  may  seem  to  be  a  move  away  from  the  traditional  field  of  mechanical  properties  of 
structural,  load  bearing,  materials.  While  the  experimental  techniques  described  here  may  appear 
to  be  specific  to  the  problems  that  arise  in  microelectronic  and  magnetic  applications,  they  are 
equally  useful  in  the  study  of  bulk  structural  materials.  It  is  important  to  remember  that  high 
performance  structural  materials,  like  electronic  materials,  are  also  finely  structured.  There  is  a 
need  to  obtain  information  about  the  mechanical  properties  of  individual  features  in  the 
microstructures  of  structural  materials.  The  techniques  that  arc  available  for  the  study  of 
microelectronic  and  magnetic  dun  films  can  also  be  used  to  study  the  mechanical  properties  of 
some  of  these  microsiructural  features.  In  this  way,  the  study  of  mechanical  properties  of  thin 
films  is  complimentary  to  the  study  of  bulk  structural  materials.  Thus,  the  mechanical  properties  of 
thin  films  represents  but  another  chapter  in  the  long  history  of  the  study  of  the  relationship  between 
microstructure  and  mechanical  properties  in  the  field  of  metallurgy  and  materials  science. 
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Abstract 

Thin  films  or  coatings  on  a  substrate  are  often  under  a  state  of  residual  biaxial  tension. 
This  paper  analyzes  the  cut  test  wherein  a  straight  cut  which  is  long  compared  to  the  film  thickness 
is  made  through  the  film  down  to  the  substrate.  Depending  on  the  elastic  properties  of  the 
materials,  the  residual  stress  level,  and  the  toughness  of  the  interface  bond  between  the  film  and 
substrate,  the  cut  may  induce  extensive  decohesion,  limited  decohesion  or  no  decohesion  at  all. 
The  main  thrust  of  this  paper  is  concerned  with  the  shape  and  extent  of  the  zone  of  decohesion 
when  extensive  decohesion  occurs.  The  interface  crack  front  at  the  boundary  of  the  decohered 
region  is  subject  to  mixed  mode  conditions  involving  modes  1,  2  and  3.  The  shape  of  the 
dccohesion  region  depends  sensitively  on  the  way  in  which  the  mode  3  contribution  enters  the 
decohesion  criterion.  Observations  of  shapes  for  a  polyimide  film  on  a  glass  substrate  permit  the 
relative  importance  of  the  mode  3  contribution  to  be  inferred  when  the  decohered  film  makes  no 
contact  with  the  substrate.  Some  experimental  observations  indicate  that  the  decohesion  process  is 
quite  complex  when  the  decohered  film  makes  contact  with  the  substrate.  A  prototypical  criterion 
for  mixed  mode  interfacial  fracture  is  proposed  for  cases  in  which  the  interfacial  crack  remains 
open. 

*  Dedicated  to  the  memory  of  Charles  D.  Babcock 


•2* 


I.  INTRODUCTION 


A  thin  film  or  coaling  bonded  to  a  substrate  and  under  a  state  of  residual  biaxial  tension  will 
decohere  starting  from  a  flaw  at  a  free  edge  or  from  a  through-cut  if  the  residual  stress  is 
sufficiently  high  and/or  the  bond  is  sufficiently  weak  (Evans,  Drory  and  Hu,  198S).  If  the 
substrate  has  low  toughness  compared  to  the  interface,  cracking  may  occur  in  the  substrate  (Evans. 
Drory  and  Hu,  1988,  and  Suo  and  Hutchinson,  1989),  but  that  possibility  is  not  considered  here. 
Suppose  the  film  is  in  a  sute  of  equal  biaxial  tension  o  and  suppose  the  film  thickness  t  is  very 
small  compared  to  the  substrate  thickness  so  that  the  substrate  can  be  considered  to  be  infinitely 
thick.  Let  E .  p  and  v  be  Young’s  modulus,  shear  modulus  and  Poisson’s  ratio  of  the  film  and 
E* ,  p,  and  v,  be  the  corresponding  quantities  for  the  substrate.  The  energy  release  rate,  S  ,  of  a 
two-dimensional  plane  strain  crack  on  the  interface  and  emerging  from  a  through-cut  is  shown  in 
Fig.  1.  This  result  was  obtained  by  Thouless,  Cao  and  Malaga  (1989)  using  finite  element 
techniques  for  the  case  where  the  elastic  properties  of  the  substrate  coincide  with  those  of  the  film. 
When  the  interface  crack  is  longer  than  3  to  5  film  thicknesses  it  approaches  steady-state  conditions 
with  a  length-independent  energy  release  rate  given  by 
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This  steady-state  result  is  independent  of  the  elastic  properties  of  the  substrate. 

The  plane  strain  interface  crack  is  characterized  by  two  stress  intensity  factors,  Ki  and 
Kj ,  such  that  on  the  interface  a  distance  r  ahead  of  the  tip  the  normal  and  shear  stresses  are  given 
by 

(022«®i2) =  (K^KjJGtocr)”**2  (2) 

The  two  Dundurs  parameters  measuring  the  elastic  mismatch  between  the  fun  and  the  substrate  are 


E/fl-vVE^l-v?) 

E/(1-v2)  +  E$/(1-vJ) 


i  pq-^vj-^q-av) 

P"2  p(l—Vj)  +  p,(l— V) 


(3) 


■3' 


In  writing  (2)  it  has  been  assumed  that  p  ■  0  (either  exactly  or  as  an  approximation),  and  thus  we 
are  sidestepping  some  of  the  difficulties  associated  with  the  more  pathological  oscillatory  interface 
singularity.  Throughout  the  paper  we  will  take  P  «  0 .  Under  this  circumstance  and  under 
combined  mode  1  and  2, 

3 =?(iT"+'^r)<K'+K:)  «> 

assuming  Kj  >  0  so  that  the  crack  is  open.  The  steady-state  plane  strain  problem  for  decohesion 
driven  by  a  tensile  stress  a  has  Kt  >  0  but  is  heavily  mixed  mode  with  the  phase  of  the  stress 
intensity  factors,  V  ■  tan^fK^/Ki) ,  depending  on  a  as  shown  in  Fig.  2  (Hutchinson  (1989)  and 
Suo  and  Hutchinson  (1988)). 

In  genera],  interface  toughness  is  strongly  mode-dependent  (Cao  and  Evans  (198S)), 
usually  with  the  energy  release  rate  needed  to  drive  the  crack  increasing  with  increasing  proportion 
of  mode  2  to  mode  1.  The  condition  for  decohesion  of  a  plane  strain  crack  can  be  written  as 

3=SC(Y)  (5) 

where  3e(y)  is  the  mode-dependent  interface  toughness  which  must  be  determined  by  test.  The 
critical  stress  associated  with  steady-state  plane  strain  decohesion  from  (1)  and  (5)  is 


where  y  is  found  from  Fig.  2. 

The  general  criterion  (5)  includes  two  limidng  cases  which  will  be  considered  later.  An 
"ideally  brittle"  interface  is  defined  as  an  interface  with  a  mode-independent  toughness,  i.e. 

3c(Y)  =  «c°  (?) 

One  imagines  that  the  total  energy  released  goes  into  creation  of  the  new  surfaces.  At  the  other 
extreme,  consider  an  interface  crack  where  the  tip  is  fully  shielded  from  any  effect  of  K2 ;  that  is, 
assume  the  condition  for  crack  advance  is  Kj  *  Kj  ,  independent  of  K2  .  The  fully  shear- 


shielded  criterion  is 


.4. 


5  c=  sJ/cojV  (8) 

where  a®  is  the  pure  mode  l  toughness  related  to  K*  by  (4).  Experimental  data  for  an 

cpoxy/glass  interface  obtained  by  Cao  and  Evans  (1988)  over  a  wide  range  of  modes  1  and  2  fell 
somewhat  below  the  trend  of  (8)  and  well  above  (7).  Using  micromechanical  modeling,  Evans 
and  Hutchinson  (1989)  produced  a  family  of  criteria  for  combined  mode  1  and  2  interface  fracture 
which  depended  on  a  single  nondimcnsional  parameter  characterizing  the  roughness  of  the  failed 
interface.  Their  family  of  criteria  reduced  to  (7)  for  a  perfectly  smooth  interface  and  to  (8)  in  the 
limit  of  a  very  rough  interface. 

In  the  cut  test,  a  straight  cut  of  length  2L  .  which  is  very  long  compared  to  the  film 
thickness,  is  made  through  the  film  to  the  substrate.  If  consideration  is  limited  to  purely  elastic 
behavior  in  the  film  and  substrate  and  if  substrate  cracking  does  not  occur,  there  are  three  response 
regimes  as  depicted  in  Fig.  3.  Let  Cj  be  the  lowest  value  of  a  needed  to  initiate  decohesion  at  the 
intersection  of  the  through-cut  and  the  interface.  Usually,  aj  will  be  less  than  Cc  (c.f.  Fig.  1), 
although,  in  general,  the  size  of  Oj  relative  to  <JC  will  depend  on  a  and  on  the  y-dependence  of 
3c(V)  •  If  <  0C  ,  as  assumed  in  Fig.  3,  then  no  decohesion  can  occur  if 


a<aj 

(9) 

Oj  <  a  <  cc 

(10) 

the  extent  of  the  decohered  region  from  the  cut  in  its  central  portion  will  be  determined  by  a  plane 
strain  relation  such  as  that  in  Fig.  1  and  will  be  limited  to  distances  peipendicular  to  the  cut  on  the 
order  of,  typically,  1  to  5  times  t.  If 

<3><se  (1 1) 

there  will  be  extensive  decohesion  spreading  out  over  an  area  controlled  by  the  length  of  the  cut. 
For  material  combinations  for  which  crj  >  cc ,  there  are  two  response  regimes:  c  <C\  with  no 
decohesion  and  0>cTj  with  extensive  decohesion. 
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2.  Model  of  tice  cut  Test  (<j  >  a,) 


The  regime  of  extensive  decohesion  is  considered  with  o>at  (and  a  >  cr,  if  Oj  >  ce) . 
If  L  »  t ,  it  can  be  anticipated  that  the  extent  of  the  decohesion  perpendicular  to  the  cut  will  be 
determined  by  L  and  will  be  very  large  compared  to  t .  For  one  experimental  system  discussed  in 
Section  4,  the  lateral  extent  of  the  decohered  region  is  about  one  hundred  times  t .  The  stress 
distribution  in  the  cut  decohered  film  is  analyzed  as  a  two-dimensional  plane  stress  problem. 
Assume  for  the  moment  that  the  boundary  C  of  the  decohered  region  is  known.  As  depicted  in 
Fig.  4,  the  stress  distribution  within  the  decohered  region  of  the  cut  film  is  the  sum  of  the  stresses 
in  two  plane  stress  problems,  (i)  and  (ii).  Problem  (i)  is  the  trivial  uniform  equal  biaxial  stress 
state  a  and  Problem  (ii)  is  the  plane  stress  distribution  for  a  film  clamped  along  C  and  subject  to 
a  normal  traction  a  along  the  cut,  i.e. 


U|  =  u2  =  0 


on  C 


(12) 


Oj2  =  0 and a^--a  on  x2  =  0 ,'|xj| < L 

The  boundary  C  of  the  decohered  region  has  been  depicted  as  standing  off  the  ends  of  the 
cut  in  Fig.  4.  Whether  the  boundary  stands  off  or  is  attached  to  the  ends  of  the  cut  turns  out  to  be  a 
significant  issue  which  is  tied  to  the  details  of  the  interface  decohesion  criterion.  This  issue  will  be 
dealt  with  in  Section  3. 

The  stresses  in  the  film  resolve  into  a  normal  component,  <7os ,  and  a  tangential  component, 
ant ,  to  the  boundary  C  as  shown  in  Fig.  5.  The  steady-state  energy  release  rate  for  a  straight 
crack  front  when  the  film  has  uniform  normal  and  tangential  stresses  is,  instead  of  (1), 

»=ja^A<4t+ii4of,t  (13) 

where  Aa^  and  Ac„t  are  the  stress  changes  from  the  state  of  biaxial  tension  cr.  Equation  (13) 
holds  locally  along  the  crack  front  if  the  radius  of  curvature  of  C  and  the  length  scale  over  which 
Acrno  and  A<Tot  vary  are  large  compared  to  the  film  thickness  t .  This  is  assumed  to  be  the  case 


in  the  present  model,  and  the  stress  changes  &ano  and  Acxol  are  calculated  from  the  stresses  in 
Problem  (ii). 

Locally  along  the  crack  front  C ,  do*  induces  mode  l  and  mode  2  with  Kj  and  K j  in 
fixed  proportion  characterized  by  y  in  Fig.  2,  while  dcr8i  induces  mode  3.  Under  the  three 
modes  of  loading  the  energy  release  rate  is  related  to  the  stress  intensity  factors  by  (with  p  ■  0) 


S 


-r(ir+^)K?+Kl>+Kf+s)K? 


(14) 


Thus,  by  comparing  (13)  and  (14),  one  has 


and 


(15) 

(16) 


where  y«  tan'^Kj/Kj)  is  given  by  Fig.  2.  The  above  assumes  Ki  >  0  ,  which  holds  if 
da8a  <  0 .  If  dcr88  £  0  ,  the  crack  front  does  not  open,  Kj  -  0  ,  and  (14)  and  (15)  apply  with 
Kj  *  0  if  the  fractured  interface  is  perfectly  smooth  with  no  friction. 

We  now  propose  a  family  of  criteria  governing  the  advance  of  the  interface  crack  between 
the  film  and  the  substrate.  Since  the  relative  proportion  of  Kj  to  Kj  is  fixed  all  along  the  front, 
the  shape  of  the  decohered  region  is  not  dependent  on  how  y  enters  into  the  decohesion  criterion. 
Put  another  way,  the  observed  shape  of  a  decohered  region  cannot  be  used  to  discriminate  how  the 
relative  proportions  of  K2  to  Kj  enter  the  decohesion  criterion.  As  will  be  seen,  however,  the 
shape  is  strongly  dependent  on  the  way  in  which  the  mode  3  intensity  factor  is  included  in  the 
criterion. 

Noting  (13),  consider  the  family  of  criteria  specified  by 


where  5  j  can  be  thought  of  as  the  critical  energy  release  rate  for  the  plane  strain  crack  in  (5)  when 
ACTm  ■  0 ,  i.e.  *  Sc(v) .  The  parameter  X  in  (17)  is  used  to  adjust  the  influence  of  the  mode  3 
contribution.  When  X «» 0 ,  mode  3  has  no  effect  on  the  condition  for  crack  advance  *-  the  crack 
tip  is  fully  shielded  from  any  influence  of  mode  3.  At  the  other  limit,  X  ■  1 ,  there  is  no  shielding 
of  the  crack  Up  from  mode  3.  This  family  of  criteria  includes  the  "ideally  briide"  interface  if  X  ■  1 
and  is  identified  with  3®  in  (7).  The  limit  of  an  interface  fully  shielded  from  both  mode  2  and 
mode 3  is  also  included  in  (17)  if  X»0  and  is  identified  with  3e(V)  in  (8). 

When  the  decohered  region  remains  attached  to  the  ends  of  the  cut,  the  computed 
distribution  of  along  C  reported  in  Section  4  is  everywhere  negative  giving  Kj  >  0  along 
the  front.  When,  on  the  other  hand,  the  decohered  region  stands  off  the  ends  of  the  cut  it  is  found 
that  there  is  a  small  portion  of  C  just  opposite  the  ends  where  ACaa  turns  out  to  be  positive 
implying  that  the  crack  is  closed  along  this  portion  of  its  front.  The  steady-state  energy  release  rate 
(13)  still  applies  when  Actm  >  0 ,  assuming  friction  effects  are  not  important,  and  a  criterion  in  the 
form  of  (17)  remains  plausible.  However,  one  should  not  necessarily  expect  the  same  values  of 
the  parameters  X  and  $1  to  hold  for  both  Acxan  <  0  and  Aaaa  >  0  .  Nevertheless,  in  the 
present  exploratory  study  we  have  used  (17)  independent  of  the  sign  of  Aaaa  .  The  limitations  of 
this  assumption  for  the  case  in  which  the  decohered  region  stands  off  the  end  of  the  cut  will  be 
discussed  in  Section  S  along  with  some  experimental  evidence  which  suggests  that  an  adequate 
criterion  is  probably  lacking  when  contact  between  the  decohered  film  and  the  substrate  takes 
place. 

In  Appendix  I,  we  propose  a  class  of  criteria  for  characterizing  interfacial  fracture  under 
combined  three-mode  conditions,  of  which  (17)  is  a  special  case.  In  Appendix  I,  the  general  class 
of  criteria,  including  the  special  family  (17),  are  expressed  as 

3  =  3e(V.<0  O8) 

where  vjr  and  $  are  Euler  angles  in  a  space  of  (K1.K2.K3).  In  the  present  study,  (17)  is  the 
convenient  form  for  the  decohesion  criterion. 
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We  now  summarize  the  model  for  predicting  the  shape  of  the  decohered  region  when 
o  >  crc  >  where  in  the  new  notation  used  in  (17) 

V'2 

(19) 


2E3C 


V(l-v*)t; 

The  plane  stress  boundary  value  problem  for  determining  the  boundary  C  of  the  deeohcrcd  region 
is  Problem  (ii)  of  Fig.  4  with  boundary  conditions  (12).  The  boundary  C  must  be  found  such 
that  (17)  is  satisfied  everywhere  along  C ,  where  Aau  and  Aaa t  are  the  normal  and  tangential 
tractions  to  C  determined  from  Problem  (ii).  This  assumes  that  the  interface  crack  is  poised  for 
continuing  advance  at  every  point  along  C  and  has  nowhere  become  subcritical.  This  is  a 
reasonable  assumption  for  a  decohering  region  spreading  from  a  lengthening  cut  and  is  consistent 
with  the  shapes  produced  in  Section  4.  Alternatively,  one  could  cut  the  film  when 
a  <  ac  and  then  increase  a  above  crc  ,  for  example  by  changing  temperature  and  exploiting 
thermal  expansion  mismatch  between  the  film  and  substrate.  In  this  case,  too,  one  can  reasonably 
expect  that  the  crack  front  will  advance  simultaneously  everywhere  along  C  as  the  temperature  is 
changed.  By  (19),  condition  (17)  can  be  rewritten  as 


i  2X  2 
®oa  ^  (J^v)  = 


(20) 


where  aB0  and  <rot  are  the  stresses  in  Problem  (ii). 

From  dimensional  considerations  and  the  form  of  (20),  it  is  readily  concluded  that  the 

shape  of  the  decohered  region  depends  only  on 

a/ac  ,  X  and  v  (21) 

while  the  she  scales  with  the  length  of  the  cut,  2L . 


3.  LOCAL  ANALYSIS  AT  THE  END  OF  THE  CUT 


Observations  of  the  cut  test  indicate  that  in  some  instances  the  decohcsi''  mdary  C 

remains  attached  to  the  end  of  the  cut  while  for  some  other  material  combinations  off  the 

end  of  the  cut  Insight  into  this  issue  is  gained  by  investigating  the  conditions  under  which  the 
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boundary  can  be  attached.  Consider  the  local  geometry  shown  in  Fig.  6  where  the  boundary 
emerges  from  the  end  of  the  cut  at  an  angle  co.  Let  (r,0)  be  planar-polar  coordinates  centered  at 
the  cut  end,  and  look  for  a  solution  to  the  plane  stress  boundary  value  problem  for  the  wedge 
region  of  Fig.  6  where  die  stresses  depend  on  8  but  not  on  r.  Such  a  solution  is  readily  found. 
Along  the  rigidly  clamped  edge  on  0  ■  0)  the  stresses  are  found  to  be 

=  -2  a  cos  2co(l  -  v  +  (l+v)cos 

art  =  -o(I-v)sin  2co[l  -  v  +  (I+v)cos  2C0)"1  (22) 

<^  =  0(1  —  v  —  (l+v)cos  2co](l  -v  +  (l+v)cos  2a)fl 

A  separate  calculation  for  the  wedge  region  of  Fig.  6  with  homogeneous  boundary 
conditions  (i.e.  with  aoe  « -a  replaced  by  aoo  »  0  on  0  -  0),  shows  that  the  stresses  from  the 
homogeneous  problem  will  approach  zero  as  r  -4  0  as  long  as 

1  -V  +  (l+v)cos  2(0  >0  (23) 

That  is,  the  most  singular  admissible  stresses  to  the  homogeneous  problem  vanish  as  r  -» 0  when 
(23)  is  met.  (For  v  -  1/3  ,  (23)  requires  Ci)  <  60°  ,  while  for  v  -  1/2  ,  to  <  54.7°.)  Thus  for  a 
boundary  emerging  from  the  cut  with  an  angle  co  satisfying  (23),  the  local  stresses  along  the 
boundary  on  8  *  to  are  given  by  (22). 

Now  consider  the  requirement  that  (20)  be  satisfied  along  0  « co .  With  afl0  «  099  and 
aol  =  Cje  from  (22),  (20)  becomes 

F(co^)  =  (ae/a)2  (24) 

where 

F(co,X)  =  [4  cos^co  +  Xfl-vjsin^col/fl  -  v  +  (l+v)cos  2co]2  (25) 

A  plot  of  F  as  a  function  of  co  for  various  X  is  shown  in  Ftg.  7  for  v  ■  1/3  . 

Next,  recall  that  the  regime  of  extensive  decohesion  under  consideration  requires  a  >  ac 
so  that  the  right  hand  side  of  (24)  is  less  than  unity.  The  angle  co  made  by  the  boundary 
satisfying  (24)  is  given  by  the  intersection  of  the  solid-line  curve  in  Fig.  7  (for  a  given  X)  with  the 
dashed-line  curve  for  a  given  a/ac ,  as  illustrated  in  Fig.  7.  The  solution  where  the  dashed-line 
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Intersects  the  solid  curve  on  the  right  where  F  is  increasing  with  to  is  unstable  in  the  sense  a 
slight  increase  in  to  would  perturb  the  front  to  a  condition  in  which  the  left  hand  side  of  (20) 
would  exceed  of .  One  notes  immediately  that  there  exists  no  solution  when  X  »  1,  since  F  £  0 . 
In  other  words,  an  attached  boundary  emerging  from  the  end  of  the  cut  at  some  angle  is  not 
possible  for  an  ideally  brittle  interface.  By  contrast,  when  X  ■  0  there  exists  a  solution  for  to  for 
all  a  >  oc .  For  0  <  X  <  1 ,  there  exists  an  attached  local  solution  for  a  range  of  o/oc ,  but  for 
o/oc  sufficiently  large  no  such  solution  exists.  The  numerical  results  presented  in  the  next  section 
are  completely  consistent  with  the  conclusions  drawn  from  the  local  analysis.  In  fact,  it  wasn’t 
until  this  local  analysis  was  conducted  that  the  numerical  analysis  could  be  formulated  properly. 

4.  NUMERICAL  RESULTS  AND  COMPARISON  WITH  SOME  OBSERVATIONS 

The  numerical  method  used  to  solve  for  C  made  use  of  a  sequence  of  intentions  wherein 
C  was  adjusted  in  a  systematic  manner  until  (20)  was  satisfied.  In  a  given  iteration  with  a  given 
C  ,  the  plane  stress  boundary  value  problem  (ii)  of  Fig.  4  was  solved  using  a  finite  element 
procedure  which  subdivided  the  region  within  C  into  a  grid  of  elements  with  due  attention  to 
achieving  resolution  near  the  ends  of  the  cut.  The  normal  and  tangential  tractions,  <Tna  and  an( , 
on  C  were  determined,  the  error  in  (20)  was  computed,  and  an  adjustment  to  C  for  the  next 
iteration  was  established.  Details  of  this  procedure  are  spelled  out  in  Appendix  II.  Insight  from 
the  local  analysis  of  the  previous  section  was  essential  in  knowing  how  to  deal  with  the  issue  of 
whether  C  attaches  or  stands  off  the  end  of  the  cut.  Under  conditions  where  C  is  attached,  the 
numerical  prediction  for  the  wedge  angle  to  was  in  excellent  agreement  with  the  prediction  from 
the  local  analysis. 

One-quarter  sections  of  the  computed  decohered  regions  are  shown  in  Fig.  8  for  X  =  0, 1/2 
and  1 ,  in  each  case  for  v  *  1/3  .  When  mode  3  has  no  influence  on  decohesion  (X  =  0) ,  the 
boundary  of  the  decohered  region  always  remains  attached  to  the  ends  of  the  cut  When  X  *  1 , 
the  boundary  always  stands  off  the  end  of  the  cut  Moreover,  for  a  given  value  of  a/ac  ,  the 
extent  of  the  decohesion  is  more  extensive  when  X  =*  1  than  when  X  *  0 .  When  X  =  1/2 ,  the 
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local  analysis  predicts  that  the  boundary  is  attached  to  the  ends  of  the  cut  for  o/ac  <1.1  and 
stands  off  for  o/crc  >1.1,  consistent  with  the  boundaries  shown  in  Fig.  8. 

Decohered  regions  for  a  thin  film  of  polyimide  approximately  15}im  thick  and  bonded  to  a 
glass  plate  approximately  2mm  thick  are  shown  in  Fig,  9  and  IQ,  Figure  9  shows  dccohesion 
spreading  outside  a  circular  cut  of  about  .75cm  in  radius.  {The  thin  film  inside  the  cut  has 
completely  detached.)  Figure  10  shows  dccohesion  from  a  straight  cut  of  approximately  1cm  in 
length  made  on  the  same  plate.  Each  of  the  two  smaller  decohered  regions  below  the  cut  appear  to 
be  pinned  at  a  point  along  the  cut,  probably  because  the  cut  was  not  as  sharp  as  it  should  have  been 
on  that  side.  Note,  however,  that  the  three  shapes  arc  similar. 

Information  from  the  extent  of  the  decohered  region  from  the  circular  cut  together  with  the 
observed  shape  of  the  decohered  region  in  the  straight  cut  test  can  be  used  to  good  advantage  to 
draw  conclusions  about  the  nature  of  the  dccohesion  criterion.  For  the  axisymmctric  dccohesion 
boundary  induced  by  the  circular  cut,  trnt  *  0 ,  by  symmetry,  so  that  mode  3  plays  no  role.  The 
plane  stress  problem  for  the  circular  cut  is  readily  solved  (Farris  and  Bauer  (1989))* .  Imposition 
of  the  criterion  (20)  then  gives  the  extent  of  the  decohesion.  The  ratio,  Ro/Rj ,  of  the  radius  of  the 
decohered  region  to  the  radius  of  the  circular  cut  is  found  to  satisfy 

o/ac  =  i  ((l-v)OVRi)2  +  1  +  v]  (26) 

By  measuring  the  ratio  Ro/Ri  in  Fig.  9  and  using  v  *  1/3  ,  we  determined  a/ac  =  1.21 
from  (26).  (Note  that  this  procedure  enabled  us  to  avoid  direct  measurement  of  individual 
quantities  such  as  E ,  t ,  » a  •  etc.)  Next,  assuming  alac  *  1.21  and  v  *  1/3  ,  we  computed 

the  shapes  of  the  decohered  region  for  the  straight  cut  as  they  depend  on  X .  These  computed 
shapes  are  shown  in  Fig.  11.  For  or/<rc  »  1.21  with  v  «  1/3  ,  the  transition  from  an  attached 
boundary  to  one  which  stands  off  the  ends  of  the  cut  occurs  at  X  =*  .34 .  The  shape  which  best 
approximates  the  observed  shape  in  Fig.  10  corresponds  to  X  s  .3  ,  nearly  at  the  transition  to 

*  We  are  indebted  to  Professor  R.  J.  Farris  of  the  University  of  Massachusetts  for  supplying  us  with  the 
polyimide  coated  glass  plate. 
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stand-off.  With  reference  to  the  criterion  (20),  the  value  X  =  .3  for  the  polyimide/glass  interface 
suggests  that  mode  3  has  a  relatively  small  influence  on  the  interface  fracture  process.  Evidently 
the  tip  of  the  interface  crack  is  heavily  shielded  from  the  full  effect  of  mode  3.  This  finding  is 
consistent  with  the  analogous  observations  for  an  epoxy/glass  interface  under  combined  modes  1 
and  2  (Cao  and  Evans  (1988)).  For  that  system,  the  tip  of  the  plane  strain  interface  crack  was 
shielded  from  the  effect  of  mode  2  by  a  comparable  amount. 

5.  concluding  Remarks 

The  residual  stress  state  assumed  throughout  this  paper  was  equal  biaxial  tension  a .  One 
can  readily  verify  that  the  shapes  predicted  for  the  equal  biaxial  residual  stress  state  (<?n  *  a, 
022  *  o)  are  unchanged  according  to  the  model  if  the  residual  stress  component  parallel  to  the  cut 
Ojj  is  different  from  cf ,  i.e.  for  (on  -  Oo,  (J22  ■  cf) .  Observations  of  decohesion  under 
uniaxial  stressing  perpendicular  to  cut  were  recently  made  on  a  model  system  where  a  thin  layer  of 
transparent  rubber  adheres  by  van-der-Waals  forces  to  a  silicone  rubber  substrate  (Ashby  and 
Burwcll,  1988). 

The  shape  of  the  decohered  region  in  the  straight  cut  test  is  quite  sensitive  to  the  extent  to 
which  mode  3  enters  the  decohesion  criterion.  For  a  polyimide/glass  combination  the  observed 
shapes  suggest  that  the  interface  is  far  from  being  "ideally  brittle"  with  significant  shielding  of  the 
crack  tip  from  the  influence  of  mode  3.  This  study  emphasizes  the  importance  of  mode-dependence 
in  interface  fracture.  A  family  of  decohesion  criteria  is  proposed  in  Appendix  I  which  is  applicable 
to  arbitrary  combinations  of  modes  1, 2  and  3  and  which  can  model  the  full  range  of  behavior  from 
ideally  brittle  to  fracture  controlled  by  Kj,  as  long  as  Ki  >  0 .  We  suspect  that  the  least  certain 
aspect  of  the  present  model  is  the  use  of  the  criterion  (17)  when  AcTm  >  0 ,  as  it  is  just  opposite 
the  ends  of  the  cut  when  the  decohesion  boundary  stands  off  the  ends.  As  discussed  in  Section  2, 
the  crack  front  will  be  closed  when  AcrDn  >  0  with  Ki  =  0  and  it  seems  unlikely  that  (17) 
should  continue  to  apply,  at  least  not  with  the  same  values  of  X  and  as  in  the  range  when 

Adgn  <  0  • 
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Furthcr  evidence  of  the  complication  which  occurs  when  the  film  comes  into  contact  with 
the  substrate  is  seen  in  Figs.  13  and  14.  The  system  in  these  two  figures  is  also  a  polyimide  film 
on  a  glass  substrate  but  here  the  film  is  almost  ten  times  thicker  (t  ■  150pm)  than  in  the  system 
discussed  in  the  previous  section.  The  cut  length  is  approximately  6mm.  In  these  examples  the 
fum  was  cut  at  a  temperature  (T  *  180*Q  at  which  the  residual  stress  initiates  limited  decohesion. 
The  specimens  arc  then  cooled  down.  The  thermal  expansion  mismatch  between  the  film  and  the 
substrate  increases  the  residual  tension  in  the  film  as  the  temperature  drops  and  decohesion 
spreads.  The  three  dccohesion  regions  shown  in  Fig.  13  are  associated  with  the  three  approximate 
temperatures,  T  ■  120°C,  80°C  and  40°C,  respectively.  The  decohesion  boundary  does  stand  off 
the  ends  of  the  cu'  by  a  small  amount  and,  moreover,  the  crack  front  is  open  (K|  >  0)  just 
opposite  the  cut  ends.  A  second  highly  noticeable  feature  in  Fig.  13  is  the  region  of  contact 
between  the  film  and  the  substrate,  as  indicated  by  the  dark  spots  more  or  less  in  the  center  of  each 
of  the  decohered  zones.  These  spots  of  contact  appear  to  have  had  a  significant  influence  on  the 
shape  of  the  decohered  region,  retarding  its  growth  transverse  to  the  cut  Note  that  the  location 
and  size  of  the  contact  spots  changes  as  the  temperature  is  lowered.  On  the  upper  side  of  the  cut 
one  can  see  the  interaction  and  subsequent  merging  of  the  boundary  of  the  decohered  region  with  a 
small  circular  decohered  region  preexisting  prior  to  the  cut  having  been  made. 

There  is  evidence  that  a  fairly  substantial  residual  stress  gradient  exists  in  the  film  in  this 
system  with  larger  tensile  stress  at  the  interface  than  at  the  surface.  A  piece  of  fully  decohered  film 
curls  consistent  with  the  above  observation.  This  residual  stress  gradient  could  account  for  the 
crack  front  remaining  open  at  the  ends  of  the  cut  and  it  might  have  some  influence  on  the  tendency 
of  the  film  to  contact  the  substrate. 

Figure  14  shows  another  example  for  the  same  system  cooled  down  to  room  temperature. 
The  decohered  region  on  one  side  of  the  cut  is  fully  developed  with  no  interior  contact  spots  while 
hat  on  the  other  side  has  been  retarded  by  a  substantial  contact  region.  If  contact  occurs  in  the 
early  stage  of  the  process  it  seems  to  persist.  Conversely,  a  decohering  region  free  of  interior 
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contact  zones  tends  to  avoid  contact  as  it  spreads.  It  is  almost  as  if  contact  enters  the  process  as  an 
initial  condition. 
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APPENDIX  I 

A  FAMILY  OF  CRITERIA  FOR  INTERFACIAL  FRACTURE  UNDER  MIXED  MODE 


Noting  the  expression  (14)  for  the  energy  release  rate  of  the  interface  crack  under  all  three 
modes  of  loading  (with  P  ■  0),  consider  the  family  of  interface  toughness  criteria  specified  by 


1  ( 1-v2 
2\  E 


^■)(K5  +  X2kI)-F 


(27) 


where  3°  can  be  regarded  as  the  pure  mode  1  toughness.  The  parameters  X2  and  X3  adjust  the 
extent  to  which  the  shearing  modes,  K2  and  K3  ,  affect  decohesion;  they  are  limited  to  range 
between  0  and  1 .  It  is  assumed  that  K(  >  0 .  For  given  values  of  X2  and  X3  ,  this  criterion 
can  be  rewritten  as 


«  =  se(v.$) 


(28) 


where  V  and  $  are  Euler  angles  in  the  space  (Ki,K2,kK3) ,  as  shown  in  Fig.  12,  and  where 

3C(Y,$)  =  *c(1+  (X2~l)sinV  sin2<j>  +  (Xj-lJcosV  (29) 


In  casdng  the  criterion  in  the  form  (28),  it  has  been  mathematically  convenient  to  scale  the  Ks-axis 
by  k  where 


This  family  of  criteria  includes  the  following  special  cases. 

(i)  "Ideally  brittle"  decohesion: 

Xj  =  X2=l  ,  3C=3°  (31) 

(ii)  Decohesion  independent  of  the  shearing  modes  (i.e.  Kt  *  Kj): 

Xt  =  X2  =  0  ,  3c=9c[l  - sinV sin2$ - cos24>]"1 


(32) 


0  c 

where  $ .  is  the  pure  mode  1  toughness  related  to  Kj  by  (27)  with  K2  ■  Kj  ■  0 . 

(iii)  The  decohcsion  criterion  (17)  used  in  the  body  of  the  present  paper  is  included  in  (28)  if 
one  makes  the  identification 

X  =  X3(1  +(X2-l)sin2y]~1  ,  3e*S?tl+(V0sinVrl  (33) 

Thus,  a  solution  in  the  body  of  the  paper  for  a  given  pair  (X, )  corresponds  to  a  solution  for 
any  combination  of  (X2,X3  and  3®)  satisfying  (33).  For  example,  the  solution  for  X»0 
applies  to  an  interface  with  X2  «  X3 «  0  and  -  3® ,  but  it  also  applies  to  any  interface  with 
Xj-0  and  X2*0  if  3^-  *2(1  +  (X2-l)$m2yl’‘ . 

A  comparison  of  (27)  with  the  Cao-Evans  (1989)  mode  1/mode  2  data  for  epoxy  on  glass 
is  shown  in  Fig.  15.  The  choice  X2  -  .15  gives  a  reasonable  fit  to  this  data.  Now  suppose  that 
the  value  X2».15  applies  as  well  to  the  polyimide/glass  system  used  in  the  present  study.  With 
X  =  .3  infened  from  the  shape  of  the  decohcsion  in  the  cut  test  and  with  y  ■  50° ,  Eq.  (33)  gives 
X3 » .15 .  Thus  it  would  appear  that  the  polyimide/glass  interface  crack  is  heavily  shielded  from 
both  mode  2  and  mode  3  by  comparable  amounts. 

The  criterion  (27)  can  be  expressed,  in  a  form  which  has  been  considered  in  the  adhesives 
literature  (Kinloch,  1987).  When  P  ■  0 ,  separate  "components"  of  the  energy  release  rate  can  be 


meaningfully  defined  as 


1  ( 1-v2  l-vf)  ,  , 

(Sl.32)  =  2[— +  -eT/K«'K2) 


Then  it  is  immediately  noted  that  (27)  can  be  rewritten  as 

3  i  32  S3 

_i  +  _i  +  _i  =  l  (35) 

*c  +.c  *c 

32  a3 

where  a  3°  ,  311(1  ^“^/Xj.  In  this  form,  3®  and  are  regarded  as  the 

pure  mode  toughnesses.  The  intention  behind  (27)  is  that  mode  2  and  mode  3  act  together  with 


-17- 


mode  1.  U  is  not  necessarily  expected  that  (27)  should  accurately  span  the  whole  range  of  behavior 
to  include  pure  mode  2  or  mode  3. 

APPENDIX  II 
Numerical  Method 


The  plan-  stress  problem  is  Problem  (ii)  of  Fig.  4  with  boundary  conditions  (12).  The 
boundary  C  of  the  decohered  region  must  be  found  such  that  (20)  holds  along  C  where  crea  and 
CBi  are  the  normal  and  tangential  stresses  to  C  from  Problem  (ii). 

For  a  given  shape,  the  stresses  are  determined  using  the  finite  element  method.  A  coarse 
mesh  (4x3)  is  shown  in  Fig.  16a.  Typically,  a  (30x30)  mesh  gave  results  of  sufficiently  high 
accuracy.  Each  quadrilateral  consists  of  two  linear  displacement  elements  with  straight  edges. 

Two  methods  for  representing  a-  boundary  shape  that  locally  satisfies  the  decohesion 
criterion  have  been  compared.  Both  methods  lead  to  an  iterative  procedure. 

In  the  first  method,  the  boundary  curve  C  is  represented  by  a  set  of  functions  according  to 
y(x)  =  a<j  +  a|f|(x)  +  a2f2(x)  + ...  +  aNfN(x)  (36) 


Let  x  -  0  be  at  the  end  of  the  cut  and  x  -  L  at  the  symmetry  line  at  the  center  of  the  cut  as 
indicated  in  Fig.  16a.  The  following  polynomial  expansion  is  used 

fl(0  =  t(2-t)  ,  f2(t)  =  t2(3-2t), 


(37) 


fB(t)*tVl)2Ta-3(2t-l)  3^niN 

where  t »  x/L  and  T,  are  Chebyshev  polynomials  of  order  n . 

For  the  case  where  the  decohesion  cone  stays  attached,  ao  »  0  in  (36)  and  the  results  of  the 
FEM  analysis  and  the  local  analysis  of  Section  3  can  be  compared.  The  angle  between  the  cut  and 
the  decohesion  zone  as  given  by  the  two  methods  is  usually  within  03%. 

In  the  second  method,  the  boundary  curve  is  represented  by  a  piecewise  linear  curve  as  in 
the  FEM  approximation  in  Fig.  16a.  The  boundary  is  in  this  way  described  by  a  set  of  coordinates 
(xp,yp) ,  p  =  1.2....JP ,  with  a  linear  variation  ber.vcsn  these,  points. 
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Let  the  Initial  boundary  curve  be  represented  by  polynomials  is  in  the  Ant  method  above. 
The  criterion  (20)  is  approximately  satisfied  along  C  by  choosing  the  coefficients  a;  to  minimize 

^sJch"{^  +  Fv)^}]ds 

The  derivatives  and  curvatures  of  with  respect  to  each  of  the  ai  are  obtained 
numerically  by  solving  the  FEM  problem  for  aj  +  5aj  and  aj  -  5*; .  In  an  iteration,  new  values  of 
a,  arc  found  by  choosing  5a|  to  minimize  according  to  the  derivatives  and  curvatures  so 
obtained.  In  this  way,  the  iteration  process  usually  converges  in  5  iterations. 

Now  let  the  boundary  curve  C  be  represented  by  the  finite  element  grid  as  in  the  second 
method  above.  The  stress  change  for  a  small  movement  of  a  nodal  point  is  found  for  each  node  on 
the  boundary  curve.  Use  is  made  of  the  fact  that  die  FEM  grid  is  unchanged  except  in  three 
elements,  as  shewn  in  Fig.  16b,  resulting  in  a  nearly  unchanged  stiffness  matrix.  The  nodes  at  the 
boundary  are  then  moved  to  satisfy  the  decohesion  criterion  (20)  in  each  element  at  the  boundary. 
Since  the  stress  change  at  C  is  nonlinear  with  respect  to  movements  of  the  nodes  of  C  ,  the 
process  is  iterative.  Nodes  are  moved  with  xp  kept  fixed  except  when  y  is  small  close  to  the 
ends  of  the  cut  where  yp  is  kept  fixed. 

The  two  methods  outlined  above  result  in  essentially  identical  shapes  of  the  decohesion 
zone.  Typically,  N  *  4  in  (36)  is  sufficient,  since  results  for  N  *  6  usually  are  indistinguishable. 
In  the  cases  when  the  decohesion  zone  stands  off  the  end  of  the  cut,  the  set  of  functions  (37)  is 
used  in  (36)  for  0  £  x  £  L .  For  x  <  0 ,  C  is  represented  by 

y(x)  =  Cj(x  -  c£xn  (39) 

with  the  ci  chosen  to  ensure  continuity  and  smoothness  of  C  at  x  «  0 .  The  symmetry  condtion 
at  y  »  0  is  then  fulfilled.  The  procedure  employed  first  involved  minimizing  En-  with  respect  to 
the  afs.  Then  the  nodal  points  near  the  end  of  the  cut  are  adjusted  according  to  the  second  method 
in  order  to  lower  the  error  on  this  part  of  the  curve. 
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No  special  treatment  of  the  singular  behavior  at  the  ends  of  the  cuts  was  made,  other  than 
focussing  the  FEM  grid  towards  the  end  of  the  cut  and  comparing  results  for  different  levels  of 
discretization, 


Fig.  I  Sketch  of  the  variation  of  energy  release  rate  $  for  a  plane  strain  interface  crack  spreading 
from  a  cut  in  a  film  with  residual  biaxial  tension  a .  See  Thoulcss,  «?r  at.  (1989)  for  an  accurate 
plot. 


Fig.  2  Dependence  of  the  phase  of  the  stress  intensity  factors,  y  =  tan'^^/Ki)  for  a  steady 

state  plane  strain  interface  crack  as  a  function  of  the  elastic  mismatch  parameter  a  when  P  =  0. 
The  crack  is  driven  by  residual  tensile  stress  in  the  thin  film. 


HO  DECOHESION  LIMITED  OCCOHE3ION  EXTENSIVE  OECOHESION 

a  •  O  I  aC  I  ««CL 

Fig.  3  Three  regimes  of  behavior  for  cut  lest  when  0j  <  0C . 


CUT  DECOHERED  fILM  PROBLEM  (i)  PROBLEM  (II) 


Fig.  4  Plane  stress  model  of  extensive  decohesion  when  a  >  oc .  Problem  (i)  is  state  of  uniform 
biaxial  tension  a .  Problem  (ii)  has  clamped  boundary  C  with  normal  traction  0  applied  to  cut. 


PROBLEM  (il)  SECTION  A -A' 


Fig.  5  Local  tractions  0M  and  0ot  in  film  along  interface  crack  front  for  Problem  (ii). 


Fig.  7  Function  F((i>,X)  associated  with  local  analysis  of  boundary  attached  to  end  of  cut 
Condition  for  determining  co  is  F  =  (oja'p- 
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ovoi*  1.86 


>;  o.e 


ov<rc«  1.29 


cr/crc«  1.58 


Fig.  8  Computed  boundaries  of  decohered  region  for  various  values  of  o/oc  for  X  *  0, 1/2  and 
1  with  v  *  1/3  .  The  case  X  *  0  applies  to  a  criterion  based  on  Kj  «  K*  along  the  boundary 
independent  of  K2  and  K3 ,  while  the  case  X  *  1  applies  to  an  ideally  brittle  interface  where 
3  =  Sg  along  the  boundary. 


Fig.  10  Decohered  regions  from  a  straight  cut  on  a  glass  plate  with  a  film  of  polyimide.  The  plate 
is  the  same  as  that  for  the  circular  cut  in  Fig.  9. 


•0.2  0.0  ■  0.2  0.4  0.6  0.3  1.0 

X/L 


Fig.  1 1  Computed  boundaries  of  decohered  boundaries  for  o/ac  *  1.21  and  v  ■  1/3  for  various 

values  of  Xo  .  The  value  a /<rc  ■  1.21  corresponds  to  the  value  of  the  parameters  for  the 
polyimide  film/glass  plate  system  in  Figs.  9  and  10. 


Fig.  12  Definition  of  Euler  angles  in  (Ki,K2>kK3)-space. 


Ftg.  13  Decohered  regions  from  cut  for  2  relatively  thick  polyimide  film  on  glass  at  three 
temperatures:  T  »  120°C,  S0BC  and  40’C.  Regions  where  the  film  has  rebonded  to  the  substrate 
arc  evident. 


Fig.  14  Decohered  region  for  the  relatively  thick  polyimide  film  on  glass  at  room  temperature. 


Fig.  15  Comparison  of  the  Cao-Evans  (1989)  data  for  an  epoxy/glas 
phenomenological  criterion  (27)  for  two  values  of  Xi . 


Fig.  16  (a)  Finite  element  grid,  (b)  Movement  of  boundary  node. 
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MEASURING  THE  STRENGTH  AND  STIFFNESS  0FTH1N  FILM  MATERIALS 
UY  MEatANICALLY  DEFLECTING  CANTTU-VUR  MICROBEAMS 


T.  P.  WE1HS,  S.  HONO,  ).  C.  DRAVMAN  and  W.  D,  NIX 
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Ahaaa 

Tltc  present  authors  recently  Introduced  the  mechanical  deflection  of  cantilever 
microbe  inu  is  an  experimental  technique  foe  measuring  the  strength  and  stiffness  of  thin 
ftlms.|  1 1  The  technique  udutes  conventional  integratedeireuh  (1C)  fabrication  to  process  the 
samples,  a  Nanolndcntcr  to  deflect  the  cantilever  beams  mechanically,  and  simple  elude  beam 
theory  to  analyse  the  data*  This  paper  will  review  the  technique  and  describe  some  of  iu  current 
applications, 

Ininalurica 

When  measuring  the  mechanical  properties  of  thin  films,  the  presence  of  substrates  below 
the  films  can  affect  the  measurements!?).  Thus,  one  would  prefer  to  test  the  films  free  of  their 
substrates.  However,  if  the  films  are  approximately  1.0  pm  thick  and  free-standing,  they  can  be 
damaged  if  handled  directly.  To  avoid  both  of  these  problems,  and  to  offer  a  measurement  of  the 
strength  and  stiffness  of  thin  films  on  a  local  scale,  the  deflection  of  cantilotr  microbcams  using 
a  Nanoindemcr  was  Introduced  recently ( I ).  This  paper  will  describe  the  three  basic  stage s  of  the 
miaobeam  technique  •  the  fabrication  of  samples,  the  testing  of  samples,  and  the  analysis  of 
data.  In  addition,  some  applications  of  the  technique  will  be  described  and  several  Issues 
regarding  the  deformation  of  the  beams  will  be  discussed. 

Samglc  Fabrication 

A  variety  of  different  materials  can  be  fabricated  into  cantilever  beams  for  testing. 
Interconnect  metals  such  as  gold,  dielectric  materials  like  silicon  dioxide,  and  semiconductors 
such  as  silicon  have  all  been  tested.  For  such  a  diverse  group  of  materials,  different  1C 
processing  methods  are  employed. 

The  first  method  **  called  the  ’lift-ofT  technique  ••  is  typically  used  in  the  processing  of 
metal  beams.  U  is  termed  Tift-off  because  photoresist  is  peeled  away  or  ’lifted  ofr  the  silicon 
substrate  In  order  to  pattern  the  metal  film.  The  initial  step  In  the  technique  is  the  deposition  and 
patterning  of  photoresist.  A  positive  resist  is  spun  onto  1  lightly-doped  p-type  (100)  silicon 
wafer  and  patterned  using  typical  exposures  to  UV  light  and  chemicals.  The  processing  leaves 
photoresist  only  In  sections  where  the  meal  film  is  net desired.  In  the  next  step,  metal  is 
deposited  over  the  complete  top  side  of  the  wafer  using  c-bcam  evaporation  or  sputtering 
technique*.  After  the  deposition,  warm  Ketone  dissolves  the  photoresist  that  Is  covered  by  the 
metal  film  and  thereby  Hits  off  the  unwanted  sections  of  the  film.  The  cantilever  beams  then 
appear  as  thin  lines  on  the  silicon.  To  form  the  bottom  side  of  the  cantilever  beams,  a  heated 
solution  of  EDP  (66  wl%  ethylendlamine,  23  wt.%  HjO,  1 1  wi.%  pyrocatcchol)  anlsocropically 
etches  away  the  silicon  from  below  the  metal  lines.  The  final  sample  will  appear  as  shown  In 
Figure  1:  cantilever  beams  extending  over  an  open  silicon  etch  pit  that  is  bounded  by  4  (111) 
side  walls  and  a  (100)  bottom  suffice. 


The  second  fabrication  method,  used  for  fabricating  dielectric  samples,  Is  more  common 
In  IC  processing.  Silicon  dioxide  films  are  grown  (wet-thermal  oxide)  or  deposited  (low* 


etches  away  the  SI  from  beneath  the  patterned  oxide  films,  thereby  forming  cantilever  beams  of 

S102, 


IM. *♦«.  Ik  ^k iH.  I H. MHI  «•*,«♦»!  ftmmft 


M 


TV  third  and  Hail  processing  technique  is  used  to  fabricate  silicon  bams.  It  ii 
signi/la'  Jy  different  thin  the  test  tw^  In  th«  we  etch  the  silicon  wafer  from  lu  t*ck  side  to 
form  th  /  cantilever  bams  and  not  from  iu  front  of  top  side.  To  begin  the  processing,  silicon 
nltriri  ,  is  deposited  on  both  sides  of  the  wafer,  3,0  mm  squires  art  then  patterned  In  the  nitride 
on  the  back  side  of  the  wafer  using  photoresist  and  dry  etching.  After  the  photoresist  ll 
removed,  liquid  KOI !  anisooopkaUy  etches  the  silicon  wafer  until  the  squirt  patterns  cxrend  up 
through  most  of  the  wafer*  8y  carefully  monitoring  the  depth  of  the  square  etch  pit,  the  etching 
can  be  stopped  so  that  only  a  thin  film  remains  at  the  top  of  the  wafer.  In  the  final  set  of  steps, 
these  thin  illmi  of  Silicon  arc  patterned  into  cantilever  beams.  Tint,  the  top  of  the  wafer  t$ 
patterned  wiih  a  hardened  photoresist  Then,  sections  of  the  nitride  film  are  dry  etched  where 
silicon  is  to  be  removed.  Once  the  silicon  is  etched  to  form  the  beams,  the  remaining  nitride  and 
photoresist  layers  are  removed  as  well. 


Figure  I:  Au  Onukver  Merebomi  over  a  Si  Etch  N 


Mgbaitial  Taring 

The  elastic  and  plasdc  properties  of  the  various  materials  comprising  the  thin  cantilever 
beams  are  measured  using  a  Nanoindenter.  The  instrument  mechanically  deflects  the  beams  at  a 
constant  velocity  while  continuously  recording  the  applied  load  and  the  measured  deflection.  The 
rates  of  loading  and  unloading  are  controlled  so  that  the  beams  bend  and  recover  at  a  constant 
vekstir,  between  ^  and  6  nnVs.  During  loading,  when  a  predetermined  deflection  is  reached,  the 
a; rptied  fvrec  is  held  constant  for  10  s  before  It  Is  removed.  The  resolutions  of  load  and 
displacewm  measurements  are  0,15  pN  and  0.3  nm,  respectively. 

To  analyze  the  load  and  deflection  data  recorded  for  a  given  test,  the  physical  dimensions  of 
the  beam  must  be  known.  The  width  and  thickness  of  a  beam  are  typically  measured  using 
scanning  electron  microscopy  and  optical  microscopy.  However,  to  calculate  mechanical 
properties  we  do  not  measure  the  actual  length  of  the  beam.  Instead,  we  measure  the  distance 
between  the  fixed  end  of  the  beam  and  the  point  ofloading  which  we  call  the  effective  length.  In 
Figure  2  the  distance  between  point  B  and  C  marks  this  dimension.  For  a  typical  test,  it  is 
measured  using  the  X  and  Y  stepper  motors  on  the  Nanoindenter  which  have  a  0.5  nm  lateral 
resolution.  These  motors  control  the  movement  of  the  sample  and  they  prerecord  positions  A,  B, 
and  C  Of  course,  it  would  be  more  accurate  to  measure  the  effective  length  directly  by  looking 
for  an  indentation  on  the  beam  at  the  point  of  contact.  However,  the  forces  applied  to  the  beams 
are  typically  too  small  to  form  a  visible  indentation  on  the  top  of  the  beam.  As  an  alternative,  we 
check  the  position  of  contact  on  the  beam  indirectly  by  observing  the  position  of  the  Indentation  at 
point  A.  If  the  indentation  is  not  at  its  prerecorded  position,  then  changes  in  the  point  of  loading 
on  the  beam  can  be  inferred. 

Figure  2  also  shows  a  schematic  of  the  main  electro-mechanical  components  of  the 
Nanoindenter.  A  brief  description  of  these  components  is  given  here  to  clarify  the  test  technique 
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and  the  prescntarion  of  data.  In  simplest  terms,  the  Nanttodemtf  is  e  constanoload  machine 
loads  am  rpplkd  and  displacements  arc  measured.  Wo  tin  see  fitMt  Figure  2  that  load  Is  applied 
to  the  shaft  of  the  indenter  by  changing  the  DO  current  running  fttttreh  the  coll  Changes  in  the 
current  alter  the  magnetic  field  errunaong  from  the  coil,  ar»e  thereby  Increase  or  decrease  it* 
attraction  to  the  permanent  magnet  Note  that  as  the  tadehltr  shaft  txravcs  up  oc  down,  the 
applied  load  must  offset  the  resistance  of  the  suspending  spring  as  w<*J  as  the  resistance  of  the 
team  being  bent  Thus,  once  the  indenter  tip  eomxis  a  bc*m  and  begins  to  bend  It,  the  applied 
load  is  working  to  deflect  fwo  springs  In  parallel  the  suspending  spring  and  the  cantilever  bam 
A  find  point  to  nodcc  rtginitag  the  clectro-mcc^anlcal  worxtags  of  the  Nanotadentcr  Is  the  effect 
of  the  relative  magnitude  of  these  two  springs.  If  a  beam  is  very  compliant  because  it  is  thin  or 
long,  then  its  spring  ctumani  may  be  too  small,  relative  to  the  spring  constant  of  the  suspending 
spring,  to  be  measured  accurately. 

By  crwtinoously  recording  the  load  applied  to  the  shaft  of  the  indenter  and  the  resulting 
deflection  of  the  shaft,  the  initial  ccouci  between  the  diamond  dp  and  the  ea  ‘ever  beam  car,  be 
detected.  In  Figure  3  the  total  applied  load  Is  plotted  versus  tha  lota!  dp  deration  for  two 
different  tests  Of  a  silicon  beam.  In  the  initial  pans  of  both  curves,  the  slope  or  spring  constants 
are  equivalent,  since  no  beam  has  yet  been  contacted.  The  applied  load  Is  deficcung  only  the 
suspending  spring.  At  a  total  dcfiecdon  of  approximately  2,0  pm,  the  slopes  of  the  two  curves 
change  auuptly  because  the  indenter  contacts  the  beams.  The  plot  of  data  following  the  contact 
total  then  describes  the  total  applied  load  and  the  total  dcfiecdon  of  the  Indenter  dp.  To  know  the 
load  on  the  beam,  the  force  earned  by  the  suspending  spring  must  be  subtracted,  and  to  know  the 
dcfiecdon  of  the  beam,  we  must  subtract  the  depth  to  which  the  diamond  tip  indents  the  top  of  the 
beam. 


The  total  load  applied  by  the  instrument  deflects  both  the  suspending  spring  and  the 
beam.  To  subtract  the  load  on  the  suspending  spring  from  the  total  load  we  slnpW  measure  the 
spring  constant  and  include  it  ta  the  analysis.  To  determine  the  net  deflection  or  the  beam, 
though,  more  wtsrfc  is  required.  For  the  softer,  metallic  beams,  measurable  Indentations  can  Term 
on  the  top  of  the  cantilever  beams  as  the  forces  are  applied.  These  indentations  are  often  too 
small  to  see,  but  they  can  be  detected  given  the  displacement  resolution  of  the  Nanoind  enter.  For 


the  hanicr,  dielectric  materials,  the  Indentations  art  typically  very  smatl  and  appear  to  be 
complexly  elastic.  This is  suggested  by  dau  presented  cariier(l  J  i\ at  show*  complete  recovery 
on  unloading.  However,  whether  the  Indentations  are  small  or  large,  plastic  or  elastic,  their 
depth  should  be  subtracted  from  the  total  deflection  data  to  analyze  the  deformation  of  the  beams. 

To  subtract  the  depth  of  indentation  from  the  total  deflection  datx  an  empirical  equation 
relating  the  depth  of  indentation  to  the  applied  load  is  determined  for  each  new  beam  material 
An  array  of  small  Indentations  Is  made  in  sections  of  the  material  that  arc  supported  by  the  silicon 
substrate.  The  Indentations  vary  in  depth  from  20  nm  to  500  rmu  To  determine  the  empirical 
equations,  curves  are  fit  to  the  average  values  for  indentations  of  similar  depths. 

Another  deflection  which  must  be  considered  is  that  of  the  candlcvtr  beams  bending 
across  their  width.  Since  the  beams  art  loaded  at  a  point  along  their  centerline,  and  since  the 
beams  art  typically  very  wide  compared  to  their  thicknesses,  the  centers  of  the  beams  will  tend 
to  bow  downward  relative  to  the  edges  of  the  beams.  The  authors  have  shown  that  for  an 
effective  length  to  width  ratio  of  LO,  the  additional  deflection  of  the  diamond  tip  due  to  curvature 
jcrois  the  widths  of  the  beams  can  be  2.0  of  a  beam's  net  deflection  |l),  However,  as  the 

length  or  thickness  of  a  beam  increases  compared  to  its  width,  this  deviation  decreases 
significantly.  To  Improve  the  accuracy  of  the  measure  menu,  this  displacement  Is  considered  in 
all  analyses. 

Once  the  net  deflections  and  loads  for  the  bending  of  a  beam  arc  known,  simple  clastic 
beam  theory  for  plane  strain  is  applied  to  calculate  clastic  and  plastic  properties,  Elastic  theory 
says  that  the  applhri  load,  P,  lhould  be  linearly  related  to  deflection,  w,  and  that  the  slope  of  this 
relationship  is  determined  by  the  Young's  Modulus,  0,  of  the  beam  material  and  the  gcoroetty  of 
the  beam. 
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In  the  above  equation  c  is  the  effective  length,  b  is  the  width,  t  is  the  thickness,  and  v  Is  the 
Poisson’s  ratio  for  the  material.  The  two  different  deflections  of  a  Si  beam  which  arc  plotted  in 
Figure  3  support  equation  I.  The  Young's  Modulus  of  the  SI  can  be  determined  from  the  slopes 
of  the  two  curves  and  their  respective  geometries.  Note  that  the  beam  test  with  the  longer 
effecavc  length  has  the  lower  slope,  as  expected  from  equation  1.  Furthermore,  note  that  the 
linear  nature  of  the  curves  in  Figure  3  suggest  that  the  two  deflections  are  purely  elastic. 

In  order  to  measure  plastic  properties  such  as  yield  strength,  fracture  strength,  or  strain 
hardening,  beams  can  be  deflected  beyond  their  clastic  limit.  The  onset  of  yielding  or  fracture  is 
easily  detected  through  a  deviation  from  linearity  in  the  load*dcflcction  curves.  The  yield 
Cy,  is  given  by  the  following  equation 


stress, 


6c?  t 

bi1 


(2) 


where  Py  marks  the  load  corresponding  to  the  loss  cf  linearity  and  the  onset  of  plastic 
deformation.  Note  that  equation  2  assumes  the  existence  of  plane  stress  rather  than  plane  strain. 
This  assumption  is  made  for  two  reasons.  The  first  is  that  the  plane  strain  conditions  assumed  in 
the  clastic  analysis  for  equation  l  are  relaxed  at  the  edges  of  a  beam.  The  second  is  that  because 
of  this  relaxation,  yielding  should  start  at  the  edges  of  the  beam  where  the  effective  stresscs(3) 
are  highest  and  then  move  Inwards  toward  the  center  of  the  beam. 


Ouomia* 

To  date,  various  metal  beams  have  yielded  and  shown  strain  hardening  (Figure  •!). 
However,  tX  beam  has  fractured  at  its  fixed  end  even  though  strains  in  excess  of  0.01  hiv*  been 
applied  to  silicon  dioxide  and  silicon  beams  (Figure  5),  The  absence  of  such  fracturing  has  been 
attributed  to  the  uniformity  of  the  materiil.  Large  planer  defects,  such  as  cracks,  appear  to  be 
absent  The  nonlincarities  of  the  curves  in  Figure  J  do  not  mark  yield  or  fracture.  Instead  they 
are  attributed  to  the  indenter  tip  sliding  out  along  the  hard  oxide  beam  as  it  is  bent  Such  sliding 
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tocrtojc*  the  effective  length  of  the  bum  and  thereby  decreases  the  toul  span  g  comum  foe  the 
tut  Consequently,  the  slopes  of  the  c une*  decrease,  The  deformation  ft  thought  to  be  clank 
jlflCe  the  unloading  ewe  retraces  the  loading  cunt 

When  yielding  does  occur  in  a  cantilever  beam.  the  prtscnct  of  surface  laytri  such  at 
oiioct  must  be  considered,  At  a  cantilever  beam  it  bent  beyond  iu  clastic  limit,  the  material  at 
the  fixed  end  of  the  beam  wtiJ  be  the  fim  W  deform  plastically.  The  deformation  will  stars  at  the 
top  and  the  bottom  turf  acts  of  the  beam,  and  at  iu  edge*,  and  then  it  will  spread  inwards,  if  the 
beam  it  completely  homogeneous,  the  ontet  of  plastic  deformation  at  the  surfaces  of  the  beam 
will  match  the  strength  of  the  material  within  the  beam.  I  towcYcr,  If  a  surface  layer  such  at  xi 
oaicc  it  pretent,  then  tlx  Initial  yielding  may  be  delated  and  the  measured  yield  strength  may  not 
accurately  desenbe  the  beam  material,  Ihls  concern  hat  been  raised  at  we  test  nxul  bcamt  such 
aa  Cu  and  At  which  readily  form  oxide  layers  when  exposed  to  air  at  room  temperature. 


OomDc fatten  tH«0 


Rfwi4*  L*r$«  Deflection  of  a  Au  Rpirti;  tkn«ueflOf*5»2  I  urn 

To  estimate  the  degree  of  t train  HanJcnlng  that  occurs  In  a  nxul  beam  as  it  is  bent,  wx 
compare  experimental  dau  with  theoretical  curvet.  In  Figure  4  the  strain  hardening  of  a  Au  beam 
Is  plotted  with  theoretical  dau  foe  an  elastic-plaxric  rrutcnal  (l.c.  no  twin  hardening)  and  a 
material  that  strain  hardens  parabolical!/  (1 J,  Since  the  experimental  curve  foe  Au  lies  elotett  to 
the  curve  for  the  cla;iti;*pUstic  material.  we  assume  dut  the  thin  film  does  not  strain  hanlcn 
significantly  during  bending.  The  simple  explanation  for  this  It  the  large  ratio  of  surface  area  to 
volume  for  the  Au  material.  With  the  large  area  of  free  surface,  dislocations  can  leave  the  beam 
and  avoid  strain  hardening  Interactions,  For  a  typical  bulk  sample  that  hat  a  lower  ratio  of 
surface  area  to  volume,  dislocations  cannot  leave  the  material  at  easily.  Thus,  the  dislocations 
Interact  more  than  In  the  Au  beam,  and  strain  hardening  Is  higher. 

For  comparison  of  measurement  techniques,  the  hardness  and  Young's  Modulus  of  the 
films  that  form  ih:  beams  were  measured  using  a  Berkovich  Indenter,  the  Nanoindent er,  and  the 
Indentation  analysis  of  Doemcr  and  Nix(2),  Arrays  of  bdenudons  were  made  In  sections  of  the 
,  TMy11  w  by  the  silicon  substrates.  Properties  measured  by  both  the  microbe lm 

deflection  technique  and  the  nanolndcnution  technique  are  presented  In  Table  I,  The  values  of 
Young's  Mcdulus  measured  by  the  two  methods  foe  amorphous  and  non  textured  colycry  stall!  ne 
matcnals  (SiOj  and  Au)  should  be  directly  companble.  However,  In  the  Initial  experiments 
reported  here,  there  was  on?  y  limited  agreement.  The  moduli  measured  by  Indcmaoon  for  the 
oxide  Alms  art  higher  than  those  measured  by  microbeam  deflection  and  they  are  higher  than 
literature  values  reported  earlier!  I  ].  Some  of  this  disparity  can  be  attributed  to  a  densification  of 
the  pxWc  films  that  appears  to  have  occurred  upon  Indentation!  I  ],  In  terms  of  the  Au  films, 
preliminary  X*ray  studies  show  little  texturing  in  the  Au  and  therefore  suggest  that  the  two 
measurement  techniques  should  yield  similar  values  for  Young’s  Modulus.  However,  the 
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indentsgort  value*  are  again  higher.  A  poittbk  cauk  of  this  difference  and  the  difference  in  the 
Ovkk  measurement*  is  the  effect  of  the  large  pressure  coder  the  indentcr  dp(l.2|,Thc  only 
iw« £  agreement  between  the  measurements  of  the  two  techniques  U  shown  foe  the  plastic 
properties  of  the  Au  film*,  With  An  appropriate  conversion  ten  yield  itntnph  to  hardness, 

1 1  «  3,2*0.,  (7),  the  1*0  different  mature*  of  the  rti*suncc  to  plaxic  deformation  compare 
vtiy  favorably. 


When  stngk  cry*ul  fdm*  such  At  silken  vc  tested.  the  mkrobcam  technique  roeasunc* 
Young*  Medulu*  foe  a  parekyUr  dutcaon  in  a  rurdeuhr  plane.  while  the  tndenuoon  technique 
measures  an  average  Young  *  MedutuM^)  Thux  the  two  technique*  can  not  be  compand 
directly  flux  the  Youn g i  Modulus  of  163  wFa  measured  for  $i  on  a  UQO)  plane  and  in  a 
l  i  10)  direcdon  h  very  ttmilar  to  the  emulated  valve  of  169  CPa($). 
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•All  data  in  CP* 

l Corrected  from  initial  reported  valvcj  1 1  in  which  an  effective  itmt  was  mistakenly  luted. 
•An  avenge  value  of  v  (0,20)  was  used  for  the  indentation  analyst. 
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The  deflection  cf  cxnnkver  mscrobcams  ha*  teen  described  ai  xn  alternative  technique  for 
measuring  mcchankal  properdes  of  thin  film  material  The  various  step*  involved  in  sample 
fabrication,  team  deflection.  xnd  daa  analysts  have  teen  reviewed  and  some  current  application* 
of  the  technique  have  been  discussed. 
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ABSTRACT 

A  methcd  for  determining  mechanical  parameter*  and  residual  stresses  for  thin  films  t* 
described.  Multilayer  eamtlcver  beams  iLFCVD  SiS\Ahcrmol  SiOM  are  fabricated  utilising 
ttandani  JC  prttcuing  technologies  and  micremachimng  of  ulicsa,  Toe  elastic  response  of  the 
beam*  to  imposed  deflections  is  then  measured  using  a  Nanotndcnter.  a  sub-mreron  harinevt 
resting  machine,  The  cUitlc  constant*  of  the  nitride  films  ore  calculated  from  the  force  n 
deflection  slope  and  known  elastic  constants  of  the  thermal  $\Q*  and  silicon-  By  measuring  the 
curvature  of  the  mulrMayer  cantilever  beams  with  a  scanning  clecwn  mkroscope  after  successive 
etching  of  the  ITCVO  nitride  films,  average  and  differential  actives  in  the  Aims  were  calculated. 


INTRODUCTION 

LPCVD  (low  pressure  chemical  vapor  deposition)  SIN.  Elms  arc  widely  used  in  stliam 
semiconductor  devices  as  a  diffusion  barrier  and  as  passivation  layers  The  structure  of  thin 
LPCVO  SIN*  over  thermally  grown  SiOv  is  particularly  important  in  the  fabrication  of  mott  MOS 
devices,  since  this  Structure  ts  essential  foe  the  LOCOS  pmceis.  The  residual  stress  in  the  nitride 
film  is  one  of  the  main  factors  responsible  for  the  generation  of  point  and  line  defects  in  the  silicon 
substrate  durinj/afrer  the  bird’s  beak  formation.  The  ratio  of  the  thicknesses  in  the  nitride  and 
oxide  layers  ts  critical  to  the  defect  formation  |l).  To  gain  a  better  undemanding  of  the 
mechanism  of  defect  gener idon,  the  stress  suit  and  elastic  constant  of  the  thin  nlmde  fikws  should 
be  known. 

In  this  paper,  a  new  test  method  which  can  determine  both  ihe.claitfc  constants  and  residual 
loesses  of  vc«r  thin  films  will  be  described.  The  technique  is  an  extension  of  the  singledaytr 
cantilever  bending  technique  (2),  and  makes  use  of  multMayer  cantilever  beam  structures.  Thin 
films  for  whkh  clastic  constants  are  to  be  determined  (LPCVD  SlN*  in  this  paper)  are  deposited  on 
well  characterised  films,  which  can  sustain  large  clastic  deformations.  Thermal  $K>2  ideal  for  this 
application  l3|,Thc  elastic  parameters  of  the  top  layer  can  be  evaluated  without  the  yielding  of  the 
bottom  reference  film  ,  Furthermore,  the  bottom  layers  can  withstand  the  large  stresses  that 
dcvclopln  the  beams  due  >o  significant  growth  or  thermal  mismatches  between  the  top  and  bottom 
films.  This  allows  the  residual  stresses  to  be  calculated  with  a  simple  clastic  model. 

After  the  fabrication  of  double-layer  cantilever  beams,  the  clastic  constants  of  the  nitride 
Elms  are  calculated  from  the  forec-defieeson  slope  and  known  clastic  constant  of  the  thermal  SiO> 
The  curvature  of  this  double-Dyer  beam  provides  information  on  the  residual  stresses  in  the  films. 
This  test  method  is  useful  for  measuring  films  that  are  either  too  thin  (less  than  0.5  Urn  thick)  to 
test  as  single  layer  beams  or  for  films  that  are  easily  attacked  by  the  silicon  etchant  and  therefore 
cannot  be  fabricated  into  single- layer  beams. 


SAMPLE  PREPARATION  PROCEDURES 

A  layer  of  wet-thermal  SiOi  was  grown  on  a  lightly  doped  P*typc  ( 100)5!  wafer  at  1 100’C 
for  about  5  hours.  The  thickness  of  the  SiO*  layer  was  measured  at  1.465  |tm  using  an 
cllipsomctcr.  Two  types  of  LPCVD  nitrides,  with  different  redos  of  rtacum  gas  flow  rates,  were 
deposited  on  the  SIO^  kytr  by  the  chemical  reaction  of  SiCbHv  and  Nlh  at  7$5*G  The  chamber 
pressure  was  360  mtorr.  There  were  no  anneals  after  the  depositions.  In  this  piper,  the  nitride 
deposited  with  a  gas  flow  ratio  between  SlCl^Hi  and  Nlh  of  1:3.  will  be  refered  to  as  a  'standard 
nitride1;  whereas  the  nitride  deposited  with  the  ratio  of  6:1  will  be  refered  to  as  a  Tow  stress 
nitride,*  The  thicknesses  of  the  standard  and  low  stress  nitride  were  2)40  i  15  A  and  2870  ±  15 
A.  respectively.  The  thickness  measurements  were  made  with  both  a  surface  profiler,  which 
directly  measures  the  step  height  of  the  nitrides  on  the  oxides,  and  an  ellipsometer,  which  measures 
the  reference  samples  of  nitrides  on  bare  silicon  wafers. 


FJfjre  »:LPCVD  SIN,  12100  AvSiOj 
(1.465  urn)  beams. 


Figure  1;  Dots- sectional  view  of  LPCVD  $LNX 
(1100  AVSiO i  (1,465  nm)  beams. 


The  SiNx  layer  wu  patterned  by  standard  photolithography  processes  and  a  dry  dchlng 
moccu  in  a  gat  mixture  of  SF**nd  CFjBr.  The  underlying  SiO i  layer  was  wei  tiched  In  1 
buffered  hydrofluoric  add  (BHF)  solution.  Finally,  the  exposed  silicon  wu  etched  In  m  EDP 
solution  (66  w/o  cthylenediamine,  13  wA)  Dl  water,  1 1  wA>  pvTOcaiechoI)  M  U5#C  for  60  minutes, 
and  then  rinsed  and  dried.  In  this  solution,  the  tsh  rates  of  therml  SI02-  standard  SINX,  and  tow 
stress  SIN,  arc  cxtrcmely  low  (-  00  Aftvr,  -35  Arhr  and  -45  A/hr*  respectively)  compared  to  the 
etch  rate  o«  the  Si  -60^mvhr. 

For  the  determination  of  average  residual  stress  in  the  nitride,  various  thicknesses  of  the 
nitride  films  were  produced  using  the  dry  etching  process  before  the  etching  processes  described 
above  were  Initiated.  The  curvatures  of  the  double-layer  beams  with  different  nitride  thickness 
were  measured  in  SEM  photographs. 

Figure  1  and  Figure  2  arc  SEM  photographs  of  multi-layer  (standard  $iNx/Sl(>2)  cantilever 
beams  which  were  fabricated  using  these  procedures.  All  of  these  beams  curve  upwards  due  to 
initial  compression  in  SIO2  layer  and  tension  in  SiNx  layer.  As  seen  in  these  figure*,  the 
curvatures  are  smooth  and  circular  Li  shape. 


DETERMINATION  OF  ELASTIC  CONSTANTS  FOR  VERY  THIN  FILMS 


From  the  astumprioo  that  bending  strain  due  to  a  curvature  is  continuous  throughout  the  beam 
thickness,  force  and  moment  can  be  written  in  a  general  expressions  as  follows: 

r  -  fast  >  cj&£  *  kJcuz  (0 
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where  O  ts  the  normal  stress,  C$  is  the  axial 
strain,  Z  is  the  distance  in  a  vertical  direction 
from  the  neutral  axis,  and  K  is  the  curvature 
generated  when  a  beam  Is  deflected.  The 
position  of  the  neutral  axis  from  the  middle  of 
double  layer  beam.  (see  Figure  3)  can  be 
determined  by  xning  the  coupling  terms  (lEZcZ) 
torero.  Thus 


Figure  3:  Schematic  diagram  of  double* 
layer  beam  cross-section 


1 


N 


'0  " 


(3) 


Once  the  position  of  the  neutral  axi  j  it  known,  the  effective  stiffness  of  0  doublclayer  beam 
per  unit  width,  ( £/  derive  *  can  be  cakuiited  from  tq.  (2) as  follows: 

-  T  *{*“»•}*  (4> 
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Equations  (3)  and  (3)  sujgcst  that  «*o  and  (£/  >^)7Vjcrfv^  funciiom  of  the  elastic 
constants  and  the  thicknesses  of  a  multMayer  beam,  <4.  £/,  £2,  //,  f; . 
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After  the  samples  were  prepared  In  double-layer  cantilever  structures,  bending  tests  were 
performed  as  described  elsewWt|2J.  Figure  4  shows  data  for  the  bending  test  of  a  double-layer 
cantilever  beam  which  consists  of  standard  5iNx  (2100  A)  and  thermal  S1O2  (i  Ml  urn)  layers. 
The  width  and  effective  length  of  the  beam  were  22.3  pm  and  33.1  pm,  respectively.  The 
Young**  modulus  of  thermal  SiOj,  which  is  the  bottom  liyer  in  this  sample,  was  measured  earlier 
to  be  -  65  CPa  (2),  The  slope  of  the  initial  straight  line  in  Figure  4  represents  the  spring  constant 
of  the  Nanoindentcr.  When  the  tip  of  the  Indenter  hits  the  beam  and  starts  to  deflect  It  the  slope 
changes  abruptly.  The  slope  in  the  second  linear  section  represents  the  sum  of  the  swing  constants 
of  the  machine  and  the  beam.  From  this  slope,  it  Is  possible  so  extract  the  actual  effective  stiffness 
of  the  beam.  This  measured  value  of  (£/  will  be  used  to  determine  the  clastic  constant  of 

the  second  layer  material,  which  is  sundaro  oiN/tn  this  example. 

Since  we  know  all  of  the  physical  dimensions  of  the  double-layer  beam  and  the  Young’s 
modulus  of  the  bottom  layer,  the  position  of  the  neutral  axis  can  be  determined  using  eq,  (3).  if  any 
arbitrary  number  Is  given  for  the  Young*s  modulus  of  the  second  layer.  The  calculated  poshlon  of 
the  neutral  1 r  in  turn,  determines  the  effective:  stiffness  of  the  beam.  Therefore,  a  set  of  values 
for  (£/  )ttftctb€  ft*  the  beam  can  be  calculated  by  varying  the  ratio  of  the  elastic  moduli  of  the 
first  and  second  layers,  £*>/£),  Finally,  the  Young's  modulus  of  the  second  layer  is  determined 
by  comparing  the  measured  stiffness  with  these  calculated  values:  the  correct  ratio  of  EyE)  makes 
the  difference  between  the  two  stiffnesses  vanish.  As  an  example  In  Figure  5,  the  difference 
between  the  two  stiffnesses  for  the  same  beam  was  plotted  with  the  ratio.  £y£i ,  varying  from  l  to 
6.  The  difference  goes  to  aero  when  the  ratio  is  -4.2,  Thus,  the  Young's  modulus  of  the  standard 


Figure  4;  Deflection  of  a  LPCVD  SiN^/SiOj 
beam. 
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Figure  5:  Plot  of  difference  In  measured  and 
calculated  stiffnesses  with  E2/E1. 
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nitride  it  -  275  GPa,  which  U  -<.2  times  greater  than  that  of  thermal  SIO?*  Following  the  same 
test  procedures  and  analysis,  the  Young's  modulus  of  the  low  strest  LPCVD  nitrides  was 
determined  to  be  -  215  GPa. 

Urge  deHcctlocs  of  the  $lN\/$iC>2  beams,  to  about  1/4  of  their  lengths,  were  alto  made. 
The  normal  strtis  at  the  surface  section  due  to  this  large  deflection  is  approximately  5  GPa  (-  l  $ 
elastic  strains  The  toul  normal  stress,  includinc  the  residual  stress  to  be  discussed  In  next  section, 
could  be  as  high  as  -  4  GPa  for  the  standard  LPCVD  nitride  However,  we  did  not  observe  any 
fracture  of  the  nitrides.  Thti  surest*  that  the  films,  up  to  the  thicknesses  we  studied,  have  a  very 
small  avenge  Haw  size. 


DETERMINATION  OF  RESIDUAL  STRESSES  FOR  VERY  THIN  FILMS 

1 .  Mrthinici  fee  Residual  Sian  CulcuUscn  item  A  Cun4 am 

In  order  to  calculate  the  avenge  residual  stress  in  thin  films  from  the  curvature  of  a  multi-layer 
beam,  we  have  adopted  the  elastic  model  proposed  by  P.  I L  Townsend  er  of.  (4),  In  their  model* 
the  curvature,  A',  and  the  normal  stresses  In  each  film,  o/,  are  equated  in  terms  of  physical 
dimension,  rj,  materisl  constants,  £/,  and  hypothetical  relaxed  linear  dimensions,  d/  ,  If  we 
modify  this  model  for  2-dimensional  eases  with  the  coordinates  used  in  Figure  3,  the  curvature  and 
the  normal  stress  can  be  rcwmten  as  follows: 
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where  t  is  tool  thickness,  and  the  coefficients  and  arc  defined  as: 
tnd 


P ij  —I  (if o/x  0 (if l  m j ),  +i  (iff  <;). 


(8) 

(9) 


Since  we  know  all  of  the  parameters  (£/ ,  // ),  it  is  possible  to  calculate  stresses  in  each  film  by 
measuring  the  ratio  of  the  linear  dimensions  from  curvatures.  For  the  3-layer  case,  as  in  the 
SiNx/SlC>2/Sl  system  discussed  in  next  section,  It  Is  sufficient  to  measure  two  ratios,  (dj/d;)  and 
(dj/d;),  for  the  stress  calculation. 


2,  Calculation, Results  and  Bisflission 

Using  the  elastic  model  discussed  above,  the  residual  stresses  in  LPCVD  nitrides,  deposited 
on  thermally  oxldired  silicon  substrate,  were  calculated  for  various  nitride  film  thicknesses. 

In  order  to  determine  (dj/mfdjf)  and  the  average  stress  in  the  SiCb.  a  laser  scanning  technique 
was  used.  The  stress  was  determined  to  be  -  -280  MPa.  We  know  that  the  stress  is  uniformly 
distributed  throughout  the  film  thickness  since  single-layer  Si02  beams  with  various  thicknesses 
show  no  curvature.  For  the  determination  of  (dy/Vr/d^/Q?),  the  curvatures  of  SiNjr/SiCb  beams 
were  measured  from  SEM  photos.  We  have  used  f80.5  GPa  for  (E/(l-v))si  (5),  0.16  (6)  and  0.2 


IT 


foe  the  Poisson**  ratios  of  SiOj  and  SiNx, 
throughout  ihc  olcuUrioni. 

ww  ndil  of  SiN./SK);  beams  *«  ploced  in 
Figure  6  for  various  Him  thicknesses.  Thlt  plot 
shows  that  the  radius  of  the  standard  $INX  /StOj 
beam  is  smaller  than  the  one  of  tow  stress 
StNx/SiO;  beam  at  the  same  thickness. 

Therefore,  the  residual  stress  In  the  standard 
nitride  Is  higher,  sec  Figures  7  and  I.  For 
relatively  thick  films  (>1200  A),  the  avenge 
stresses  In  the  standard  and  low  stress  nitrides 
art -MS  GPa  and  -440  MPa,  respectively.  The 
difference  In  residual  stress  can  be  captained  at 
least  partially  by  the  difference  in  silicon  contents 
in  nitrides.  The  refractive  index,  Nr,  of  the 
Standard  nitride  (3140  A)  was  measured  at  100, 
which  Is  an  accepted  value  for  stoichiometric 
SI3N4  (7),  On  the  other  hand.  Nr  of  the  low 
-125,  for  various  SIN*  thicknesses. 

Even  though  this  technique  does  not  directly  quantify  the  comporition,  it  indicates  that  the 
silicon  content  in  low  stress  nitride  is  higher  than  in  stOiJiiometnc  films.  Many  repots  in  the 
literature  have  shown  that  the  tacess  silicon  relieves  tension  in  rtbidc  films  (for  example.  Sec  8K 
We  have  also  found  that  the  refractive  index  was  not  a  constant  with  the  film  thickness  in  both 
nitrides,  This  suggests  that  these  films  art  not  complexly  homogenious, 

Flgurts  7  and  I  show  the  average  stresses,  0^*,  and  the  differential  stresses,  Orf,  for  both 
nitrides  at  room  icmperuuft.  The  differential  stress  between  two  film  thicknesses,  Tn<)  and  rfl, 
was  defined  as  follow: 


Figure  6:  Plot  of  radius  of  5iN*f$i02  b«*m$ 
stress  nitride  (2470  A)  was  measured  to  be 


Tn  -  < 


'*-1 


(10) 


As  seen  In  these  figures,  the  average  stresses  in  both  nitrides  increase  with  thickness  when  the 
films  are  very  thin,  and  that  they  approach  constant  values  (-1,15  CPi  and  -J40  MPa)  after 
cenain  thicknesses.  The  main  source  of  error  source  in  these  calculations  u  the  uncertainty  in  film 
thickness  We  assumed  that  the  nonuniformity  in  film  thickness,  after  all  etching  processes,  is  s 
50A.  This  was  accounted  for  by  the  error  ban  at  each  diu  point.  Since  the  portion  of  the  error 
range  with  respect  to  the  total  thickness  increases  as  the  film  gets  thinner,  the  magnitude  of  the 
error  bar  also  increases  accordingly.  However,  the  general  trend  can  still  be  dearly  seen.  The 
accuracy  of  this  technique  largely  depends  on  two  maw  factors:  the  thickness  measurement  of  top 
film,  and  the  initial  thickness  of  the  bottom  layer.  If  we  use  a  thin  bottom  layer  and  accurately 
measure  the  top  layer  thickness,  it  is  possible  to  detect  very  small  residual  stresses. 


Figure  7:  Average  and  differential  stresses  in  Figure  8:  Avenge  and  differential  stresses  in 
standard  nitride  film,  low  stress  nitride  film. 


For  very  thin  HI  mi*  the  relatively  large  atWtflpw 
change  of  the  average  stress  Indicates  the 
variation  of  the  dlffcrcniUl  stress.  The 
different  stress  increases  gradually  with  a  small 
slope  for  the  regions  where  the  avenge  sireu 
suns  to  approach  a  constant  value.  The  trend  of 
the  actual  stress  states  was  verified  by  removing 
the  bottom  otkk  layer  with  OlfF  solution,  thus 
making  a  single-layer  nitride  beam.  Figure  9 
shows  the  cross  sectional  view  cf  the  nitride 
beams.  The  curvature  of  the  nitride  beams  is 
caused  by  the  non-uniform  distribution  of  the 
actual  stress  In  the  film,  and  also  indicates  elcarly 
that,  in  an  average  sense,  more  tension  develops 
In  the  top  portion  of  the  Him.  However,  f:  is  not 
understood  well,  at  this  point,  why  the  variations 
of  the  normal  stresses  arc  prtienttn  these  films. 

One  possible  explanation  is  that  silicon  rich  SIN*  Ficurt  9:  Crim-seedonal  view  of  standard 
grows  near  the  interface,  and  then  the  composition  SiN*  (1100  A)  beams, 

composition  approaches  the  proper  stoichiometry 
(a  steady  value  In  low  stress  nitrxfc  case)  as  ttefilro  grows  thicker. 


SUMMARY 

A  unique  technique  which  can  measure  both  the  elastic  parameters  and  residual  stresses  of 
very  thin  films  has  been  developed  using  multi-layer  micro-cantilever  beam  structures.  A  film 
system  of  LPCVD  SiN*f$i(>2/Si  was  tested  using  the  technique  and  showed  that: 

(1)  The  Young's  moduli  of  LPCVD  standvd  and  low  stress  SIN*,  and  PECVD  SiN*.  wore 
measured  at  275  and  235  CPa.  respectively. 

(2)  The  average  stress  at  room  temperature  in  both  LPCVD  standard  and  low  stress  SIN* 
Increases  near  the  interface  between  S1N./SIO a  »d  approaches  constant  values,  U5 
CPa  and  440  MPa,  at  larger  thicknesses. 
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wb*u»i«  i«  tiihtf  h*fd*r  or  sofur  than  the  film  ami  for  combisuiloM  for  '*h*h  Ok  tubtirsit  <« 
«iOkt  tiiffirr  or  more  tom  plant  Oun  Ok  film  It  i»  room!.  M  etpected,  that  the  ruidnett  incroa<r< 
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problem 


INTRODUCTION 

Knowledge  of  the  strengths  of  metallic  thin  films  bonded  (o  substrates  is  becoming  more 
and  more  important  due  to  the  increased  use- of  various  metallization  techniques  in  inte¬ 
grated  circuit  devices.  This  is  important  because  an  understanding  of  the  mechanics  of 
deformation  permits  one  to  belter  predict  she  conditions  leading  to  failure  in  these  thin  film 
structures.  This  knowledge  also  permits  better  design  from  « structural  point  of  view.  The 
rub-micrometer  indentation  technique  is  emerging  as  one  of  the  popular  ways  to  study  the 
clastic  and  plastic  deformation  of  thin  films  on  substrates  (Pcthica  a «/.,  1983;  Doemer 
and  Nix,  1986;  Doemer  it  a/..  1986).  This  technique  is  particularly  attractive  because  it 
provides  information  about  clastic  and  plastic  deformation  on  a  highly  localized  scale  and 
because  it  is  simple  to  use.  In  the  present  study  we  describe  :he  clastic  anti  plastic  deformation 
associated  with  the  indentation  of  thin  films  on  substrates  from  a  continuum  point  of  view. 
We  have  used  the  finite  element  simulation  technique  to  study  the  effects  of  the  yield  strength 
and  elastic  modulus  of  the  film  and  substrate  on  the  hardness  and  elastic  compliance  of  the 
film/substrate  composite. 

Although  indentation  tesir  have  been  used  for  a  long  lime,  few  theoretical  treatments  of 
Indentation  deformation  are  available.  Such  treatments  are  required  to  obtain  fundamental 
information  about  the  ciastic  and  plastic  properties  of  the  film  from  an  indentation  exper¬ 
iment.  For  an  introduction  to  some  of  the  published  literature  on  this  subject,  the  interested 
reader  may  refer  to  u  recent  paper  (Bhatlucharya  and  Nix,  1988).  In  this  work  we  con¬ 
centrate  on  small  indentations  of  the  kind  produced  in  typical  sub-micrometer  indentation 
tests  used  for  thin  hints  on  substrates.  The  hardnesses  of  several  thin  film  materials  using 
sub-micrometer  indentation  tests  have- been  measured  (Doernerand  Nix.  1986).  The  elastic 
properties  of  these  films  were  also  determined  as  a  function  of  film  thickness  and  an 
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empirical  equation  to  describe  the  effect  of  the  substrate  on  the  compliance  of  the  film-sub- 
unite  composite  was  suggested.  This  problem  was  later  examined  analytically  by  King 
(1987).  who  developed  a  theoretical  analysis  for  determining  the  compliance.  While  it  is 
possible  to  study  elastic  indentation  of  thin  Hints  using  analytical  methods,  clastic-plastic 
indentations  are  sufficiently  complex  that  Unite  element  techniques  are  required.  A  Unite 
element  study  of  indentation  cf  bulk  materials  has  been  conducted  recently  by  the  present 
authors  (Bhattacharya  and  Nix.  1988}.  We  showed  that  the  bask  features  of  the  indentation 
experiment  can  be  described  using  the  finite  element  technique  in  conjunction  with  relatively 
simpk  material  behavior.  In  this  paper  we  extend  the  analysis  to  the  problem  of  thin  films 
on  substrates.  Here  we  analyze  the  effect  of  the  properties  of  both  the  film  and  the  substrate 
on  the  hardness  and  the  clastic  compliance  of  the  filmisubstrate  composite. 

THE  FINITE  ELEMENT  MOOF.L 

Sub-micrometer  indentation  testing  permits  the  measurement  of  force-distance 
relations  on  a  very  small  scak :  a  detailed  description  of  this  can  be  found  elsewhere  (Pethica 
«*/  uL  198} .  Docmcr  and  Nix.  1986).  Simulations  of  these  force-distance  relations  for  the 
indentation  dun  films  on  substrates  using  a  rigid  indenter  were  performed  using  the  large 
strain  cla»to*p!u»iic  feature  of  the  ABAQUS  (1983)  finite  ekment  code,  with  tensik  stress- 
strain  data  as  input.  Film  and  substrate  materials  with  various  yield  strengths  and  Young's 
moduli  were  studied.  The  quasi-statk  nature  of  the  process  permits  us  to  use  the  static 
analysis  performed  by  the  program.  Underlying  the  approach  in  this  code  is  the  dis¬ 
cretization  of  the  continuum  involved  (the  layer  to  he  indented  here) ;  the  indenter  was 
considered  to  be  perfectly  rigid.  Also,  an  important  feature  of  this  program  involves  the 
capability  to  model  contact  between  the  indenter  and  the  sampk  as  a  sliding  interface.  The 
initial  nodal  gaps  between  the  indenter  and  the  surface  of  the  specimen  were  prescribed; 
the  program  automatically  keeps  track  of  their  change  and  indicates  any  gap  closure  or 
opening  In  a  particular  specified  direction.  These  interface  elements  thus  simulate  contact 
between  the  indenter  and  the  specimen  surface.  Whenever  the  closure  distance  between  the 
indenter  and  the  specimen  becomes  zero,  contact  is  assumed  and  an  external  reaction  force 
is  exerted  on  that  particular  material  point  to  keep  it  moving  along  with  the  indenter. 
Because  the  program  calls  for  incremental  loading  and  also  makes  use  of  interface  ekmems. 
the  expanding  contact  area  associated  with  indentation  occurs  naturally  whenever  new 
interface  elements  come  into  contact. 

In  this  analysis,  the  indenter  and  specimen  are  treated  as  bodies  of  revolution  to  avoid 
the  inherent  three-dimensional  nature  of  the  probkm  of  indentation  with  a  pyramid  shaped 
indenter  (Pcthicu  er  iff..  1983;  Docrner  and  Nix.  1986).  This  approximation  is  considered 
to  be  acceptabk  for  the  case  of  continuum  plasticity:  a  three-dimensional  analysis  would 
be  needed  to  treat  crystal  plasticity.  In  the  present  treatment  the  pyramid  indenter  was 
approximated  by  an  axisymmetric  cone  (having  a  perfectly  sharp  tip)  of  equal  volume  for 
a  given  indenter  depth.  In  actual  test  conditions,  the  indenter  tip  has  a  finite  radius,  thus 
giving  rise  to  a  somewhat  different  response.  The  specimen  consists  of  a  thin  film  (I  pm 
thick)  on  a  semi-infinite  substrate  approximated  as  a  plate  two  orders  of  magnitude  thicker 
than  the  film.  Perfect  contact  between  the  film  and  the  substrate  is  assumed  and  both  film 
and  substrate  were  considered  to  be  initially  stress  free.  The  indenter  and  specimen  are 
shown  schematically  in  Fig.  I.  along  with  the  appropriate  boundary  conditions  for  the 
problem.  Symmetry  properties  have  been  used  to  simplify  the  boundary  conditions.  During 
preliminary  simulations  the  boundary  condition  on  the  surface  on  (he  right-hand  side  of 
the  specimen  was  changed  from  fixed  radial  displacements  to  traction  free ;  this  change  had 
no  effect  on  the  indentation  parameters,  thus  showing  that  this  boundary  was  indeed  remote. 
Because  very  small  indentations  were  being  simulated,  the  meshes  near  the  indenter  needed 
to  be  very  fine  to  be  able  to  describe  the  deformation  and  stress  gradients  associated  with 
indentation  with  sufficient  accuracy. .Thus,  extremely  fine  mesh  sizes  were  used  under  the 
indenter;  they  became  progressively  coarser  at  distances  further  away  from  the  indenter. 
Axisymmetric  four  noded  elements  were  used  for  the  continuum.  In  order  to  obtain  an 
accurate  estimate  of  the  radius  of  the  contact  urea,  an  extremely  fine  mesh  thickness  of  the 
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order  of  0.02  pm  had  to  be  used  along  most  of  (he  inocnicr  coniuet  surface.  To  keep  the 
required  computer  time  within  limits,  a  total  of  461  elements  including  the  interface  elements 
were  used  to  represent  the  deformed  material.  Figure  2  »how>  a  magnified  view*  of  the  elements 
near  the  indenter  and  the  staircase  arrangement  for  the  other  elements  at  points  further 
away  from  the  indenter. 

To  simulate  a  typical  indentation  process,  a  downward  displacement  (negative  :• 
direction  in  Fig.  I)  was  imposed  on  the  indenter;  this  causes  the  indenter  to  push  into  the 
surface  of  the  material.  At  the  end  of  the  indentation  experiment  the  indenter  was  given  an 
upward  displacement  until  it  was  free  of  contact  with  the  specimen.  For  a  given  indenter 
displacement,  the  corresponding  load  was  determined  by  summing  the  reaction  forces  at 
the  contact  node  points  on  the  indenter.  The  interface  between  the  specimen  and  the  indenter 
was  assumed  to  be  fnctionless  since  no  noticeable  change  in  the  load-displacement  response 
was  observed  by  using  a  friction  coefficient  of  I.  The  mesh  thickness  of  0.02  pm  along  the 
indenter  contact  surface  was  determined  to  be  acceptable  by  tinding  the  mesh  size  below 
which  no  further  significant  changes  in  the  indentation  load- displacement  response  were 
observed. 


Fig.  2.  Detailed  pattern  or  (he  mesh  distribution  near  (he  indenter  showing  the  interface  elements. 
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The  constitutive  model  for  the  specimen  material  (both  film  and  substrate)  was  that 
of  an  elastic  plastic  von  Miscs  material.  Only  the  case  or  no  strain  hardening  (i.e.  both 
materials  assumed  to  be  clastic -fully  plastic)  was  considered.  The  elastic  and  plastic  prop¬ 
erties  of  the  film*  and  substrates  used  in  the  various  calculations  are  given  in  Tables  I  and 
2.  The  Unite  element  calculations  were  performed  using  an  IBM  JJ4I  mainframe  computer 
with  run  limes  of  I  *2  days  and  also  using  a  Vax  II  Workstation  with  run  times  of  J-6  days 
for  average  indentation  depths. 


RESULTS  AND  DISCUSSION 

In  our  previous  work  (Bliyttacharya  and  Nix,  1988).  we  showed  that  the  finite  element 
analysis  can  adequately  describe  the  load-displacement  response  observed  in  a  typical  sub- 
micrometer  indentation  test.  We  also  showed  how  the  hardness  and  Young's  modulus  can 
be  evaluated  from  such  a  simulated  result.  Figure  3  shows  a  simulation  result  for  indentation 
of  silicon  together  with  an  experimental  result  reported  by  Pethka  tt  at.  (1983).  There  are 
some  differences  in  the  two  results  that  can  be  attributed  to  differences  in  the  actual  and 
assumed  material  properties  and  to  the  discontinuous  nature  of  the  simulation  procedure. 

When  an  indentation  test  is  performed  on  a  single  homogeneous  material,  the  hardness 
remains  essentially  constant,  irrespective  of  the  depth  of  indentation.  This  result  is  expected 
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Fig,  3,  Companion  of  the  FEM  teiulti  of  u  previous  paper  (Bhauacharyj  and  Nw,  1988)  uuh  the 
experimental  results  of  Pethica  <t  oA  (1983)  for  indentation  of  silicon. 
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in  a  continuum  treatment.  Johnson  (1970)  developed  a  theoretical  expression  for  hardness 
using  an  expanding  spherical  cavity  model  or  the  indentation  process.  He  found  that  the 
hardness  depends  only  on  the  elastic  and  plastic  properties  of  the  material  in  question  and 
not  on  the  depth  of  indentation.  This  result  was  also  found  in  our  finite  element  study  of 
indentation.  In  contrast  to  this  behavior,  if  an  indentation  is  made  on  a  thin  film  attached 
to  a  substrate  having  different  elastic  and  plastic  properties,  the  hardness  associated  with 
the  indentation  process  is  expected  to  continually  change  due  to  (he  gradually  increasing 
influence  of  the  substrate.  We  next  present  various  results  for  the  indentation  of  thin  films 
on  substrates. 

Hartktss 

One  of  the  goals  of  this  work  has  been  to  understand  how  the  hardness  of  u  thin  film 
changes  with  depth  of  penetration  of  the  indentcr.  The  most  Important  quantities  to  be 
considered  in  this  analysis  are  the  thickness  of  the  film  and  the  yield  strength.  Young's 
modulus  and  Poisson's  ratio  of  both  the  film  and  the  substrate.  Strain  hardening  in  the  film 
and  substrate  could  also  be  considered  but  it  has  not  been  included  in  the  present  analysis. 
In  our  previous  work  on  the  indentation  of  semi-infinite  solids  we  found  that  including 
strain  hardening  in  the  analysis  does  not  produce  qualitatively  significant  effects.  The 
response  of  a  material  with  a  high  rate  of  strain  hardening  is  essentially  the  same  as  the 
response  of  a  material  with  a  higher  yield  strength.  fit  a  typical  indentation  experiment,  the 
elastic-plastic  response  is  characterized  by  a  growing  volume  of  material  subjected  to  a 
fixed  strain  rather  than  by  a  fixed  volume  of  material  subjected  to  an  increasing  strain.  For 
this  reason  it  is  not  especially  important  to  include  strain  hardening  in  the  analysis. 

We  consider  first  the  hypothetical  cases  in  which  the  film  and  substrate  have  either 
different  elastic  properties  (Young's  moduli)  or  different  yield  strengths.  As  mentioned 
above,  alt  simulations  have  been  performed  on  I  pm  thick  films  that  are  perfectly  bonded 
to  a  comparatively  thick  substrate.  It  is  shown  below  that  even  though  we  have  used  only 
one  film  thickness,  the  formulation  developed  from  these  results  will  ulso  predict  the  general 
trends  observed  for  films  with  different  thicknesses.  Figure  4  shows  the  calculated  loud- 
displacement  response  in  cases  for  which  the  yield  strengths  of  the  film  and  substrate  are 
different  but  for  which  both  Young's  moduli  and  Poisson's  ratio  for  the  film  and  the 
substrate  are  the  same.  Similarly,  Fig.  i  shows  the  response  in  cases  for  which  the  Young's 
moduli  of  the  film  and  substrate  are  different  but  for  which  the  yield  strengths  and  Poisson’s 
ratios  are  the  same.  From  these  results,  the  hardness  is  calculated  as  the  load  divided  by 
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the  projected  area  ofeontact.  These  hardness  results  are  shown  in  Figs  6  and  7.  The  calculated 
hardness  and  the  depth  of  indentation  have  been  non'dimensionaliMd  with  the  hardness  of 
the  substrate  and  the  Aim  thickness.  respectively.  A*  intuitively  expected,  for  the  cate  of  a 
totter  Aim  on  a  harder  substrate  (Fig.  6),  the  hard  nett  increases  with  the  indentation  depth. 
At  teen  for  this  cate,  the  hard  nett  it  independent  of  the  substrate  for  indentation  depths 
lest  than  about  0.3  of  the  film  thickness,  after  whieh  the  hardness  slowly  increases  because 
of  the  presence  of  the  substrate.  For  the  case  of  a  harder  film  on  a  softer  substrate  (Fig.  7). 
the  hardness  decreases  as  the  depth  of  indentation  increases.  In  this  case,  the  hardness  is 
constant  for  indentation  depths  leu  than  about  0.2  of  the  film  thickness.  The  regime  of 
constant  hardness  appears  to  get  smaller  as  the  yield  strength  of  the  film  increases  relative 
to  that  ror  the  substrate. 

In  Figs  8  ami  9.  we  show  the  hardness  results  for  cases  in  which  the  film  and  substrate 
have  different  Young's  moduli.  It  it  observed  that  the  variation  of  hardneu  with  depth  of 


Fig.  6.  Effect  of  relative  strengths  on  the  hardness  of  soft  films  on  hard  substrates. 


<J*S  tkfcffeHk'* 


Fig,  ?  Effrtl  ©C  ftUu w  >*U  o*  \U  h***M%\  of  K*n3  &m*  e*  *©ft  pvtMr«tc< 

indentation  in  the*  eases,  t<  qualitatively  similar  to  eases  in  which  the  film  and  substrate 
Have  different  yield  strengths,  although  the  hardness  changes  more  gradually  than  in  the 
previous  cases. 

The  results  presented  in  Figs  6-9  can  be  used  to  develop  general  relations  for  the 
hardness  variation  with  indentation  depth.  It  ts  believed  that  the  hardness  results  wilt 
depend  only  weakly  on  Poisson's  ratio.  For  this  reason,  the  effect  of  Poisson's  ratio  has  not 
been  considered  in  our  analysis.  After  analyzing  these  results  and  fitting  with  various  forms 
of  equations,  we  have  developed  two  empirical  equations  which  satisfactorily  describe  the 
variation  of  hardness  with  depth.  For  the  ease  of  a  soft  film  on  a  harder  substrate,  the  effect 
of  the  substrate  on  film  hardness  can  be  described  as 


H 

//, 


(I) 


where,  £,  are  the  Young's  moduli,  a,,  a.  the  yield  strengths  and  Ht,  Ht  the  hardnesses 
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of  the  film  ami  substrate.  respectively.  Similarly  for  the  ease  of  a  hard  film  on  a  softer 
substrate,  the  hardness  can  he  expressol  as 


// 
H , 


-1  + 


{H,m  frj” 
(Sfi  rj y  (£<,  £.)  W • 


(2) 


These  two  equations  are  fully  nondimensionaliacd  and  thus  can  be  used  for  any  film 
thickness  involving  any  material  combination  of  the  film  and  substrate. 

*  We  next  discuss  the  predictive  capabilities  of  these  functional  equations  to  describe  the 
hardness  or  an  aluminum  film  on  a  silicon  substrate  and  a  silicon  film  on  an  aluminum 
substrate.  Figure  10  compares  the  load  displacement  response  for  the  indentation  of  an 
aluminum  film  on  a  silicon  substrate  with  that  fora  silicon  film  on  an  aluminum  substrate. 
The  elastic  and  plastic  properties  for  these  materials  used  in  the  FEM  calculation  are  given 
in  Table  2.  In  Fig.  10.  we  also  show  the  indentation  curses  for  bulk  aluminum  and 
silicon.  At  very  small  depths  of  Indentation,  the  load-depth  response  for  the  Alm/subslrate 


Fig.  10.  Load-depth  responses  for  the  indentation  of  an  aluminum  film  on  a  silicon  substrate  and 
a  silicon  film  on  an  aluminum  sutyiraie. 
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compile  is  the  same  as  the  roponte  Cor  (he  thin  film  material  in  bulk  form.  This  result  is 
as  a  peeled  since  for  scry  small  indentations  only  the  properties  of  (he  thin  film  arc  involved 
Figure  II  shouts  the  hardness  uluc>  obtained  from  Fig.  10  plotted  as  a  function  of 
indentation  depth  for  the  case  of  an  aluminum  film  on  a  silicon  substrate.  Similarly,  hardness 
values  for  a  silicon  film  on  an  aluminum  substrate  are  plotted  in  Fig.  12.  We  also  show 
predictions  of  eqn*  (I)  and  (2).  respectively,  in  these  figures.  We  find  that  the  empirical 
relations  developed  for  hypothetical  films  and  substrates  give  a  good  description  for  the 
specific  cases  of  films  and  substrates  composed  of  aluminum  and  silicon. 

For  the  case  of  a  soft  film  on  a  harder  substrate,  eqn  (I)  indicates  that  as  the  film  is 
made  thinner,  it  becomes  progressively  harder.  On  the  other  hand,  in  the  case  of  a  harder 
film  on  a  softer  substrate,  eqn  (2)  predicts  that  as  the  film  thickness  is  reduced,  the  hardness 
of  the  film  decreases.  These  results  suggest  that  the  substrate  can  play  a  dominating  role  In 
increasing  or  decreasing  the  hardness  of  a  film. 
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Fig.  12.  Companion  of  hardness  values  piwtcted  by  eqn  (2)  with  FEM  calculations  for  the  case  of 
a  silicon  film  on  an  aluminum  substrate. 
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Raccnt  experimental  ttudi«*(t*«ihicartijf.,  1983.  Doerner  and  Nix,  1986).  have  thown 
that  in  an  indentation  experiment,  the  precett  of  unloading  U  claitk.  This  it  indicated  by 
the  linearity  of  the  initial  portion  of  the  unloading  curve.  Thi*  hat  been  confirmed  by  the 
preient  authors  (Bhaltacharya  and  Nix.  1 988).  through  an  FEM  analysis  of  the  indentation 
of  silicon  and  aluminum.  We  also  observed  that  during  the  earliest  stage  of  unloading,  the 
contact  area  under  the  indenter  remains  constant.  When  these  conditions  of  unloading  exist. 
Young's  modulus  of  the  material  being  indented  can  be  determined  from  the  compliance  of 
the  Mm  and  the  plastic  depth  (Pethka  era/.,  1983;  Doemer  and  Nix,  1916).  As  demonstrated 
previously  (Docraer  and  Nix.  1986).  the  plot  of  compliance  vs  reciprocal  plastic  depth  is 
linear  for  a  bulk  material.  However,  in  the  case  of  thin  Mms  on  substrates,  this  linear 
relationship  no  longer  holds  due  to  the  varying  contribution  of  the  Mm  and  substrate  to 
the  measured  compliance.  There  are  two  limiting  cases.  For  indentation  depths  that  are 
very  small  compared  to  the  film  thickness,  the  compliance  approaches  the  value  expected 
for  the  thin  Mm  material  whereas  for  large  depths  of  indentation,  it  approaches  the  value 
expected  for  the  substrate  material  The  variation  of  overall  compliance  of  a  thin  Mm/ sub¬ 
strate  composite  was  studied  previously  (Docrncr  and  Nix.  1986).  Later  King  (1987)  used 
basis  functions  and  an  integral  equation  technique  to  perform  elastic  analyses  for  punches 
of  different  shapes  and  derived  more  accurate  equations  for  the  compliance  in  terms  of  '>* 
projected  area  of  contact  under  the  indenter.  King's  equation,  when  simplified  for  an 
infinitely  rigid  indenter.  becomes 


where  A  is  the  projected  area  of  contact  under  (he  indenter,  p  a  numerical  factor  related  to 
the  shape  of  the  indenter  and  a  a  parameter  dependent  on  the  depth  and  is  obtainable  from 
a  set  of  curves  given  by  King  \  1987). 

In  eqn  (3),  the  value  of  A  is  related  to  the  plastic  depth  through  the  indenter  geometry 
and  hence.  A  »  k'h\.  where  kl  ■  24.3  is  a  constant  related  to  the  ge<  netry  of  the  indenter. 
With  this  transformation  and  normalizing  in  terms  of  i,  hr.  we  can  rewrite  eqn  (3)  as 


d h 
Vd> 


■  m(v)[(T1'  -  “"(-’s)} + TT  M-’*;)}]  141 


where  i*  -  *7*. 

This  equation  is  expected  to  be  valid  Tor  any  film  thickness  t(.  Compliances  d hidP  were 
directly  obtained  from  the  unloading  part  of  the  FEM  calculations  based  on  a  curve 
fitting  procedure  described  in  our  earlier  analysis  (Bhattacharya  and  Nix,  1988).  These 
compliances  were  determined  for  different  combinations  of  indentation  depths  and  film 
thickness.  In  Fig.  13.  we  have  plotted  r(dA/dP  values  for  film/substrate  composites  having 
various  Young's  moduli  ratios  and  compared  them  with  the  predictions  of  eqn  (4).  In  this 
treatment  the  film  and  the  substrate  are  considered  to  have  the  same  Poisson's  ratio. 
Calculated  values  from  eqn  (4)  are  seen  to  be  in  reasonable  agreement  with  the  FEM  results 
for  large  depths  of  indentation.  But,  for  smaller  depths  of  indentation,  it  appears  that  the 
values  predicted  by  this  equation  asymptotically  approach  the  compliance  of  the  film  too 
slowly. 

We  next  consider  the  elastic  response  of  two  specific  film/substrate  composites,  e.g.  an 
aluminum  film  on  a  silicon  substrate  and  a  silicon  film  on  an  aluminum  substrate.  These 
results,  based  on  the  material  properties  given  in  Table  2,  are  presented  in  Figs  14  and  15, 
In  these  plots, comparison  has  been  made  between  the  FEM  calculations  and  the  predictions 
of  eqn  (4).  The  two  results  arc  in  reasonably  good  agreement. 
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Fig,  12.  Comparison  of  lb*  compliance*  prcdkscd  by  c<jns  <&  and  (4)  kith  the  FEM  calculation* 
foe  wrioos  Young’*  moduli 

CONCLUSIONS 

The  results  (.» tained  in  this  study  indicate  that  the  finite  dement  technique  can  be  used 
to  simulate  the  elastic  and  plastic  response  of  a  sub-micromctcr  indentation  test  for  thin  films 
on  substrates.  Based  on  calculations  for  two  different  classes  of  filmjsubttrate  composites, 
namely  soft  films  on  harder  substrates  and  hard  films  on  softer  substrates,  functional 
equations  have  been  developed  to  describe  the  variation  of  hardness  with  depth  of  inden¬ 
tation.  These  equations  correctly  indicate  that  the  film  strength  increases  or  decreases  as 
the  film  thickness  is  reduced  depending  on  whether  the  film  is  softer  or  harder,  respectively. 
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Fig.  14.  Companion  of  the  FEM  calculations  uith  the  predictions  of  tqn  (4)  for  an  aluminum  him 

on  a  silicon  substrate- 
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Fig.  13.  Comparison  of  the  FEM  calculations  *uh  the  predictions  of  eqn  (4)  for  a  silicon  Aim  on 

an  aluminum  substrate. 


than  the  substrate.  The  effect  of  changing  film  thickness  is  found  to  be  larger  for  the  case 
of  a  soft  film  on  a  harder  substrate.  It  is  also  shown  that  the  elastic  compliance  of  the 
film/substrate  composite  can  be  determtned  us  a  function  of  indentation  depth  from  the 
unloading  part  of  the  load-displacement  curves  obtained  from  the  FEM  analyses.  The 
results  are  in  close  agreement  with  King's  analytical  treatment  of  this  problem. 

Taken  altogether,  the  results  of  this  work  provide  a  scheme  by  which  the  hardness  of 
a  very  thin  film  can  be  determined  from  the  measured  hardness  of  a  thin  film*$ub$trate 
composite.  First  the  hardness  and  elastic  modulus  of  the  bare  substrate  would  be  measured 
by  indentation  methods.  Then,  the  hardness  and  elastic  compliance  of  the  thin  film/substrate 
composite  would  be  measured  us  a  function  of  indentation  depth.  The  variation  ofhardness 
with  depth  would  indicate  whether  eqn  (I)  or  eqn  (2)  should  be  used  to  describe  the 
properties  of  the  composite.  The  compliance  data  would  be  used  in  conjunction  with  eqn 
(4)  to  determine  the  elastic  modulus  of  the  film  or,  equivalently,  £«£;.  Finally,  eqn  (I)  or 
eqn  (2),  as  appropriate,  would  be  inverted  to  obtain  the  hardness  of  the  film  from  the 
hardness  of  (he  thin  film/subsirate  composite. 
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AMfKt- Indentation  ctpcnitttntt  arc  m/**  bfing  utcd  to  *u#dy  the  dank  ami  plait*  properties 
ef  materials  on  a  sub-mKterocter  Kale  Simulation*  of  the*  experiments  have  been  performed  using 
the  finite  element  method  umkf  the  conditions  of  fncttonWss  ami  completely  adhesive  contact  ami 
within  the  comet!  of  incremental  ebit^pUsikny  Comparison  of  the*  simulated  results  with 
etpenmenut  multi  demonstrates  that  the  continuum  bated  finite  element  approach  lias  the  cap*- 
blity  to  determine  the  load  depth  fttponte  of  a  tubmkrometer  indentation  lest.  It  it  also  shown 
that  the  hardneu  and  <b*l>c  modulus  of  the  matemt  can  he  obtained  from  the  loading  ami 
unkuUmg  portion*  of  the*  emulated  curvet 


INTRODUCTION 

In  recent  yean  various  sophisticated  thin  film  deposition  techniques  have  been  developed 
in  response  to  demands  for  better  materials  for  high  technological  applications,  especially 
in  miniaturized  electronic  components.  These  techniques,  such  as :  sputtering,  vapor  depo¬ 
sition.  ion  implantation,  laser  glazing  and  other  modern  surface  modification  techniques, 
involve  tailored  control  of  the  mechanical  and  structural  properties  of  the  material  involved. 
With  respect  to  mechanical  properties,  these  kinds  of  control  depend  on  a  (rial  and  error 
approach  and  little  is  known  fundamentally  about  the  relationships  between  the  film 
stress,  hardness,  yield  strength,  elastic  modulus  and  the  film  thickness.  The  present  work 
contributes  to  (he  understanding  of  the  sub-micrometer  indentation  tests  that  are  now  being 
used  to  study  the  mechanical  properties  of  these  important  thin  films. 

For  over  four  decades,  indentation  hardness  testing  has  been  effectively  used  to  deter¬ 
mine  the  strength  of  materials  very  near  the  surface  of  the  material.  Hardness  measurements 
have  been  attractive  because  (hey  can  be  made  easily  on  a  variety  of  materials.  But,  because 
of  the  comparatively  large  indentations  involved,  even  traditional  microhardness  tests  are 
not  well  suited  for  determining  the  properties  of  thin  films  with  typical  thicknesses  in  the 
range  of  a  few  hundred  angstroms  to  just  a  few  micrometers.  At  present,  very  low  load 
microhardness  testers[)~3],  which  produce  indentation  depths  as  small  as  a  few  hundred 
angstroms,  represent  the  most  successful  technique  for  studying  the  mechanical  properties 
of  thin  films.  Although  various  fundamental  mechanical  properties  appear  to  be  obtainable 
from  these  tests,  very  little  effort  has  been  made  to  understand  the  mechanics  of  the  plastic 
deformation  involved  in  these  sub-micrometer  indentations.  The  lack  of  knowledge  in  this 
area  makes  it  difficult  to  determine  the  relative  merits  of  various  modifications  that  arc 
necessary  for  designing  a  typical  thin  film  system.  It  is,  therefore,  important  to  conduct 
continuum  mechanics  analyses  in  an  effort  to  understand  the  underlying  mechanics  of  these 
indentation  tests. 

A  few  analytical  treatments  related  to  indentation  mechanics  exist  in  the  literature. 
The  solution  for  a  flat  ended  circular  punch  contacting  a  half  space  is  well  known[4].  Elastic 
normal  contact  problems  for  layered  media  were  analyzed  by  Chen  and  Engcl[5]  and 
analyses  of  some  punch  problems  for  thin  films  on  substrates  were  also  given  by  King[6], 
All  of  these  solutions  are  applicable  to  elastic  deformation  only  and  cannot  be  used  to 
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predict  the  complex  elastic-plastic  deformation  involved  in  a  typical  indentation  test.  A  few 
investigators(7~IO]  have  used  the  finite  element  technique  to  analyze  large  indentations 
typical  of  the  Brinell  hardness  test.  The  same  method  has  also  been  used  to  calculate  stresses 
in  contact  situations!  II).  Semi-empirical  analyses  for  indentation  problems  have  been 
provided  by  other  investigators!  12-14).  Except  for  the  work  of  Bourcier  er  «/.(7),  no  detailed 
analyses  have  been  made  for  extremely  small  indentations,  such  as  those  produced  in  typical 
sub-micrometer  hardness  tests(l .  3).  Due  to  the  obvious  mathematical  complexities  involved 
in  such  analyses,  the  finite  clement  method  is  required  and  has  been  used  in  this  investigation. 
The  analysis  involves  a  simulation  of  indentation  tests,  from  which  insight  into  the  various 
mechanical  properties  of  thin  films  can  be  gained.  This  work  represents  the  first  part  of  a 
more  extensive  theoretical  research  program  aimed  at  understanding  the  mechanical  prop¬ 
erties  of  thin  films  on  substrates.  In  the  present  study,  the  goals  have  been  :(a»to  demonstrate 
the  feasibility  of  modeling  a  typical  hardness  test  using  the  finite  element  technique  and  tbi 
to  show  how  relevant  basic  mechanical  properties  can  be  extracted  from  such  simulated 
results. 


THE  FINITE  ELEMENT  MODEL 

Sub-micrometer  indentation  testing  permits  the  measurement  of  force-distance 
relations  on  a  very  small  scale;  a  detailed  description  of  this  can  be  found  elsewhere! 1, 3). 
Simulations  of  these  force-distance  relations  for  the  indentation  of  nickel,  silicon  and 
aluminum  using  a  rigid  indenier  were  performed  using  the  large  strain  elasto-plastic  feature 
of  the  ABAQUS  finite  element  codc(l7],  with  uniaxial  stress-strain  data  as  input.  The 
quasi-nature  of  the  process  permits  us  to  use  the  static  analysis  performed  by  (he  program. 
Underlying  the  approach  in  this  code  is  the  discretization  of  the  continuum  involved ;  the 
indenier  was  considered  to  be  perfectly  rigid.  Also,  an  important  feature  of  this  program 
involves  the  capability  to  model  contact  between  the  indenter  and  the  sample  as  a  sliding 
interface.  The  initial  nodal  gaps  between  the  indenter  and  the  surface  of  the  specimen  were 
prescribed  and  the  program  automatically  keeps  (rack  of  their  change  and  indicates  any 
gap  closure  or  opening  in  a  particular  direction.  These  interface  elements  thus  simulate 
contact  between  the  indenter  and  the  specimen  surface.  Whenever  the  closure  distance 
between  the  indenter  and  the  specimen  becomes  zero,  contact  is  assumed  and  an  external 
reacu'on  force  is  exerted  on  this  material  point  to  keep  it  moving  along  with  the  indenter. 
Because  the  program  calls  for  incremental  loading  and  also  makes  use  of  interface  elements, 
the  expanding  contact  area  associated  with  indentation  occurs  naturally  whenever  new 
intcrface  elements  come  into  contact. 

In  this  analysis,  the  indenter  and  specimen  are  treated  as  bodies  of  revolution  to  avoid 
the  inherent  three-dimensional  nature  of  the  problem  of  indentation  with  a  pyramid  shaped 
indenter.  If  a  pyramid  indenter  was  used,  it  would  have  an  elastic  singularity  at  its  edges 
but  this  would  affect  only  the  stress-strain  response  of  a  few  of  the  elements  adjacent  to 
these  edges.  Thus,  it  is  not  expected  to  cause  any  noticeable  difference  in  (he  load-deflection 
response  of  the  material.  Although  this  approximation  is  considered  to  be  acceptable  for 
the  case  of  continuum  plasticity,  a  three-dimensional  analysis  would  be  needed  to  treat 
crystal  plasticity.  Thus,  in  the  present  treatment  the  pyramid  indenter  was  approximated 
by  an  axisymmetric  cone  of  equal  volume  for  a  given  indenter  depth.  The  indenter  and  the 
specimen  are  shown  schematically  in  Fig.  I,  along  with  the  appropriate  boundary  conditions 
for  the  problem.  Symmetry  properties  have  been  used  to  simplify  the  boundary  conditions. 
During  preliminary  simulations  the  boundary  condition  on  the  surface  on  the  right-hand 
side  of  the  specimen  was  changed  from  fixed  radial  displacements  to  traction  free;  this 
change  had  no  effect  on  the  indentation  parameters,  thus  showing  that  this  boundary  was 
indeed  remote.  Because  very  small  indentations  were  being  simulated,  the  meshes  near  the 
indenter  needed  to  be  very  fine  to  be  able  to  describe  the  deformation  and  stress  gradients 
associated  with  indentation  with  sufficient  accuracy.  Thus,  extremely  fine  mesh  sizes  were 
used  under  the  indenter;  they  became  progressively  coarser  at  distances  further  away  from 
the  indenter.  Axisymmetric  four  node  elements  were  used  for  the  continuum.  In  order  to 
obtain  an  accurate  estimate  of  the  radius  of  the  contact  area,  an  extremely  fine  mesh 
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thickness  of  the  order  of  0.02  pm  had  to  be  used  along  most  of  the  indenter  contact  surface. 
To  keep  the  computer  time  within  limits,  a  total  of  461  elements  including  the  interface 
elements  were  used  for  representing  the  deformed  material.  Figure  2  represents  a  magnified 
view  of  the  elements  near  the  indenter  and  the  staircase  arrangement  for  the  other  elements 
at  points  farther  away  from  (he  indenter.  When  two  elements  are  connected  to  a  single 
element  in  this  distribution,  the  middle  node  on  (he  common  face  is  constrained  to  lie  on  a 
straight  line  dciined  by  the  two  corresponding  end  nodes. 

To  simulate  a  typical  indentation  process,  a  downward  displacement  (negative  r* 
direction  in  Fig.  I) was  imposed  on  (he  indenter;  this  causes  the  indenter  to  push  into  the 
surface  of  (he  material.  Subsequently,  the  indenter  was  given  an  upward  displacement  until 


Fig.  2.  Detailed  pattern  of  mesh  distribution  near  the  indenter  shoeing  interface  elements. 
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it  was  free  of  contact  with  the  specimen.  For  a  given  indenter  displacement,  the  cor¬ 
responding  load  determination  was  achieved  by  summing  the  reaction  forces  at  the  contact 
node  points  on  the  tndcntcr.  The  interface  between  the  specimen  and  the  mdenter  was 
assumed  to  be  frictionless  since  no  noticcab'e  change  in  the  load-displacement  response 
was  observed  by  using  a  friction  coellicicnt  of  I.  The  mesh  thickness  of  0.02  pm  along  the 
indenter  contact  surface  was  determined  by  finding  the  mesh  size  below  which  no  further 
significant  ehanges  in  the  indentation  load-displacement  response  were  observed.  The 
hardness  was  also  observed  to  remain  constant  with  increasing  indentation  depth  when  the 
mesh  was  refined  to  this  point  (Figs  8  and  9). 

The  constitutive  model  for  the  specimen  material  (nickel,  silicon  and  aluminum)  was 
that  of  an  elastic-plastic  von  Miscs  material  with  isotropic  hardening.  Two  separate  cases 
of  strain  hardening  were  considered,  one  with  no  strain  hardening  (i.c.  the  material  was 
assumed  to  be  clastic  fully  plastic)  and  the  other  with  a  linear  strain  hardening  rate  of 
p(200  for  the  material  under  consideration.  The  material  properties  used  in  the  calculations 
arc  given  in  Table  I.  The  finite  element  calculations  were  performed  using  an  IBM  -1341 
mainframe  computer  with  run  limes  of  1 5-25  h  for  average  indentation  depths. 

RESULTS  AND  DISCUSSION 

Results  of  the  load-displacement  simulation  are  shown  in  Figs  3  and  4,  In  these  plots 
comparison  is  made  between  the  experimental  data  obtained  by  Pethica  et «/.(!)  for  pure 
nickel  and  silicon  and  the  simulated  response  from  finite  element  calculations.  The  material 
properties  for  these  simulations  are  given  in  Table  I.  The  agreement  between  our  finite 
clement  analysis  and  experimental  results  is  satisfactory,  thus  indicating,  the  feasibility  of 
using  finite  element  analysis  to  describe  the  sub-mterometer  indentation  process.  Slight 
numerical  oscillations  present  in  the  load-depth  curves  are  caused  by  discontinuous  contact 
of  the  test  specimen  nodal  point;  with  the  indenter  surface.  The  differences  between  the 
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Fig.  X  Comparison  between  the  results  from  the  present  FEM  analysis  and  those  from  Pethica  et 
a/.[!|  on  indentation  of  nickel. 
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Fig.  4,  Compjnwn  b*t»«tn  ih<  roulu  from  if*  FEM  analysts  ami  iSuk  from  ftihsea  d 
o/(l|  on  indentation  of  silicon. 

numeric?!  and  (he  experimental  results  may  be  due  10  differences  in  (he  actual  and  assumed 
yield  stresses  and  work  hardening  pies  of  (he  materials  involved.  Also,  the  differences  could 
be  caused  by  differences  between  the  tip  geometry  of  (he  experimentally  used  indenter  and 
the  perfectly  sharp  indenter  used  in  our  calculations.  The  effect  of  tip  geometry  on  the 
material  response  has  been  adequately  discussed  in  Refs  (1.3). 

Having  shown  that  the  finite  element  analysis  can  adequately  describe  the  experimental 
load-displacement  response,  vie  next  compute  the  hardness  and  Young’s  modulus  from 
these  simulations  and  compare  the  results  with  the  material  data  used  as  input  for  the 
calculations.  We  have  also  analyzed  two  completely  different  types  of  materials ;  a  lovy  yield 
strength,  high  strain  hardening  material  represented  by  aluminum  and  a  very  high  yield 
strength,  low  strain  hardening  material  represented  by  silicon.  Elastic  moduli  for  the  two 
materials  were  also  very  different.  Simulated  results  for  these  materials  are  given  in  Figs  5- 
7.  Strain  hardening  was  not  included  in  the  silicon  simulation  (Fig.  S).  For  indentation  ol 
aluminium,  both  cases  of  no  strain  hardening  (Fig.  6)  and  full  strain  hardening  (Fig.  7) 
have  been  considered.  Prescribing  linear  strain  hardening  for  silicon  did  not  produce  any 


Fig.  5.  Load -depth  response  for  indentation  of  silicon. 
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significant  changes  in  the  load-depth  response.  Unloading  from  three  different  points  along 
the  loading  curve  has  been  performed  as  shown.  The  general  unloading  response  is  similar 
to  the  experimentally  observed  response!  1.3].  An  expected,  silicon,  with  a  high  yield  strength 
to  elastic  modulus  ratio,  shows  a  large  umount  of  elastic  recovery  upon  unloading  whereas 
uluminum,  with  a  low*  yield  strength  to  elastic  modulus  ratio,  shows  little  elastic  recovery. 

Hardness  results 

The  microhardness  is  calculated  as  the  load  divided  by  projected  area  under  the 
indenter  at  various  points  on  the  loading  curve.  These  hardnesses  are  plotted  as  a  function 
of  indentation  depth  in  Figs  8  and  9.  The  results  show  that  the  hardness  is  essentially 
independent  of  indentation  depth.  At  smaller  indentation  depths,  it  was  necessary  to  use  a 
refined  mesh  size  to  obtuin  hardnesses  that  are  independent' of  the  depth  of  indentation 
over  the  range  of  depth  considered.  These  results  are  expected  for  a  homogeneous  material 
described  by  a  continuum  based  constitutive  model.  The  calculations  of  hardness  were 
performed  using  the  load-depth  results  shown  in  Figs  5-7  and  taking  the  value  of  contact 
areas  directly  from  the  FEM  calculations. 


Fig.  7.  Load-depth  response  for  indentation  of  uluminum  with  strain  hardening. 
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Deamination  of  Young's  modulus 

As  reported  m  Ref.  (3).  the  slope  of  the  unloading  curve  can  be  used  as  a  measure  of  the 
elastic  properties  of  the  material  being  indented.  If  the  contact  area  between  the  indenter 
and  sample  remains  constant  during  initial  unloading,  the  elastic  behavior  may  be  modelled 
as  that  of  a  flat  ended  cylindrical  punch  indenting  an  elastic  solid.  Loubet  tt «/.( 1 3)  adopted 
the  elastic  solution  given  by  Sr.cddon(l6]  and  equated  the  projected  area  of  contact  with 
the  indenter  to  the  area  of  lb*,  punch.  Obtaining  an  estimate  of  the  true  projected  contact 
area  under  the  indenter  has  been  a  source  of  some  confusion  because  of  the  involvement 
of  both  elastic  and  plastic  displacements  under  the  indenter.  The  generally  accepted  pro¬ 
cedure  has  been  to  estimate  this  contact  area  from  the  plastic  depth  of  indentation.  But, 
due  to  the  elastic  recovery  of  the  indented  material  afier  unloading,  the  measured  depth 
does  not  necessarily  correspond  to  the  plastic  depth.  It  has  been  suggested(l)  that  for  a 
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Fi|.  9.  Hardness  variation  as  a  function  of  depth  of  indentation  for  silicon. 


A  K  BmaTIM'HvHVa  ami  W  0  Nix 


IM 

material  shat  exhibits  a  large  umoum  of  clastic  recover),  the  best  estimate  of  the  true, 
relaxed  indentation  depth  is  the  depth  tit  zero  load.  ju>i  before  separation  between  the 
indentcr  and  the  material  occurs.  For  a  matenal  that  exhibits  only  a  small  amount  of  elastic 
recovery,  the  plastte  depth  can  be  taken  as  the  depth  at  the  highest  load  point,  before 
unloading  begins.  An  alternate  suggestion  in  Ref.  (3]  is  that  the  plastic  depth  for  all  materials 
Is  that  point  at  which  an  extension  of  the  linear  unloading  curve  intersects  the  depth  axis. 
These  various  possibilities  for  estimating  the  plastic  depth  and  the  corresponding  contact 
area  from  the  load-depth  response  are  analyzed  below. 

Following  the  same  analysis  as  proposed  by  Loubet  tt  u/.[IS],  but  using  the  plastic 
depth,  hr,  instead  of  the  diagonal  length  used  by  them  and  assuming  a  perfectly  rigid 
indenter  with  an  ideal  pyramidal  geometry  (having  (he  same  depth-area  relationship  as  the 
Vieker's  indenter).  Ref.  (3)  obtained  the  following  relationship  for  the  clastic  modulus ; 


where  ft,  is  (he  plastic  depth,  d/*  dA  the  slope  of  the  unloading  curve  and  £  and  r  are 
Young's  modulus  and  Poisson's  ratio,  respectively.  Below  we  use  cqn  (I)  to  estimate 
Young's  modulus  from  the  simulated  load-depth  curves. 

The  finite  element  results  showed  that  for  the  first  three  points  (on  average)  in  the 
unloading  curve,  the  indenter  and  the  sample  remained  in  contact.  This  suggests  that  it  is 
valid  to  u>e  cqn  1 1 )  to  determine  the  elastic  modulus  of  the  specimen  from  the  unloading 
slope.  Because  the  contact  urea  can  be  calculated  directly  from  (he  FEM  results,  it  is  not 
necessary  to  use  the  plastic  depth  in  determining  the  clastic  modulus  from  the  unloading 
slope.  Rewriting  cqn  (I)  in  terms  of  the  projected  contact  area,  .-t.  with  the  indenter,  we 
obtain 
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as  an  alternate  expression  for  the  clastic  modulus. 

With  cqns  ( I)  and  (2)  one  can  obtain  the  elastic  modulus  of  the  material  being  indented 
from  the  unloading  slope  d£  d/i  using  either  the  plastic  depth,  A,.  or  the  projected  contact 
area,  A,  with  the  indenter.  As  discussed  above,  the  plastic  depth  may  be  determined  from 
the  intercept  of  the  linear  portion  of  the  unloading  curve  on  the  depth  axis  or  it  may  be 
taken  to  be  cither  the  depth  at  maximum  load  or  the  final  depth  in  the  unloaded  state.  As 
noted  before,  the  projected  contact  area  is  found  by  knowing  the  radius  of  contact  from 
the  FEM  calculations.  To  obtain  a  good  estimate  of  dF/dA  from  the  simulated  load- 
displccement  curves  (Figs  5—7),  a  straight  line  was  fit  through  the  first  three  data  points  on 
the  unloading  curves.  The  highest  load  point  at  which  the  unloading  begins  was  included 
in  this  fitting  procedure.  More  points  on  the  unloading  curve  with  full  contact  between 
indenter  and  material  could  be  obtained  by  using  very  small  increments  in  displacement 
but  at  the  expense  of  a  large  amount  of  computer  time. 

Table  2  summarizes  various  calculations  of  Young's  modulus  for  aluminum  and  silicon 
using  the  methods  described  above.  Out  of  the  four  calculated  Young's  modulus  values, 
the  first  column  involves  the  use  of  the  flat  punch  model  recast  in  terms  of  projected  area 
of  contact  (eqn  (2))  and  the  others  involve  the  use  of  eqn  (I).  The  second  column  makes 
use  of  the  intercept  of  Ref.  (3]  to  obtain  the  plastic  depth.  The  third  column  is  based  on  (he 
assumption  that  the  plastic  depth  is  the  final  depth,  i.e.  the  depth  of  indentation  where  the 
unloading  curve  reaches  zero  load  value  as  proposed  by  Pethica  el  <//.(!].  The  fourth  column 
involves  the  assumption  that  the  plastic  depth  is  the  full  depth  of  iiidentution  at  (he  point 
of  maximum  load.  The  purpose  of  these  different  types  of  calculations  wus  to  determine 
the  effect  of  these  various  measures  of  plastic  depth  on  the  determination  of  Young's 
modulus.  As  seen  from  these  calculations,  the  values  of  Young's  modulus  obtained  using 
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the  Hat  punch  model  coupled  with  the  projected  contact  urea  from  the  FRM  calculations 
(eqn  (2))  arc  in  very  good  agreement  with  the  known  values  of  Young's  modulus  for  both 
materials.  None  of  the  methods  based  on  plastic  depth  (eqn  (D)  give  equally  good  results. 
The  extrapolated  plastic  depth  model  gives  values  that  are  near  to  but  less  than  the  known 
value*  of  clastic  modulus  for  both  materials.  Values  of  Young's  modulus  based  on  the  final 
depth  model  are  higher  than  the  known  value  for  silicon  and  less  than  the  known  value  for 
aluminum.  The  full  depth  model  gives  values  that  are  much  less  than  the  known  value*  for 
both  materials.  Considering  the  results  for  both  materials,  the  extrapolated  depth  model 
appears  to  give  the  St  estimate  of  the  projected  contact  area  and  the  best  procedure  for 
determining  the  elastic  modulus  from  loading  and  unloading  curves  alone. 

Ejfeci  of  elastic  and plastic  profxnxs  on  hordntst 

So  far  we  have  not  discussed  the  separate  effects  of  elastic  and  plastic  properties  on 
the  hardness  of  a  materia).  Normally,  the  mean  contact  pressure  under  the  indenter, />„.  is 
related  to  the  yield  stress  of  the  material  under  compression,  e,.  by  a  generalized  expression 
based  on  the  deformation  theory  of  a  rigid-pcrfectly  plastic  so!id(l2]  as 


Pm  -  Co,  0) 

where  C  is  a  constant  having  a  typical  value  close  to  3.  For  ductile  metals  and  other  similar 
materials,  this  relationship  works  well.  But,  indentation  experiments  with  highly  elastic 
materials,  such  as  polymers,  have  shown  that  the  clastic  and  plastic  strains  associated  with 
indentations  are  of  the  same  order  of  magnitude  and  the  above  relationship  docs  not  apply. 
Johnson(l3),  using  Marsh's(l8)  model  of  the  expanding  spherical  cavity  in  an  elastic- 
perfectly  plastic  solid  derived  a  comprehensive  relationship  between  the  hardness,  yield 
stress.  Young's  modulus  and  the  indenter  shape  defined  by  the  angle  /}  between  the  indentcr 
and  the  horizontal.  For  the  case  of  an  incompressible  material,  his  results  simplify  to 
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He  compared  this  prediction  with  experimental  data  for  various  kinds  of  materials  and 
showed  that  Tor  an  indenter  with  a  given  geometry,  the  hardness  of  a  material  for  an  clastic- 
plastic  material  is  not  only  a  function  of  yield  stress  but  also  a  function  of  the  parameter 
£jcv  where  £  is  the  Young’s  modulus  of  the  material. 
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Fig.  10,  Comparison  of  v»>jo*  evpmmemat  hardness  mulujDI  with  ihc  peedscuoot  of  Johnson's 
elasik-pUsue  model  and  the  present  FEM  ansljvti. 

In  Fi|.  10,  we  haw  compared  the  experimental  data  compiled  by  John$on[l3)  with  a 
few  value*  of  the  hardne**  obtained  from  the  present  finite  element  analysis.  Although  the 
Johnson  model  correctly  predicts  the  general  trend  in  me  data,  it  does  not  correlate  the 
data  well  at  larger  values  of  E  a ,  where  the  data  smm  to  reach  a  plateau,  with  lt  d,  values 
of  about  3.  This  corresponds  to  the  value  predicted  by  rigid  plastic  theory  from  classical 
mechanics.  The  FEM  analysis  predicts  an  upper  bound  to  the  expenmcntal  results  and  also 
describes  the  plateau  behavior  at  large  values  of  £/*,.  A  more  detailed  analysis  of  the 
various  predictions  of  the  Johnson  model  is  being  made(l9]  and  will  be  described  elsewhere. 

CONCLUSIONS 

The  results  obtained  from  this  study  indicate  that  it  is  possible  to  successfully  simulate 
the  overall  load-depth  response  of  a  sub-micrometer  indentation  test  for  different  types  of 
materials  by  using  the  Unite  element  technique  together  with  simple  constitutive  data  as 
program  inputs.  It  has  also  been  demonstrated  that  one  can  obtain  Young's  modulus  for 
the  material  from  the  slope  of  the  linear  portion  of  the  unloading  curve  in  such  a  simulation. 
This  has  been  shown  earlier  in  Ref.  (3)  and  applied  to  aciuul  test  data.  In  addition,  the 
FEM  analysis  yielded  a  hardness  curve  which  was  more  or  less  independent  of  the  depth  of 
indentation.  It  is  thus  possible  to  obtain  hardness  values  for  the  material  from  simulated 
data  along  tlic  loading  curve.  The  present  study  also  gives  theoretical  justification  for  the 
use  of  the  extrapolated  depth  as  the  best  measure  of  the  plastic  depth  of  indentation.  Finally, 
it  has  been  shown  that  the  FEM  analysis  predicts  the  response  for  an  elastic-plastic  material 
with  respect  to  the  relationship  between  hardness,  yield  stress  and  the  Young’s  modulus  of 
the  material. 
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authors  wish  lo  thank  ihe  Defense  Research  Projects  Agency  for  financial  support  through  (he  University  Research 
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Mechanical  deflection  of  cantilever  microbeams:  A  new  technique 
for  testing  the  mechanical  properties  of  thin  films 
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The  mechanical  deflection  of  cantilever  microbeam  i  it  presented  as  a  new  technique  for  testing 
the  mechanical  properties  of  thin  films.  Single-layer  microbeams  of  Au  and  SiO-  have  betn 
fabricated  using  conventional  silicon  micromachining  techniques.  Typical  thickness,  width,  and 
length  dimensions  of  the  beams  are  1 .0, 20,  and  30/rni,  respectively.  The  beams  are  mechanically 
deflected  by  a  Nanoindenter,  a  submicron  indentation  instrument  that  continuously  monitors 
load  and  deflection.  Using  simple  beam  theory  and  the  load-deflection  data,  the  Young's  moduli 
and  the  yield  strengths  of  thm-film  materials  that  comprise  the  beams  are  determined.  The 
measured  mechanical  properties  are  compared  to  those  obtained  by  indenting  similar  thin  films 
supported  by  their  substrate. 


I.  INTRODUCTION 

With  the  advent  of  modem  integrated  circuitry  a 
new  field  of  research  concerning  the  mechanical  behav. 
tor  of  materials  has  developed.  The  impetus  for  this  de¬ 
velopment  has  been  the  realization  that  the  manufacture 
and  performance  of  very  large  scale  integration  (VLSI) 
devices  can  be  influenced  by  the  deformation  of  materi¬ 
als  used  in  their  fabrication.  Under  various  conditions 
metal  interconnects  are  found  to  peel  and  deform  while 
dielectric  coatings  have  been  observed  to  crack  and 
buckle.  Such  phenomena,  which  may  adversely  affect 
the  performance  of  circuits,  cannot  be  predicted  easily 
using  the  properties  of  bulk  materials.  The  small  and 
continuously  decreasing  dimensions  of  features  in  inte¬ 
grated  circuits  forces  deformation  to  occur  on  a  scale 
not  yet  studied.  This  constraint  can  filer  the  properties 
of  interconnect  and  dielectric  materials  compared  to 
those  that  were  measured  on  bulk  samples.  Consequent¬ 
ly  it  has  been  necessary  to  develop  new  experimental 
techniques  to  characterize  and  investigate  the  mechani¬ 
cal  properties  of  materials  on  a  micron  and  submicron 
scale.  Submicron  indentation  testing,  wafer  curvature 
testing,  bulge  testing,  microtensile  testing,  and  resonant 
frequency  testing  have  proven  effective  in  this  endeavor. 
However,  all  of  these  techniques  have  inherent  limita¬ 
tions  that  restrict  their  utility  in  experimental  studies. 

The  submicron  indentation  of  thin  films  on  sub¬ 
strates  can  lead  to  quick  and  accurate  measures  of  hard¬ 
ness,  but  the  large  pressures  under  the  indenter  may  al- 
r*r  ,ic  structure  of  the  thin  film  being  tested.1,5 

^termining  the  elastic  moduli  of  materials  from  inden¬ 
tation  data  is  possible  but  not  simple  for  hard  films,  and 


the  influence  of  the  substrate  must  be  considered.  With 
wafer  curvature  techniques  the  average  stress  and  strain 
in  a  film  can  be  measured,  but  the  range  of  stresses  is 
limited  by  the  thermal  expansion  and/or  growth  mis¬ 
match  of  the  substrate  and  the  film.1*5  Thus,  for  a  given 
film  and  substrate,  one  cannot  dictate  the  stress  to  be 
applied  to  the  film.  Furthermore,  the  measured  stress  is 
an  average  value  for  a  large  part  of  the  wafer  and  this 
may  mask  significant,  local  fluctuations.  The  bulge  test 
typically  uses  a  smaller  sample  than  the  wafer  curvature 
technique,  but  it  too  fails  to  provide  localized  informa¬ 
tion^1  Another  common  drawback  to  the  bulge  test  is 
the  need  to  handle  samples  pner  to  testing.  With  thm 
films,  plastic  bending  or  stretching  of  a  sample  is  diffi¬ 
cult  to  avoid  while  removing  it  from  the  substrate  and 
mounting  it  in  the  test  apparatus.  The  same  problem  is 
encountered  during  microtensile  testing.11  Lastly,  while 
the  resonant  frequency  measurements  of  elastic  moduli 
of  cantilever  beams  avoid  the  need  to  handle  samples 
and  can  be  local,  they  are  limited  to  elastic  measure¬ 
ments  and  the  range  of  experimental  error  can  be  large.9 

In  an  effort  to  avoid  some  of  these  difficulties,  we 
have  developed  a  new  experimental  technique  based  on 
the  deflection  of  free-standing  cantilever  microbcams. 
Briefly,  the  technique  involves  the  fabrication  of  the 
beams  using  silicon  micromachining  techniques  and  the 
deflection  of  the  beams  using  a  Nanoindenter,  a  load- 
controlled  submicron  indentation  instrument  (made  by 
Nano  Instruments,  Inc.  and  marketed  by  Microscience, 
Inc.).  The  Nanoindenter  mechanically  bends  the  beams 
while  continuously  monitoring  the  loading  and  the  de¬ 
flection  of  the  beams.  There  are  several  advantages  in¬ 
herent  in  this  technique.  First,  all  effects  of  the  substrate 
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arc  removed  stnec  only  the  thin  films  comprise  the  canti¬ 
lever  beams.  Second,  the  beams  themselves  are  never 
directly  handled.  Third,  the  measurements  arc  local  in 
scale  since  the  beam  dimensions  are  typically  on  the  or¬ 
der  of  microns.  Fourth,  both  elastic  and  plastic  proper¬ 
ties— namely  Young’s  modulus  and  yield  strength— can 
be  studied,  and,  fifth,  experimental  error  is  reasonably 
low.  Lastly,  a  large  assortment  of  thin  film  materials  can 
be  prepared  for  testing  using  conventional  fabrication 
processes. 

II.  SAMPLE  PREPARATION 

Three  materials  that  are  frequently  used  in  micro¬ 
electronics,  both  in  chip  and  packaging  levels,  were  se¬ 
lected  for  this  study.  Thermal  SiO:  and  low  temperature 
oxide  (LTO)  were  chosen  as  representative  dielectric 
and  passivation  materials  used  in  integrated  circuits, 
and  gold  was  chosen  as  a  representative  interconnecting 
material  used  in  packaging.  To  fabricate  test  structures 
of  thermal  SiO:,  LTO.  and  gold,  thin  films  of  these  ma¬ 
terials  were  grown  or  deposited  on  lightly  doped  p-type 
(100)  silicon  wafers. 

Wet-thermal  SiOa  layers  with  thicknesses  of  UO 
and  1.51  /im  were  grown  at  1 100  and  1000 *C,  respec¬ 
tively.  The  thicknesses  of  the  oxides  films  were  mea¬ 
sured  with  an  ellipsometcr.  The  films  were  then  pat¬ 
terned  using  standard  photolithography  processes  and  a 
wet  etchant  of  buffered  hydrofluoric  acid  (HF).  After 
patterning  the  films,  the  exposed  Si  was  etched  in  an 
anisotropic  etchant,  rinsed,  and  then  dried.  Prior  to  the 
patterning  of  the  thin  films  and  the  etching  of  the  Si,  the 
straight  side  of  the  mask  pattern  was  aligned  parallel  to 
(he  (110)  direction  of  (he  substrate  to  minimize  under¬ 
cutting  of  the  final  lest  structures  at  concave  corners. 
The  final  test  structures  consist  of  cantilever  beams  ex¬ 
tending  over  an  open  trench  that  is  bounded  by  four 
{ill}  sidewalls  (see  Fig.  1).  The  anisotropic  etchant 
used  for  the  Si  was  an  EDP  (66  wt.Cc  ethylcndiamine, 
23  wt.Co  H:0,  11  wi.ft  pyrocatechol)  solution  heated 
toU5  *C  This  particular  etchant  was  utilized  because  it 
maximizes  the  difference  in  etching  rates  between  the 
(100)  silicon  and  SiO:.  The  etching  rate  of  Si  in  the 
(100)  direction  is  about  1  /im/min,  while  that  of  ther¬ 
mal  SiOj  is  2  A/min.  With  a  60  min  etch  in  EDP  it  is 
routinely  possible  to  fabricate  beams  20/im  in  width  and 
up  to  150/im  in  length.  Figure  1  is  a  scanning  electron 
microscope  (SEM )  photograph  of  a  test  pattern  of  ther¬ 
mal  SiOa  cantilever  beams  with  various  lengths.  The 
widths  and  thicknesses  of  the  beams  are  18  and  1.10pm, 
respectively. 

The  LTO  films  with  thicknesses  of  1.35  /im  were 
deposited  by  a  commercial  low-pressure  chemical  vapor 
deposition  (LPCVD)  system  at  450  'C  and  280  mTorr 
in  a  mixture  of  SiH4  and  02.  The  films  were  subsequent¬ 
ly  annealed  at  950  #C  in  an  02  atmosphere  for  30  min  to 
densify  the  as-deposited  structure  and  to  relieve  the  in¬ 


ternal  stresses  in  the  film.  By  repeating  the  procedures 
described  above,  ;h<:  final  test  structures  were  fabri- 
catcdi  The  etching  rate  of  LTO  in  EDP  is  similar  to  that 
ofSiO*. 

For  the  patterning  of  Au  films,  a  “lift-off  tech¬ 
nique"  was  utilized.  Photoresist  was  applied,  exposed  to 
UV  light,  and  then  soaked  in  chlorobenzene  for  5  min  to 
form  hangovers  in  the  sidewall  profile  of  the  photoresist. 
Gold  was  then  deposited  on  this  prepatterned  photore¬ 
sist  by  employing  an  e-beam  evaporation  system.  Warm 
acetone  was  used  to  dissolve  the  photoresist  and  to  lift 
off  the  unwanted  Au  film:  Hence,  no  wet  etching  of  the 
Au  was  needed.  To  improve  the  adhesion  of  the  Au 
films,  a  very  thin  ( 50  A )  layer  of  Cr  was  deposited  prior 
to  the  Au.  The  metals  were  deposited  at  room  tempera¬ 
ture  in  a  vacuum  of  2x  lQ~*Torr  and  at  a  rate  of  about 
50  A/min.  The  thickness  of  the  Au  film  was  measured 
to  be  0.87  /im  using  a  surface  profiler.  Finally  the  ex¬ 
posed  St  substrate  was  anisotropically  etched.  Although 
it  was  too  difficult  to  measure,  the  etching  rate  of  Au  in 
EDP  is  thought  to  be  comparable  to  that  of  thermal  SiO, 
and  LTO. 

The  Au  test  pattern  Is  identical  to  that  used  for  the 
oxide  beams.  However,  residual  stresses  with  nonuni- 
form  distributions  developed  in  the  Au  films  during 
their  growth.  As  a  result,  when  the  substrate  was  etched 
away,  the  beams  bent  downward  slightly,  as  seen  in  Fig. 
2  (an  analysis  of  residual  stresses  in  the  free-standing 
beams  is  presented  in  Appendix  A).  One  should  note 


FIG.  I.  Scanning  electron  micrograph  of  thermal  StO.  cantilever  mi- 
crobeams  extending  over  a  St  etch  pit. 
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FIG,  2h  Scanning  tkuron  mfcmgfaph  i>('  Au  csnttkwr  mKrotom^ 
(Almdini  over  a  Si  etch  p«t 


that  this  bending  is  not  due  to  the  weight  of  the  beams. 
This  conclusion  is  obtained  using  simple  beam  theory 
and  the  density  of  the  test  material. 

III.  TEST  PROCEDURES 

After  fabrication  the  wafers  were  cut  into  small 
(1.5x1,5cm)  sections  and  were  mounted  on  At  blocks 
( 1. 5 x 2.0 X 3.0 cm)  with  crystal  bond  wax.  A  mounted 
sample  was  then  positioned  under  the  Nanoindcnu-;. 
The  Nanoindenter  itself  is  load  controlled  ami  d^pih 
sensing  with  a  0.25  /iN  load  resolution  and  a  2-3  A 
depth  resolution.  Information  regarding  its  components 
and  operation  have  been  given  elsewhere.1,2  We  mention 
here  three  facts  concerning  the  operation  of  the  Nanoin* 
denter.  First,  as  repotted  earlier1*2  the  Nanoindenter 
was  originally  developed  to  indent  thin  sections  of  mate¬ 
rial.  However,  Jn  the  technique  described  here,  the  Nan¬ 
oindenter  is  used  to  mechanically  deflect  microbeams 
The  indentation  of  the  beams  during  their  deflection  is  a 
minor  effect  that  cannot  be  avoided.  Its  significance  will 
be  discussed  later.  The  second  fact  is  the  0.5/im  transla¬ 
tional  resolution  of  the  stepping  motors  connected  to  the 
sample  mounting.  These  motors  allow  accurate  hori¬ 
zontal  (,t  and  y)  translations  of  the  sample  so  that  a 
mierobeam  10-20  /rm  wide  can  be  point  loaded  at  var¬ 
ious  positions  along  its  lengtn.  A  schematic  diagram  of 
such  a  loading  is  shown  in  Fig.  3.  Finally,  one  should 
also  note  that  supporting  springs  are  attached  to  the 
shaft  of  the  indenter  in  Fig.  3.  Consequently,  when  the 
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diamond  tip  displaces  a  microbeam,  the  loading 
mechanism  is  actually  displacing  two  springs  m  paral¬ 
lel— the  microbeam  and  the  spring  suspending  the  shaft 
of  the  Nanoindenter. 

During  testing,  the  microbeams  were  deflected  at  a 
constant  velocity  between  either  3  and  6  nm/s  or 
between  30  and  60  nm/s,  The  higher  deflection  rates 
were  employed  so  that  the  loading  rate  on  the  beam 
would  match  the  loading  rate  typically  used  to  indent 
films  on  substrates.  After  a  predetermined  deflection 
was  reached,  the  load  was  held  constant  for  10  s  and 
then  the  beam  was  unloaded  at  <m$  similar  to  those  for 
loading.  All  tests  were  conducted  at  room  temperature. 

In  order  to  accurately  position  the  beams  for  test- 
ir.?,  loading  points  along  the  beams  (point  C  in  Fig.  3) 
and  the  fixed  end  of  the  cantilever  beams  ( point  B )  were 
prerecorded  using  the  .rand  >*  stepping  motors.  In  addi¬ 
tion,  the  position  of  an  indentation  in  (he  film  ( point  A ) 
was  prerecorded.  This  indentation  allowed  the  actual 
deflection  length  c  (to  be  called  (he  effective  length)  to 
be  checked  after  testing.  By  measuring  the  distance 
between  (he  indentation  and  (he  fixed  end  of  the  beams, 
and  by  comparing  the  measured  value  with  the  prere¬ 
corded  distance  (AB),  changes  in  the  effective  length 
due  to  the  thermal  expansion  of  the  xy  table  and  sample 
mounting  could  be  determined.  In  addition  to  the  above 
checks  of  the  effective  loading  lengths,  small  indenta¬ 
tions  marking  the  loading  points  on  heavily  loaded  Au 
beams  were  seen  in  a  scanning  electron  microscope 
(SEM).  These  indentations  allowed  an  additional  mea¬ 
surement  of  the  effective  lengths  of  the  Au  beams. 

To  compare  the  mierobeam  technique  to  a  thin-film 
mechanical  testing  technique  already  reported,  the  films 
that  comprise  the  microbeams  were  indented  in  areas 
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supported  by  substrate.  Using  the  Nanoindenter  the 
Alms  were  indented  at  room  temperature  and  at  a  con¬ 
stant  velocity  between  3  and  6  nm/s,  The  Indentations 
themselves  varied  in  total  depth  between  20  and  400  nm 
or  between  2%  and  50%  of  the  Aim  thickness.  By  apply¬ 
ing  the  technique  developed  by  Doemer  and  Nix1  to  the 
indentation  data,  the  Young's  moduli  of  the  Alms  and 
the  hardnesses  as  a  function  of  depth  were  determined. 


IV,  THEORY 

The  theory  of  the  elastic  deflection,  u\  of  a  canti¬ 
lever  beam  with  a  rectangular  cross  section  has  been 
well  developed,10  For  smai!  JeAections  of  a  thin  beam, 

wm4Pc\\-S)/(bt*E).  (I) 

where  P  is  the  force  applied,  c  is  the  effective  length,  v  is 
Poisson's  ratio,  b  is  the  width,  £  is  Young's  modulus, 
and  t  is  the  thickness  of  the  beam.  Equation  ( I )  indi¬ 
cates  that  the  elastic  deflection  of  a  microbeam  will  vary 
linearly  with  the  force.  Furthermore,  it  suggests  that 
Young's  modulus  of  the  beam  can  be  determined  from 
the  slope  of  this  linear  relation.  However,  as  mentioned 
in  the  previous  section,  the  Nanoindenter  records  the 
load  required  to  displace  both  its  own  spring  and  the 
microbeam.  Consequently,  the  load  carried  by  the 
springs  of  the  Nanoindenter  must  be  subtracted  from 
the  total  applied  load  to  determine  the  load  on  the  beam. 
In  order  to  do  this  accurately  the  spring  constant  of  the 
microbeam  must  be  approximately  equal  to  or  greater 
than  10%  of  the  spring  constant  for  the  Nanoindenter. 
Otherwise,  the  additional  load  required  to  bend  the 
beam  (while  deflecting  the  spring)  will  be  lost  in  the 
noise  associated  with  the  total  load  voltage  measure¬ 
ments.  For  a  typical  beam  (20 /im  width,  I  /im  thick¬ 
ness)  employed  in  this  study,  this  constraint  prevents 
the  effective  length  from  being  more  than  twice  the 
width  of  the  beam.  For  effective  lengths  greater  than 
this,  the  beams  are  typically  too  compliant  to  be  re¬ 
solved  accurately  during  loading. 

The  application  of  simple  beam  theory  to  the  load- 
deflection  data  of  beams  also  enables  one  to  determine 
the  yield  strength  of  the  microbeam  material.  For  a  ho¬ 
mogeneous,  cantilever  beam  under  load,  the  strain  in 
the  beam  varies  linearly  through  the  thickness  so  that 
the  maximum  st~ns  at  a  given  length  occurs  at  the  top 
and  at  the  bottom  of  the  beam.  For  the  loading  shown  in 
Fig,  3,  the  top  of  the  beam  is  in  tension  and  the  bottom  of 
the  beam  is  in  compression.  In  addition,  the  maximum 
stress  in  the  beam  It  located  at  the  fixed  end  of  the  beam 
where  the  applied  moment  is  greatest  (point  B  in  Fig. 
3).  When  this  maximum  stress  reaches  the  yield 
strength  of  the  material,  the  beam  begins  to  deform  plas¬ 
tically.  The  onset  of  such  deformation  can  be  recognized 
in  the  plot  of  force  versus  deflection  by  a  deviation  from 


linearity.  The  load  that  marks  this  deviation  is  defined 
as  the  yield  load,  P9%  and  the  yield  strength  is  given  by 

<rr-bcP,/bi'\  (2) 

Following  yielding,  the  beam  continues  to  bend  as  more 
load  Is  applied,  but  some  of  the  strain  in  (he  benm  is 
plastic  and  thus  non  recoverable.  When  the  beam  is  fully 
unloaded,  it  does  not  return  to  its  initial  position  of  zero 
displacement. 

The  shape  of  the  force  versus  defiection  curves  after 
yielding  and  prior  to  unloading  depends  on  both  the 
elastic  and  plastic  properties  of  the  material.  For  the 
case  of  an  elastic-plastic  material  that  shows  little  or  no 
strain-hardening,  the  shape  of  a  force  versus  deflection 
curve  can  be  easily  modeled.  By  relating  the  applied  mo¬ 
ment  to  the  curvature  of  the  beam,  and  by  integrating 
the  curvature  equation  to  obtain  the  beam  deflection,  a 
force  versus  deflection  relationship  can  be  found.10  Fig¬ 
ure  4  shows  a  load-deflection  curve  obtained  by  such  an 
analysis.  According  to  this  analysis,  the  maximum  load 
that  can  be  supported  by  the  beam  is  1,5  times  the  yield 
load. 

For  a  beam  composed  of  a  material  that  exhibits 
strain-hardening,  the  maximum  load  that  can  be  sup- 
potted  by  the  beam  is  higher  than  that  for  an  elastic- 
plastic  material.  To  model  this  kind  of  behavior  wc  as¬ 
sume  a  parabolic  strain-hardening  law  of  the  form 

a  me,  (3) 

where  at  is  the  yield  strength  of  the  material.  K  is  a 
material  parameter,  is  the  plastic  strain,  and  *V  is  the 
strain-hardening  exponent,  taken  to  be0.5  in  (he  present 
analysis.  To  determine  the  shape  of  the  force  versus  de* 


BEAM  DEFLECTION  (>im) 


FIG,  4t  Theoretical  load -deflect  ion  curves  for  cantilever  beam  defla¬ 
tions,  The  lower  curve  represents  an  clastic-plastic  material  while  the 
upper  curve  represents  a  material  that  strain  hardens. 
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flection  curve  for  such  a  material  a  different  analysis  is 
used.  Instead  of  calculating  deflections  from  applied 
moments,  forces  arc  calculated  from  deflections.  More 
precisely,  the  total  strain  at  the  Used  end  of  the  beam  is 
determined  for  «  given  deflection  using  the  following 
equation: 

tr  m  Otw/l^Uly/t).  (4) 

To  determine  the  variation  of  stress  across  the  thickness 
of  the  beam,  the  total  strain,  which  varies  linearly  across 
the  thickness  of  the  beam,  is  divided  into  the  plastic  and 
elastic  components, 

15) 

Then,  for  deflections  beyond  the  yield  point,  equations 
relating  stress  to  strain  can  be  substituted  into  Eq.  tS), 

fr*s<r/£  +  A'(o  — tr,)1 (6) 

Using  Eq.  (6)  the  normal  stresses  are  determined  for  a 
given  deflection  and  then  integrated  over  thickness  to 
obtain  the  applied  force. 

^■(jVol&r/nje  (7) 

The  result  of  such  an  analysis  is  presented  as  curve  A  in 
Fig.  4  (and  it  is  also  compared  to  experimental  results  in 
Fig.  10). 

V.  RESULTS 

A.  Elastic  baam  dsltactions 

Figure  S  presents  typical  load-deflection  data  for 
the  bending  of  an  oxide  beam.  The  initial  linear  section 
of  the  data  represents  only  the  loading  of  (he  Nanoin* 


denier  springs  that  support  the  tndenter.  After  a  dis¬ 
placement  of  approximately  0.3  fm,  the  diamond  tip 
contacted  the  SiO,  beam.  At  this  point  the  load  was 
required  to  both  bend  tht  beam  and  deflect  the  springs 
supporting  the  shaft  of  the  indenter.  Thus  the  slope  of 
the  curve  increase*  noticeably.  Curves  labeled  A  and  B 
that  emanate  from  the  same  point  are  two  different  de¬ 
flections  of  tile  same  beam.  As  expected,  loading  A, 
which  had  a  smaller  effective  length,  produced  a  larger 
force-displacement  slope  than  loading  B.  To  calculate 
Young's  modulus  of  this  beam  the  spring  con'  nt  for 
the  indenter  was  first  determined  by  performing  a 
regression  analysis  on  the  data  from  the  initial  part  of 
the  eurve.  Once  measured,  the  spring  constant,  equal  to 
39.4  N/m.  was  subtracted  from  the  slopes  of  curves  A 
and  B.  The  net  slopes  were  then  used  in  conjunction 
with  (he  measured  dimensions  of  the  sample  to  deter¬ 
mine  Young's  modulus  of  (he  beam.  Figure  6  shows  the 
net  loading  and  displacement  of  the  SiO.  beam. 

In  general  the  deflection  of  both  LTO  and  thermal 
oxide  bc-.ns  w-s  linear  and  clastic.  The  unloading 
curves  consistently  overlapped  the  loading  curves  with 
no  signs  of  permanent  deformation.  Several  beams  were 
deflected  to  distances  greater  than  1/3  their  effective 
lengths.  For  such  tells  the  elastic  strains  at  maximum 
load  were  as  high  as  0.01.  Such  straining  without  notice¬ 
able  cracking  suggests  that  the  oxides  have  much  higher 
strengths  as  thin  films  than  they  do  as  bulk  materials. 
Using  a  Griffith  analysis,  the  approximate  maximum 
flaw  size  can  be  shown  to  be  less  than  140  nm. 
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FIG.  5  Total  applied  load  and  total  displacement  measured  for  two  FIG.  6.  Net  loadings  and  net  displacements  of  the  thermal  SiO.  micro* 

deflection;  of  one  thermal  SiO.  cantilever  microbeam  beam  described  in  Fig.  5 
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B.  Elastic-plastic  bom  dtfltcrions 

Load-dtflcetion  curves  for  a  Au  microbcam  with  a 
50  A  Cr  under  layer  are  shown  in  Figs.  7  and  8.  Figure  7 
shows  the  first  bending  of  the  microbeam  >nd  Fig,  8 
shows  the  second  bending  of  the  beam  at  the  same  effec¬ 
tive  length*  At  the  start  of  the  first  loading  the  load- 
displacement  cunc  is  linear,  and  deformation  is  thought 
to  be  elastic  As  the  deflection  continues,  the  slope  of  the 
curs  e  begins  to  decrease  when  the  Au  deforms  plastical¬ 
ly.  Plastic  deformation  at  the  fixed  end  of  the  beam  is 
verified  by  the  permanent  deflection  of  the  beam  ob¬ 
served  after  unloading.  The  permanent  deflection  after 
testing  can  be  seen  using  an  optical  or  scanning  electron 
microscope, 

When  the  same  beam  is  deflected  u  second  tunc  m 
the  same  location,  the  loading  curve  is  linear  up  to  the 
maximum  load  that  had  been  applied  in  the  first  test 
tFig.  8).  This  also  suggests  (ha:  the  Au  beam  yielded 
during  the  first  test  and  thereby  raised  the  beam’s  yield 
load.  With  further  displacement  in  the  second  test,  the 
curve  became  nonlinear  again  as  the  Au  continued  to 
deform  plastically,  The  deflections  of  other  Au  beams 
showed  similar  elastic  and  plastic  behavior.  The  vari¬ 
ation  in  loading  rate  between  3-6  nm/s  and  30-60  nm/s 
had  no  noticeable  effect  on  the  behavior  or  measured 
properties  ofthe  Au  or  oxide  beams, 

Vt.  DISCUSSION 

A,  Msasurtmtnt  of  Young'c  modulus 

Table  l  shows  average  values  of  Young’s  modulus 
obtained  from  bcim  deflections,  from  indentation  tests, 


and  from  liicrature.,MM*  In  calculating  the  measured 
moduli,  Poisson’s  ratios  of  0.16  and  0.42  were  assumed 
for  the  oxides14  and  Au,u  respectively.  The  Young’s 
modulus  of  thermal  oxide  measured  by  deflections  of 
beams  is  64  CPa  ±  10%  while  the  corresponding 
Young’s  modulus  for  LTO  U  44  GPa  ±  5%  and  for  Au 
it  is  57  GPa  ±11%.  These  experimental  values  agree 
with  other  thin  film  measurements.  For  the  thermal  ox¬ 
ide,  agreement  is  found  with  experiments  performed  us¬ 
ing  a  resonant  frequency  measurement  technique*  and  a 
bulge  testing  technique.11  The  value  of  Young’s  modu¬ 
lus  for  Au  agrees  with  microtensilc  tests.18  However,  the 
clastic  properties  obtained  by  the  deflection  of  thin 
beams  do  not  agree  with  values  measured  by  indentation 
ofthe  same  thin  films.  To  explain  this  disagreement,  two 
possible  explanations  are  considered. 

The  first  explanation  is  densification  of  material  un- 
dcr  the  the  diamond  tip  during  indentation  experiments. 
Comparing  the  two  techniques  and  thetr  corresponding 
results,  the  densification  of  both  the  LTO  and  the  ther¬ 
mal  oxide  under  the  diamond  tip  upon  loading  could 
stiffen  the  materials.  Consequently,  the  unloading 
curves  for  the  indentation  experiments  would  produce 
higher  values  of  Young’s  modulus  than  the  beam  deflec¬ 
tions  as  seen.  Comparing  the  two  different  oxides,  the 
thermal  SiO-  is  expected  to  be  stiffer  since  it  hud  more 
time  (2.5  h)  at  a  higher  temperature  ( 1 100  *C)  than  the 
LTO,  which  was  annealed  at  950  *C  for  only  30  min. 
The  results  of  beam  deflections  support  this  hypothesis. 
However,  if  the  two  materials  were  compressed  to  equal 
densities  during  indentation  loading,  (hen  the  unloading 
curves  would  produce  similar  Young's  moduli  for  both 
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oxides  as  obtained.  Thus  both  a  comparison  of  (he  two 
techniques  and  a  comparison  of  the  two  oxides  support 
the  argument  that  dcnsificatlon  of  the  oxides  dunnf  in¬ 
dentations  may  raise  the  Young's  moduli  measured  by 
sueh  a  technique.  In  the  case  of  the  Au  films,  though,  no 
densificatinn  during  indentations  is  expected. 

The  second  possible  explanation  for  the  differences 
in  the  values  of  Young's  moduli  obtained  by  the  two 
techniques  is  changes  in  Young's  moduli  due  to  the  large 
pressures  under  the  mdenter.  For  the  oxide  films,  little 
or  nti  increase  in  Young's  modulus  is  expected,  but  for 
rhe  Au  thin  films  the  1.0  GPa  pressure  directly  under 
the  mdenter  could  increase  Young's  modulus  by  up  to 
4.0%J*  However,  such  an  increase  cannot  explain  the 
larger  difference  in  the  measured  values  in  Table  I,  Con* 
sequcntly,  no  complete  explanation  is  offered  for  the  Au 
thm  films  at  this  time. 

Figure  9  shows  measured  Young's  moduli  for  ther¬ 
mal  SiOa  obtained  from  different  tests  on  various  micro- 
beams.  Since  the  average  value  of  Young's  modulus  re¬ 
mains  constant,  even  as  the  length  to  width  ratio 
decreases  from  2  to  1,  the  simple  clastic  beam  theory 
invoked  in  this  study  appears  to  be  appropriate.  One  can 
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FIG  9.  Measured  Young's  moduli  for  thermal  SiO.  as  a  function  of 
the  ratio  of  beam  length  to  *tdih. 


also  notice  in  Fig.  9  that  the  spread  ofdata  for  the  elastic 
modulus  of  the  mal  oxide  increases  as  the  ratio  of  width 
to  length  decreases.  This  spreading  u  attributed  to  the 
fixed  error  associated  with  the  measurement  of  the  ge¬ 
ometry  of  the  microbeams.  In  measuring  the  effective 
lengths  of  the  beams,  whether  by  SEM  analysis  or  by 
checking  prerecorded  distances,  we  assume  a  0  5  /mi 
error.  For  a  typical  length  employed  in  our  tests,  20/mi, 
this  results  in  approximately  a  ±  5%  difference  in 
Young's  moduli  and  approximately  a  difference 
in  yield  strengths.  However,  as  the  effective  length  of  a 
beam  increases  compared  to  its  width,  the  percentage 
errordecieasessharply  and  the  spread  of  data  is  expect¬ 
ed  to  decrease  as  shown  in  Fig.  9. 

In  addition  to  the  measurement  of  the  lengths  of 
beams,  the  measurement  of  widths  and  thicknesses  can 
also  produce  entr.  In  particular,  the  cross  sections  of 
the  beams  do  not  remain  exactly  rectangular  because  of 
lateral  etching  by  tht  wet  etchant.  Consequently,  (he 
error  involved  in  the  measurement  of  widths  of  beams 
by  SEM  could  be  as  large  as  1.0 /im.  This  aino  leads  to 
another  ±  5%  in  uncertainty  in  Young's  moduli  and 
yield  strengths  for  a  typical  beam  width  of  about  20/im. 
The  variation  in  the  thickness  of  thermal  SiO,  was  less 
than  ±  1  %,  whereas  the  thickness  of  LTO  and  Au  sam¬ 
ples  can  vary  by  ±  1%  due  to  the  nature  of  the  depo¬ 
sition  techniques  employed.  This  could  lead  (t>  an  addi¬ 
tional  ±  3%  difference  in  Young's  moduli  and  ±  2% 
in  yield  strengths  for  LTO  and  Au  thin  films.  A  linear 
combination  of  all  possible  measurement  errors  pro¬ 
duces  a  total  uncertainty  in  Young's  moduli  of  ±  10% 
for  wet  thermally  grown  SiO,  and  ±  13%  for  LTO  and 
Au.  For  the  yield  strengths  of  the  Au  films  the  total 
uncertainty  is  ±  9%.  Returning  to  Fig.  9,  the  scatter  of 
the  measured  values  of  Young's  modulus  for  the  ther¬ 
mal  oxide  falls  within  the  predicted  ±  iU%  range. 

B.  Mtaaurtmtnt  of  yltld  strength  and  strain 
hardening 

Besides  clastic  properties.  Table  I  also  lists  values  of 
hardness  and  yield  strength  for  the  two  oxides  and  Au. 
Using  large  beam  deflections,  the  strength  of  the  ther¬ 
mal  oxide  was  measured  to  be  greater  than  1.0  GPa. 
However,  since  no  yielding  was  noticed,  an  upper  limit 
on  the  yield  strength  of  the  oxides  could  not  lx  deter* 
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mined  using  the  cantilever  beam  technique.  The  hard* 
ness  of  the  thermal  oxide  and  the  LTO  were  measured  to 
be  12  and  10  GPa,  respectively. 

For  the  Au  dims  both  yield  strength  and  hardness 
were  determined  as  shown  in  Table  I.  The  hardness  of 
1.2  GPa  is  approximately  4.6  limes  the  yield  strength  of 
0.26  GPa.  This  ratio  of  hardness  to  yield  strength  is 
greater  than  the  more  typical  value  of  3.2,  which  was 
predicted  by  Bhattacharya  and  Nix  in  recent  finite  ele¬ 
ment  studies  of  indentations.”  The  larger  ratio  of  4.6 
suggests  (hat  slightly  different  plastic  behavior  is  being 
measured  in  the  two  cases.  One  possible  explanation  is 
that  the  microbeam  technique  measures  a  yield  sttength 
at  a  lower  plastic  strain  than  0.2%,  which  is  typically 
used  in  comparing  hardness  to  yield  strength.  Measur¬ 
ing  a  material's  strength  at  a  lower  plastic  strain  would 
produce  a  lower  yield  strength  and  a  higher  ratio  of 
hardness  to  yield  strength  as  observed.  Compared  to 
bulk  plastic  properties,  though,  the  yield  strength  of  the 
Au  tnin  films  is  noticeably  higher."  The  refined  struc¬ 
ture  and  grain  size  of  the  Au  thin  film,  compared  to  a 
bulk  sample  of  Au,  is  thought  to  be  the  cause  of  this 
difference. 

To  study  the  behavior  of  material  following  yield¬ 
ing  in  the  microbeam  deflections,  Fig.  10  presents  a 
large  deflection  of  a  Au  beam  along  with  theoretical  pre¬ 
dictions  from  Fig.  4.  As  described  earlier,  an  initial  lin¬ 
ear  section  indicates  purely  clastic  deformation  while 
deviations  from  linearity  indicates  the  onset  of  plastic 
deformation  of  the  beam.  One  should  notice  that  while 
the  experimental  curve  falls  between  the  two  theoretical 
curves  (for  an  elastic-plastic  material  and  a  parabolic 
strain  hardening  material )  it  is  closer  to  the  elastic-plas¬ 
tic  curve.  Based  on  (entile  tests  of  bulk  samples  of 


BEAM  DEFLECTION  0*m) 

FIG-  10.  Net  load  and  net  displacement  measurements  for  a  large 
deflection  oft  Au  cantilever  microbeam. 


gold,1*  the  experimental  curve  was  expected  to  show 
higher  rates  of  strain  hardening  and  actually  reside 
above  the  parabolic  strain  hardening  curve*  Thus  (he 
relative  position  of  the  experimental  curve  in  Fig.  10 
suggests  that  little  strain  hardening  occurs  in  the  Au 
beams.  One  possible  reason  for  this  behavior  is  the  large 
surface  area  to  material  volume  ratio  for  the  micro- 
beams.  Compared  to  bulk  samples,  the  beams  have  more 
surface  area  per  unit  volume.  Consequently,  disloca¬ 
tions  have  a  greater  chance  of  gliding  to  a  free  surface 
and  leaving  the  sample.  This,  in  turn,  lowers  the  degree 
of  dislocation  interaction  for  a  given  amount  of  defor¬ 
mation  and  lowers  the  rate  of  strain  hardening.  How* 
ever,  a  word  of  caution  is  needed.  The  theoretical  pre¬ 
dictions  in  Fig.  10  depend  on  the  measured  modulus  and 
yield  strength  of  the  Au  microbeams,  and  changing  (he 
>icld  strength  used  to  predict  the  theoretical  curves  can 
shift  their  position  relative  to  the  experimental  curve  in 
Fig.  10.  Consequently,  conclusions  regarding  the  strain 
hardening  behavior  of  the  Au  thin  films  that  arc  based 
on  Fig,  10  must  be  made  with  caution. 

For  most  of  the  unloading  of  the  Au  beams,  (he 
curves  are  linear  and  the  reverse  deflection  is  thought  to 
be  elastic.  However,  the  initial  section  of  (he  unloading 
curves  in  Figs,  7,  8,  and  10  is  nonlinear,  and  all  other 
tests  of  Au  beams  show  similar  nonlinearities.  This  devi- 
ation  from  linearity  is  thought  to  be  caused  by  the  in- 
denter  tip  sliding  on  (he  microbeam.  Atthe  start  of  un¬ 
loading*  the  indenter  is  believed  to  slide  out  along  the 
beam,  thereby  permitting  the  beam  deflection  to  remain 
relatively  constant  while  the  load  decreases.  Once  slid¬ 
ing  stops,  the  unloading  curve  becomes  linear  as  expect¬ 
ed. 

In  Fig.  10*  which  shows  a  large  deflection  of  a  Au 
beam*  the  nonlinearity  in  the  unloading  section  of  the 
curve  is  most  significant.  For  (his  test  the  loading  posi¬ 
tion  on  top  of  the  beam  can  be  seen  with  an  SEM  because 
large  loads  were  applied.  Furthermore*  a  troughlike 
shape  can  be  detected  leading  away  from  the  initial  load¬ 
ing  position*  out  along  the  beam.  Although  (he  trough  is 
difficult  to  resolve  clearly,  it  is  thought  to  mark  the  slip 
of  the  indenter  tip  on  the  microbeam.  Such  slip*  which  is 
enhanced  by  the  rounded*  nonideal  tip  of  the  triangular 
indenter*  is  highly  plausible  at  the  start  of  the  unloading 
because  the  curvature  of  the  beam  is  at  its  maximum. 
The  slight  decrease  in  the  unloading  slope  compared  to 
the  loading  slope  in  Fig.  10  also  supports  this  hypothe¬ 
sis.  Assuming  the  elastic  modulus  remains  constant 
through  the  whole  test*  the  effective  length  c  for  unload¬ 
ing  must  have  increased  by  2. 1  /im  to  cause  the  decrease 
in  the  load-deflection  slope  from  loading  to  unloading. 
This  displacement  matches  well  with  the  2.2/im  length 
of  trough  seen  on  top  of  the  beam. 

In  contradiction  to  (he  above  argument  one  could 
reason  that  the  indcnier's  tip  slipped  during  the  loading 
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of  the  beam  and  not  during  (he  unloading.  One  may 
even  suggest  (hat  (his  slip  it  at  least  partially  responsible 
for  the  reduction  of  the  slope  of  the  loading  curve.  How. 
ever,  if  this  were  the  case,  then  the  permanent  deflection 
of  the  beam  (whkh  is  marked  by  the  offset  between  the 
loading  and  unloading  deflections  at  zero  load)  would 
not  equal  the  deviation  from  the  linear  loading  as  shown 
in  Fig.  10.  Thus,  even  though  f  *  evidence  is  not  conclu- 
si vc,  it  does  suggest  that  the  tip  of  the  indenter  slips  on 
the  Au  beams  at  the  start  of  the  unloading  and  causes  a 
nonlinearity  in  the  unloading  curve. 

C.  Additional  daflaettooa  of  tho  mtcroboama  and 
tha  tip  of  tha  Nanoindantar 

Although  the  simple  beam  theory  and  the  shape  of 
the  load -deflection  curves  are  in  agreement,  there  are 
several  other  deflections  sisociatvi  with  the  micro* 
beams  and  the  tip  of  the  Nanoindcmer  that  need  to  be 
discussed.  The  flrst  of  these  is  caused  by  the  fact  that  the 
beam  is  wide  compered  to  its  thickness  and  that  the 
beam  is  point  loaded.  As  the  diamond  tip  contacts  a 
beam  at  its  center  and  applies  a  load,  (he  beam  tends  to 
bend  across  its  width.  The  center  of  the  beam  bends 
downwards  relative  to  the  edges  of  the  beam.  Since  this 
curvature  would  not  have  resulted  from  a  uniform  load* 
ing  across  the  beam's  width,  and  since  Eq.  ( I )  is  actual¬ 
ly  derived  for  such  a  loading,  the  added  deflection  due  to 
this  curvature  needs  to  be  considered.  This  is  done  in 
Appendix  B.  It  amounts  to  approximately  2 %  of  the 
deflection  given  by  Eq.  ( I )  fora  beam  in  which  the  ratio 
of  the  width  and  the  effective  length  is  about  unity.  As 
the  ratio  of  effective  length  to  width  increases,  the  rela¬ 
tive  amount  of  additional  deflection  decreases  marked¬ 
ly.  However,  the  additional  displacement  has  been  sub¬ 
tracted  in  the  elastic  analysis  to  more  accurately 
determine  the  elastic  moduli  of  the  microbeams. 

The  second  additional  deflection  is  that  of  the  in¬ 
denter  tip  pushing  into  the  top  of  the  microbeams,  both 
elastically  and  plastically.  To  determine  the  elastic  por¬ 
tion  of  the  indentation  one  can  consider  the  compliance 
of  the  material  under  the  indenter  tip.  For  Au  and  for 
the  oxides  tested,  this  compliance  is  less  than  SO/im/N. 
For  the  Au  and  oxide  beams,  the  measured  compliances 
are  approximately  1000  times  greater.  Therefore,  the 
elastic  indentation  of  the  beams  is  less  than  0. 1  %  of  the 
gross  elastic  deflections  of  the  beams  and  can  be  ignored. 

The  plastic  component  of  an  indentation  of  the  mi- 
crobcams,  however,  may  not  be  simply  ignored.  For  soft 
materials  such  as  Au,  the  plastic  portion  of  an  indenta¬ 
tion  is  significantly  greater  than  the  elastic  portion.  In 
Fig.  1 1  one  can  see  that  although  the  plastic  indentation 
depths  (0  to  40  nm)  are  small  compared  to  both  the 
elastic  and  plastic  deflexions  of  the  Au  beams,  they  are 
measurable  for  the  loads  applied  to  the  microbeams  (0- 
80 /iN).  Thus  the  plastic  indentation  depths  were  sub- 
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tracted  from  the  total  measured  deflections  of  the 
beams.  For  very  hard  materials  such  as  SiO.,  the  plastic 
component  of  the  indentation  is  similar  in  magnitude  to 
the  elastic  portion  and  therefore  can  be  easily  ignoied. 
The  lack  of  an  offset  between  (he  loading  and  unloading 
curves  in  Figs.  5  and  6  verifies  this  statement. 

VII.  CONCLUSION 

Young's  moduli  and  yield  strengths  of  Au  and  SiO. 
thin  films  have  been  measured  using  a  Nanoindenter  in 
conjunction  with  cantilever  mictobeam  samples.  The 
measurements  were  made  on  single-layer,  micron-thick 
beams  that  were  fabricated  using  conventional  integrat¬ 
ed  circuit  (IC)  fabrication  techniques.  The  free  stand¬ 
ing  beams  were  mechanically  deflected  by  a  Nanoin- 
denier.  From  the  load-deflection  data  acquired  during 
bending,  th*  local  elastic  and  plastic  properties  of  the 
thin  Alms  were  determined  without  ever  directly  han¬ 
dling  the  samples.  The  moduli  measured  for  Au,  LTO, 
and  thermal  oxide  and  the  yield  strength  measured  for 
Au  are  in  agreement  with  previously  published  results 
for  these  materials. 
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APPENOIX  A:  AN  ESTIMATION  OF  THE 
RESIDUAL  STRESSES  IN  Au  BEAMS  AFTER 
FABRICATION 

The  curvature  of  Au  beams  in  an  as-fabricated,  free¬ 
standing  state  (Fig.  22  strongly  suggests  (hat  residual 
stresses  arc  present  when  the  films  are  deposited  onto  St 
substrates.  These  as-deposited  stresses  can  develop  for  a 
variety  of  reasons,  but  the  main  concern  is  whether  or 
not  stresses  remain  in  the  thin  films  when  the  substrates 
are  etched  away  from  below  the  beams.  To  answer  this 
question  definitively,  one  needs  to  know  the  source  of 
the  as-deposited  stresses,  prior  to  etching  away  the  sub* 
strata  However,  investigating  the  possible  sources  of 
stresses  is  beyond  the  scope  of  this  present  study.  Thus 
we  can  only  conjecture  plausible  sources  and  then  deter¬ 
mine  how  the  removal  of  the  substrates  affects  the  as- 
deposited  stresses. 

Although  there  are  a  variety  of  sources  for  residual 
stresses  in  as-deposited  thin  films,  they  can  be  grouped 
roughly  into  three  types:  lattice  mismatch,  thermal  mis¬ 
match,  and  growth  mismatch.  The  first  two  sources  are 
not  applicable  to  the  Au  samples  prepared  here  because 
they  were  neither  grown  epitaxially  nor  deposited  at  ele¬ 
vated  temperatures.  Only  the  last  type  ofsource,  growth 
mismatch,  can  account  for  the  bending  of  the  Au  micro¬ 
beams. 

When  a  metal  is  grown  on  a  substrate  in  polycrys- 
tallinc  form,  stresses  can  arise  in  the  film  through  gram 
growth  or  vacancy  annihilation.  Both  processes  act  to 
densify  the  film.  Since  the  substrate  constrains  the 
movement  of  the  film,  a  state  of  tension  can  develop  in 
the  film.  If  the  tensile  stresses  arc  uniform  across  the 
thickness  of  the  film,  no  bending  results  when  the  sub¬ 
strate  is  removed.  However,  if  the  stresses  vary  across 
the  thickness  of  the  film,  then  the  free-standing  beams 
will  bend.  In  the  case  of  the  Au  beams,  the  bottom  layers 
of  atoms  may  have  had  more  lime  and  energy  to  rear¬ 
range  than  the  top  layers  of  atoms.  Thus  more  tension 
may  have  developed  in  the  bottom  layers  compared  to 
the  top  layers.  When  the  substrate  is  removed,  (his  stress 
state  can  cause  a  downward  bending  of  the  beams.  Yet, 
for  a  linear  variation  of  growth  stresses  over  (he  film's 
thickness,  the  uniform  contraction,  and  the  bending  of 
the  beams,  will  remove  the  residual  stresses  present  in 
the  as-deposited  films.  Only  a  nonlinear  or  discontin¬ 
uous  variation  in  the  as-deposited  stresses  can  produce 
stresses  in  the  free-standing  beams  after  they  bend. 

The  as-deposited  stress  state  that  would  produce 
the  largest  residual  stress  in  the  free-standing  beams  is 
significant  tension  in  the  Cr  underlayer  and  little  or  no 
stress  in  the  Au  film.  Such  a  stress  state  could  develop  if 
the  thin  Cr  under  layer  densifies  through  the  growth  of 


gram*  er  the  annihilation  of  vacancies  while  the  Au  film 
remains  as-deposited*  The  possible  stresses  in  the  Cr  un¬ 
der  layer  and  the  Au  film  resulting  from  such  an  as- 
deposited  state  can  be  approximated  by  measuring  the 
radii  of  curvature  of  the  free-standing  beams.*1  Using 
such  a  technique  for  the  Au  beams  shown  in  Fig.  2,  the 
stress  in  the  Cr  under  layer  was  calculated  to  be  approxi¬ 
mately  1.3  GPa.  But,  for  the  gold  film,  the  stresses  arc 
much  lower.  As  a  rough  approximation,  they  scale  ac 
ordmg  to  the  relative  thickness  of  the  Cr  and  Au  I  to 
200.  This  suggests  that  the  maximum  possible  stress  in 
the  Au  beams  is  less  than  7  MHa.  Considering  that  the 
yield  stress  of  the  Au  is  almost  50  times  greater,  and  that 
the  standard  deviation  of  the  measured  yield  strength  is 
almost  4  times  greater,  the  possibility  of  residual  stresses 
in  the  free-standing  beams  affecting  measured  strengths 
can  be  ignored. 


APPENDIX  B:  AN  ESTIMATION  OF  THE 
CURVATURE  EFFECT  ABOUT  A  POINT 
LOADING  ON  A  CANTILEVER  BEAM 

When  a  force  is  applied  at  a  point  on  a  cantilever 
beam  with  a  finite  width  and  length,  both  of  which  arc 
much  greater  than  the  thickness  of  the  beam,  curvature 
is  generated  across  its  width.  This  curvature  is  tn  addi¬ 
tion  to  the  curvature  along  the  beam's  length.  Using  the 
method  of  superposition  and  plate  theory,*1  the  deflec¬ 
tion  of  a  cantilever  beam  due  to  the  curvature  across  its 
width  was  calculated  separately  and  compared  to  the 
deflection  given  by  Eq.  ( 1 ). 

A  schematic  diagram  of  (he  test  configuration  used 
here  is  shown  in  Fig.  12,  and  this  is  approximately  divid¬ 
ed  into  two  individual  loading  configurations:  one  is  just 
the  beam  bending  condition  (see  Fig.  13)  for  which  the 
deflection  solution  is  simply  given  by  Eq.  ( 1 ).  The  other 
configuration  is  a  point  force  opposed  by  a  uniformly 
distributed  line  load  in  the  opposite  direction  on  an  infi¬ 
nite  strip  with  simply  supported  edges  (see  Fig.  14). 
The  addition  of  (he  deflection  solutions  for  these  two 
configuration  is  assumed  to  be  equivalent  to  the  total 
deflection  solution  for  the  original  test  configuration. 
Fig.  12. 

The  deflection  equation  for  the  infinite  strip  case  h 
derived  as  follows,  When  there  is  no  load  acting  on  the 
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plate,  the  differential  equation  governing  its  deflection. 
u\  is  given  by 


JV>  ,  aju>  He„q 

<V  dx:df  d/  ‘ 


The  jboluuon  of  this  equation  is  turned  to  he  m  (he 
following  form: 

V*  \r  j  ftl  **X 

wm  y  r^sin— *. 

m»>  I  0 

The  boundary  condition  at  the  midpoint  through  the 
thickness  of  the  beam  (>»  *  0)  is 


\VyJ  jfwO 

Then,  the  deflection  to  is 

f  ».(i+22),  22, 

I  \  Of  b 

Now,  the  constant  Bm  can  be  determined  if  the  load 
distribution  along  x  sxis  is  given.  A  Fourier  expansion 
ofloadatj’a'Ots 

V,  -  K,U)  -  f 

*-t«*  i  0 

where 

y--jfo  Wiin^dx 

m  -2L  U\r\  ~  +  J-  (cos  mr  -  1 )) . 
b  \  2  mir  / 

Then, 

,  K  IP  /  ,  mrr 

y0W-  — r  1  (s*n“ 

+  —(cos  /mr—  I))  sin  . 

/rur  /  B 

Since  the  load  is  equally  divided  between  two  halves  of 
the  plate,  the  shearing  force  with  respect  to  the  y  axis 
should  be 


DmEt*/lW-t?h 


FIO.  U.  Sekewatfc*)fa  oaafeiM  leading  ef  an  lately  teng  p4f< 
fetftag  0m  MlO«  if  pUlc,  pdMM  lo«fc*g  on  top  of  pUka 
Mmpk  wJt  Mtppwii. 

The  constant  B„  that  satisfies  the  above  boundary  con- 
dttion  is 

»  1(  (stn  (mr/2)  -f  (l/mrHCOtmr-  1)) 
Wimz/b)' 

Thus, 

w(.V) 

m  y  flsin  ( mr/2)  •Hl/rngHeosma--  1)1 
"-TTi  IbDfmz/b)* 


K'*s?Xr“"2f 


AtynO, 

ui(x,0) 


m  y  /’[sin  (mt r/2)  •$•  (l/m;r)(eosm;r-  1)1 
*  “■  UDtJinr/*)' 


Since  ui  converges  rapidly  for  /«  greater  than  I,  the  de¬ 
flection  in  the  middle  of  the  plate  at  y  ■  0  is  approxi¬ 
mately 


(b  ft\  N>'" 

’ITT- 


(I  -2/s-) 
2D** 


Therefore,  the  ratio  of  curvature  deflection  to  simple 
beam  deflection  is  given  by 


10(6/2,0)^  3(1 -2/10(1-^) 

uv„  2rr' 


mr 


*1.7X10 


-i/*V 


In  summary,  the  point  load  on  imc  cantilever  beam  pro¬ 
duces  an  extra  deflection  not  predicted  by  the  simple 
beam  bending  equation  shown  previously.  This  relative 
additional  deflection  is  proportional  to  the  cube  of  the 
ratio  of  the  width  and  the  length  of  the  beam.  For  the 
lengths  and  widths  tested,  (he  extra  deflection  is  less 
than  2.0%  of  the  total  beam  deflection  measured  by  the 
Nanoindenter. 
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INJECTION  OP  DISLOCATIONS  INTO  STRAINED  MIII.TII.AYKR  STRUCTURES 


by 

J.P.  Ilirlh 

!>«*|»»r of  Mechanical  nn«l  Material*  Engineering 
Washington  Stale  Pnivcrsily 
Pullman,  \VA  00101-2020 


problem  of  t|«*r»*fl  injt't'lititi  into  strained  multilayer  structures  (supcrlalticcs) 
is  addressed.  Equilibrium  critical  thicknesses  arc  determined  in  a  Voltcrra  dislocation 
model,  extending  earlier  work  to  the  large  misfit  regime.  Tim  corrcs|M>nding  problem 
of  spreading  of  a  threading  dislocation  is  treated.  Finally,  the  nueleation  and  growth 
processes  for  creating  misfit  dislocations  are  considered. 


2 


INTRODUCTION 

The  work  of  Ciidnier  (l)  and  Preston  (2)  indicating  elastic  strains  associated  with  C»P 
precipitates  rstaWishcd  the  concept  of  coherency  strains  connected  with  coherent  inter* 
faces,  including  lh»we  for  isolated  precipitates  and  Howe  for  planar  interfaces  of  oriented 
overgrowths  on  layer  structures.  I  he  theoretical  work  of  Prank  and  Van  der  Mcrwe  (it) 
showed  that  the  coherency  strains  could  lie  relieved  by  the  presence  of  misfit  dislocations. 
Misfit  dislocations  were  soon  thereafter  verified  by  etch  pilling  (Ij  or  liv  transmission 
electron  microscopy  (fi.fi).  Since  then,  there  have  loom  a  large  nnmlrer  of  ol>servations  of 
misfit  dislocations  as  reviewed  by  Matthews  (7jfor  early  work. 

With  the  demonstration  of  the  potential  of  strained  multilayer  structures  for  elec* 
tronie  applications  such  as  tpiaulimi  well  structures  [8,9]  there  has  l»ecn  renewed  interest 
in  the  interface  structure.  The  present  work  is  restricted  to  oriented  single  or  multilayers 
with  planar  interfaces:  pertinent  to  the  proposed  electronic  applications. 

An  oriented  overgrowth  layer  is  said  to  have  an  epitaxial  or  endolaxial  orientation 
with  respect  to  the  sulistrale  layer  and  the  interface  isddentified  by  the  crystallographic 
habit  plan's  or  the  two  adjoining  crystals.  If  there  is  one-to-one  ntom  matching  at  the 
interface  the  interface  is  rohereul  or.  in  the  recent  alternate  terminology  in  condensed 
matter  physics,  commensurate.  If  the  strain  is  relieved  by  the  introduction  of  misfit  dislo¬ 
cations,  the  interface  becomes  semiodierrnl.  The  initial  terminology  (8)  for  an  allernnling 
sorpionre  of  strained  rohereul  layers  was  a  strained  siipetlaltice,  but  Ibis  choice  was  iinfor- 
timalc  because  of  ronfusion  with  the  «  :Mi  the  crystallographic  superlalticcs  Ihnlocc.iir  for 
ordered  compounds.  The  alternative  description  as  a  strained  layer  structure  is  followed 
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here. 

Thin  strained  layers  tend  In  l>e  slalde  in  the  coherent  slate,  Imlh  thermodynamically 
and  kinematically,  while  thicker  layers  Ircome  unstable  with  respect  to  misfit  dislocation 
injection.  The  consideration  of  the  critical  instability  condition  is  the  major  thrust  of 
the  present  work.  There  are  four  aspects  of  the  instability  proldcm:  (i),  the  equilibrium 
interface  stair,  (ii).  partial  equilibrium  stales  with  incomplete  dislocation  arrays,  (iii), 
the  spreading  or  dislocations  that  thread  through  the  layers,  and  (iv),  the  injection  and 
spreading  of  dislocations  by  nnelealion,  multiplication  and  motion.  We  briefly  discuss  the 
first  three  aspects  of  the  problem  and  concentrate  on  the  fourth,  which  is  the  one  of  most 
practical  interest  in  limiting  the  |>erformnnrc  of  devices  based  on  strained  multilayers. 

DISLOCATION  BEHAVIOR 

Figure  I  illustrates  a  coherent  interfare,  an  interface  containing  a  misfit  location,  an 
interface  containing  n  misorientatiou  dislocation,  and  a  combinc<|  dislocation  with  both 
misfil/misorientalion  character,  so  designaler!  It*  distinguish  it  from  a  miser)  screw/erlge 
dislocation.  As  found  by  (iradmann  (Id)  and  others  (7),  many  of  the  dislocations  formed 
to  relieve  misfit  have  combined  character  and  so  contribute  to  misorientatiou  as  well.  For 
simple  cases  such  as  two  fee  crystals  meeting  aL  a  plane  of  high  symmetry,  the  nature  of  the 
dislocations,  perfect  or  parlinl  dislocations  l>elonging  to  one  or  the  other  bulk  lallire,  are 
easy  to  comprehend.  In  less  simple  rases,  two  Inllires  are  related  by  a  CSb  correspondence 
lallire  [I  l]  (a  lallire  of  crystal  positions  common  to  both  bulk  lattices).  The  reciprocal 
of  this  lattice  is  the  DSC,'  Inlliro  and  1  lie  Burgers  vectors  of  interface  dislocations  arc 
perfect  or  partial  ID’s  (interface  dislocations)  belonging  to  the  DSC  lattice:  the  perfect 
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and  |>arliai  Burgers  vector*  of  the  lw«»  bulk  lattice*  also  belong  to  the  DSC  lattice. 

If  the  dislocation  is  not  a  perfect  hulk  dislocation,  it  will  have  an  interface  fault 
associated  with  it,  as  illustrated  for  the  simple  case  of  a  twin  boundary  in  Figure  2. 
hedges  at  interfaces,  because  of  differences  in  lattice  s|utcing  in  the  two  lattices,  perforce 
have  an  associated  dislocation  called  a  step  translational  dislocation,  with  II)  character. 
Fault  translational  dislocations.  which  are  also  ID’s,  separale  interface  regions  of  different 
fault  nature. 

There  are  a  few  other  types  of  dislocations  at  interfaces.  Continuous  misorirntalions 
across  an  interface,  e.g„  at  a  lirsl  order  twin  boundary,  can  Ik’  described  in  terms  of  in* 
trinsic  ID’s  [12,  1.1).  The  coherent  strain  field  can  Ire  considered  to  arise  from  a  continuous 
distribution  of  infinitesimal  dislocations.  Finally,  small  added  elastic  strains,  associated 
with  dilatations  normal  to  faults  for  example,  can  lead  In  small  dislocations  with  transla¬ 
tional  character.  In  neither  of  the  two  lalt.*r  two  cases  do  the  Burgers  vectors  belong  to 
the  DSC  lallire.  Detailed  discussions  of  these  dislocations  are  presented  elsewhere  [I2*l*r»j. 
Here,  our  primary  emphasis  will  be  tin  misfit  or  combined  dislocations  with  perfect  bulk 
Burgers  vectors. 

The  original  analysis  or  Frank  and  van  der  Merwe  and  continued  analysis  by  the 
latter  author  [Ifi,  Ifi)  are  in  terms  of  a  description  of  the  dislocations  by  the  Frenkel* 
Koulorova  model,  haler  analyses  have  liecn  made  in  terms  of  the  Vollcrra  model  (17). 
Ollier  I’pierls-lype  models  are  aha.  possible,  with  cither  the  .standard  sinusoidal  form  [18, 
19)  or  with  a  parabolic  form  [20).  We  emphasize  that,  for  single  dislocations,  Hie  long- 
range  field  in  all  cases  converges  to  the  Vollcrra  linear  clastic  result.  All  of  these  models 
give  artificial  dcscriplions  of  I  lie  near-core  regions:  none,  for  example,  contain  the  core 


dilatation  that  is  *  nonlinear  elastic  feature  of  atomic  simulations  of  dislocation*  (21). 
Also,  there  is  no  lint- priori  plot  physical  calculation  of  core  structure,  although  atomic 
simulations  haw  been  marie  using  an  empirical  potential  for  silicon  (22).  Hence,  we 
follow  here  the  simple  Voltcrra  model  for  the  dislocations.  Since  moat  calculations  involve 
dislocation  interactions,  this  model  should  hr  arcurale  when  the  dislocation  s|wcing  is 
large,  say  ten  or  more  atomic  spacings,  compared  to  core  dimensions.  For  more  rlosHy 
spaced  dislocations,  core  interactions  and  core  relaxations  could  loahe  the  Volterrn  model 
physically  unrealistic,  in  which  rase  one  of  the  other  models  could  l>e  superior. 

Auisolropir  elaslie  descriptions  are  available  (2.V25)  and  have  been  used  in  some 
calculations.  However,  in  ttmsl  eases.  Hie  eomjdexily  of  such  calrulalions,  involving  nu- 
inerieal  methods,  makes  the  use  of  anisotropic  elasticity  r.umlrcrsomr  anrl  we  shall  restrict 
the  present  analysis  to  isotropic  elasticity.  A  calculation  (2tS]oflhe  thermodynamic  critical 
thickness  for  the  (la-Asd*  multilayer  system  by  Imlh  methods  showed  that  the  anisotropic 
result  differed  from  the  isotropic  one  by  about  2.p»  |>errcnt,  so  errors  of  this  order  can  lie 
anticipated  in  the  use  of  isofmpir  elasticity. 

Image  forces  associated  with  elastic  iuhomogeneity  (27)  can  also  influence  results, 
driving  misfit  dislocations  off  I  lie  inlerfare  and  into  the  softer  bulk  material,  for  example. 
This  effect  Ixromes  important  when  the  elastic  constants  of  the  bulk  crystals  differ  by 
more  than  about  !i0  |>ercenl.  In  most  rases  of  interest  for  electronic  applications,  the  elns* 
tie  ronstnnls  do  not  differ  by  this  amount  and  Hie  inhoiiiogciicil.v  effect  ran  lie  neglected 
with  less  resultant  error  than  the  neglect  of  anisotropic  clastic  etrecls.  A  counter  example 
is  Hie  Nb/AljO.1  case  where  the  image  efforts  drive  misfit  dislocations  five  atom  spacings 
into  the  softer  Mb  crystal  (27,  28). 


fi 

Finally,  diffusions!  effects  influence  the  force*  on  dislocations.  The  graded  concen¬ 
tration*  produced  near  an  interface  by  inlcrdiflusino  distribute*  and  lower*  the  coherency 
strain  near  the  interface  ami  hence  change*  the  clastic  force  on  mi»(U  dislocations  (7, 29, 
39).  Flux  divergence*  at  interface*  growing  by  dilTn*ion  and/or  vacancy  annihilation  fluxes 
lead  to  osmotic  force*  (climb  forces)  on  dislocation*  that  can  be  large  compared  to  elastic 
force*  (31).  These  elTect*  have  not  l>een  considered  quantitatively  in  any  treatment  of  the 
injection  «r  motion  of  misfit  dislocation*  and  represent  an  opportunity  for  further  work. 

INTERFACE  EQUILIBRIUM 

/.  filn.il  ic  Slrr.*»r.i 

As  a  simple  example  of  the  thermodynamic  limit  r<*r  instalulity  we  consider  the 
example  in  Figure  3  of  two  cubic  crystal*  meeting  on  (  I  I)  0)  habit  place*. 

In  a  multilayer  structure  the  slresse*  are  uniform  except  near  free  surfaces.  For  a 
layer  in  the  multilayer  structure  of  Fig,  3.  coherency  gives  rise  to  equal  biaxial  slresse* 
<r 1 1  =  w jj  «  n  and  .strain*  rn  »  ijj  =  r.  The  Iroundary  condition*  W33  *  0  then  leads  to 
the  result 

a  *  r c  (I) 

where 

r  a  2/r(l  +  i»)/(l  —  k)  =  2/«c  (2) 

with  /i  the  shear  modulus,  v  Poisson’s  ratio,  and  «  an  abbreviated  Poisson  factor.  Since 
no  net  force  can  act  on  the  system,  the  stresses  partition  in  the  two  layers  so  that 


<t{ \h,\  +  Hflhn  —  0 


(3) 
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wilh  h  the  layer  thickness.  The  misfit  strain*  most  also  add  to  remove  the  total  misfit. 

fit  a  <W  <  n  >*  (a  +  f»  (0 

where  n  Is  the  lattice  parameter,  »  «/j  -<«,i  ami  <  a  >3f  <t  since  in  all  case*  of  interest 
fn  <  0.01.  The  above  equations  eomlune  l»i  give  the.  result 

f  \  »  'nhnrn/{h.\rA  +hncn) 

* 1 1  =  '"f'  ^  \  +  hfl Cft)  (•*») 

At  the  free  edge  surfaces,  ihe  normal  stresses  must  l>e  released  to  satisfy  the  free  surface 
Imundary  condition,  This  ran  l>e  accomplished  by  imposing  edge  tractions  to  cancel  the  in 
plane  stresses.  Kip.  I.  The  resulting  stress  Held  c»n  l>e  calculated  by  superposing  results 
for  line  forces  acting  on  half-spaces  (32).  The  result  for  the  interface  shear  stress  at  the 
central  interface  among  -V  layers  is  a  sum  which  to  first  order  gives 

fflj  r:  '2rfu/i*/x(A*  +  x*)  (ti) 

This  stress  falls  oir  with  distance  t  into  the  interface,  l>eromes  negligibly  small  when 
t  >  l/»,  anti  has  a  maximum  value  at  the  surface  of 

rri?  «  2rtn/jr  (7) 

The  peak  interface  shear  is  thus  similar  in  magnitude  to  the  uniform  normal  stress,  Rq. 

(I). 

For  thin  bilayers  there  would  also  Ik*  stresses  associated  wilh  Ihe  relaxation  of  trending 
moments  (33),  but  these  are  negligible  for  the  multilayer  case.  For  multilayers  coherently 
affixed  to  a  substrate,  Ihe  elastic  field  is  also  modified.  For  example,  if  a  multilayer  of  A 
ami  R  were  deposited  on  a  thick  R  substrate  Ihe  strain  fields  would  be  ct\  —  (n,(n  =  0 
instead  of  Kq.  (5). 
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Misfit  Dislocation 

For  one  simple  fee  { 100}  case,  the  long-range  strain  field  can  lie  completely  removed 
hy  edge  misfit  dislocations  }  <  1 10  >  lying  in  the  interface,  Fig.  fi,  an  array  sometimes 
observed  [7j.  (,'onntingof  lattice  planes  for  Fig.  5  shows  that  the  misfit  dislocation  spacing 
is 

A  A  <  ft  >  /Art  »  k/tn  O') 

with  tn  ami  <  «  >  defined  ns  in  Kq.  I.  If  A/A  is  close  to  an  integer  value,  the  small 

difference  can  lie  accommodated  by  a  set  of  translational  ll)*s  with  no  net  b  when  summed 
over  the  habit  plane.  If  A/A  is  not  close  to  an  integer  value,  then  a  sequence  of  alternating 
spacings  A,  is  required  such  that  <  A,  >=  A/rn.  The  latter  complication  becomes  more 
important  for  small  A. 

In  determining  the  equilibrium  arrays,  one  could  work  with  global  energies  ami  con¬ 
vert  the  previous  coherency  strain  fields  to  strain  energu*.  As  with  many  dislocation 

problems,  such  a  power  In  re  is  eumlrersome  and  a  simpler  method  is  to  determine  the 

I'each-KWhler  thermodynamic  force  on  the  dislocation  ami  integrate  it  to  determine  local 
interaction  energies.  In  order  to  illustrate  the  procedures,  which  would  involve  lengthy 
numerical  sums  for  the  multilayer  case,  *.ve  consider  the  case  of  a  single  layer  of  thickness 
h  \  between  Iwo  R  layers  with  thicknesses  Aq  >>  Aj  and  with  r  |  *  cq  =  c.  The  misfit 
dislocation  array  can  then  be  considered  to  arise  by  the  reversible  process  illustrated  in 
Figure  0. 

As  shown  in  Figure  0,  a  set  of  dislocation  dipoles  ofinfitiilesimal  separation  and  with 
dipole  sparing  A  is  imagined  to  form.  The  dislocations  ofset  II  are  then  separated  first  on 
the  plane  y  =  0  to  a  position  x  =  re  and  then  separated  at  x  —  re  to  a  position  y  =  h.\. 
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Sinn*  the  spacing*  of  set  II  dislocations  do  mil  change  In  this  pr«*ce»  there  la  no  self  work 
done  by  dislocation*  in  set  II  in  the  overall  process  (equivalently  the  Pf*ch*Kochler  force 
is  *ern  among  set  II  dislocations).  However  the  motion  of  the  set  II  dislocations  results 
in  reversible  work  corresponding  to  the  forces  arising  from  set  I  dislocation*  and  from  the 
coherency  stresses.  The  relevant  rumponenlr*  of  the  Peach* Koehler  force  are 


and 


a* 

I, 


T 


-*rj»** 


(«) 


irrrk 


(10) 


where  ^Bta  }  <  I  III  >. 

In  the  evaluation  ««f  rrT1  and  ttrr,  it  is  convenient  to  work  with  reduced  distances 
.V  »  j/,\  anti  V  **  y/.\.  The  stresses  of  the  set  I  dislocations  in  the  configuration  of 
Figure  ft  are  well  known  (.‘tlj  and  have  the  components 


<Try  e*  rT„sm2x\Y(cosh2xV  -eos2x.Y  -  'ixTsinh  2xV) 


(H) 


~  -ffn(2sinlt2xr(cnsli2xr  —  ros2x.Y  - 2*1’ (cosh 2x)'cos2x.Y  -  I))  (12) 


where 


ff„  =  fthj'l A(l  -  n)(rosh  2xV  --  co*2x.Y) 


(13) 


The  work  ofinteraction  is  the  same  for  each  dislocation  in  sol  II.  Hence  the  forces  of  Kqs. 
(n)  and  (10)  need  only  l«*  integrated  for  one  dislocation.  The  result  is  the  interaction  and 
coherency  work  per  dislocation  dipole  pair  and  can  be  divided  by  two  to  gel  the  work  per 
misfit  dislocation.  Moreover,  one  should  actually  consider  the  perpendicular  set  of  misfit 
dislocations  of  Fig.  ft  to  form  at  the  same  lime.  Analogous  to  the  result  for  the  biaxial 


coherency  sire*,  added  work  most  lx*  done  for  set  II  dishwation  to  compensate  for  the 
displacement  a*  produced  by  Che  rro**>grid  net  of  dislocation*  parallel  lo  <  and  I  hi*  will 
i  or  reom*  Che  work  by  *  for  lor  (I  +  k).  Thus,  Che  energy  per  dislocation  wing  our  work 
done  by  nil  thermodynamic  force*  is 


where  the  sil|>ersc»r,  s  I)  and  ('  indicate,  rrspcclivply,  ihe  the  dislocnlion  fields  of  Rqs, 
(II)  nml  (12)  and  Ihr  coherency  fields  of  Kqs.  (I)  and  (fi).  When  h  \  is  less  than  a  crilical 
value  h„  IS*//,  is  positive  ami  ihe  coherently  slrained  slaie  is  slalde.  When  h%\  is  greater 
than  hf,  II ’//,  is  negative  and  the  misfit  dislocation  slain  is  stable.  We  consider  solutions 
to  Eq.  (I  I)  first  in  the  two  limiting  rases  h ,  <<  A  and  xK  ®  1/2  and  then  for  the  general 
rase, 

3.  Equilibrium  Army?  and  Critical  Thicknesses 

Die  configurations  in  tin*  two  limiting  rases  are  shown  in  Mg.  7.  In  Ihe  limit  h,  «  A, 
the  stress  fields  of  Rqs.  (I  I)  to  (1.1)  rrdnee  to  those  for  a  single  edge  dislocnlion  ami  the 
equilibrium  run  figuration  is  Ihe  lone  dislocation  dipole,  Ifi"  result  (.Tlj.  This  is  the  case 
treated  by  Niatlhews  and  Hlakcsloe  (7,  17)  and  we  term  it  the  M It  result.  The  total  energy 
from  Eq.  (M)  is 


where  r,  3f  A/3  is  Ihe  rore  cutolT  radius  typical  for  covalent  crystals  (lit),  the  outer  culoir 
radius  is  the  dipole  separation  \/2/i,  the  first  Icnn  in  square  brackets  is  Ihc  dislocation 
interaction  energy  and  the  second  term  is  the  work  done  by  the  coherency  stress  in  forming 
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the  dipole.  Normalised  In  unit  area  of  interface,  the  total  energy  it  the  above  result 
multiplied  by  the  total  lengths  of  dislocation  in  the  square  grid,  2/A,  or 

PM-4?*! 

Thus,  the  MB  result  for  (he  eritiral  thickness  where  tty//#  *  n  >* 

A,/ln(.1v/2Ar/4)  .  A/ 1*  *  */* l*r. 

For  a  multilayer  with  A  (  *=  Ag  **  A  in  Ihe  MB  limit,  the  dislocation  interaction  energy 
would  Ih*  Ihe  same  bill  ihe  coherency  stress  in  the  A  layer  would  I*  one-half  as  large. 
I  he  result  would  thus  l»e  .if  the  form  of  Kqs.  (15)  and  (Ift)  will  the  last  term  in  square 
brackets  one-half  as  large.  The  critical  thickness  would  be 

/.,/ In(.1v/2A,/*)  *  A/2sr  *  */2»r,  (l«) 


(l«) 

(IT) 


For  the  single  A  layer,  as  A  increases,  the  glide  equilibrium  position  X *  approaches  1/2 
and  equals  1/2  for  A  >  t),2l5A.  In  this  limit,  Ihe  lest  misfit  dislocation  configurator 
is  that  of  Fig.  7b.  In  this  limit,  a  convenient  integration  path  for  Kq.  (I  I)  is  to  first 
integrate  over  X  to  X.r  *  1/2  and  then  integrate  over  >'  to  A  |/A  at  X  *  Xf.  For  the 
first  integral,  irrt,  Kq.  (II),  reduces  to 

/i  A  sin  2».Y 


fl'fir  a 


"*  2A( I  -  n)  (I  -  cos2».V) 
Ft*r  the  second  integral,  arT,  Kq.  (12),  reduces  to 


(19) 


(tTr  —  —  J 


Ilk  (2sinh2*V  -F  2*1*) 


(2«) 


2A( I  -  k)  (cosh2jrT+l) 

The  resulting  total  energy  is 

--  =  y  ~  (Infcosho  I]  —  ln(cosh  7—1)  +  olan(o/2)  —  I  —  *lo)  (21) 
I*  *1 
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where  ft  *  2*A,|/A  and  7  s  2  *4/ A.  Thus,  for  this  ewe  of  .Ye  ■  1/2,  V*  *  k^/X  and  for a 
given  X ,  ibe  valne  of  <>r  equivalently  ft*,  in  determined  for  the  ewe  IIV//*  *  Orl.e., 


In(c<«h  ft*  +  I J  +  ft*  tanh(ft*/2)  -  do*  *  Infcoih  7  -  I)  +  I  (22) 

For  the  general  ewe  where  0  <  ,Y*  <  1/2,  the  revolting  total  energy  is 

™  *  ~~  {In(ftsinhft)  -  Infroahi  **  I)  -  Ift}  (2.1) 

Here,  the  glide  equilibrium  position  A**  or  eqidvaliiy  if*  *  2jr.Y*.  for  a  given  ft*,  in  deter* 
miner)  from 

r,w  ij,  m  r««sh  ft*  -  rt*  sinh  ft,  (2 1) 

The  eritiral  value  ft*  is  determined  for  the  rase  tty//*  m  0  from  the  relation 

ln|ft*sinh  ft*)  -  Ift*  «*  ln[r«sh  7-1)  (25) 


For  the  multilayer  ease.  I  lie  fields  of  sets  of  dislocations  such  as  those  in  Fig.  7  must 
lie  summed.  I'he  details  are  presented  elsewhere  (.15)  and  are  lievond  the  scope  of  this 
overview.  However,  we  present  the  result  for  the  surn  of  terms  of  the  type  of  Kq.  (21)  to 
show  the  form  of  the  result.  In  the  multilayer  case,  this  limiting  form  A‘«  »  1/2  is  more 
favored  than  for  the  single  layer  case  and  apfdies  for  almost  all  ranges  of  A. 

We  define  summed  functions 

p(m)  —  lnsinh(mft/2)  +  (mft/2)roth(i«ft/2) 


$(»»»)  «  lncolli(rnft/2)  -  nift/sinh(mft) 
where  m  is  an  integer.  The  total  energy  per  layer  for  an  n  multilayer  is  then 
.  n  .  ("+0/1 

=  { {dnj  E<-  -  >  +  o + (7TTT)  L  -  'W"  -  v + 2> 

V  *  |=l  J=l 

-  ^(lnsinh(7/2)  +  I)  -  n-J  (26) 


1.1 


A  comparison  of  the  results  from  Rqs.  (16),  (21)  and  (23)  is  Riven  in  Fig.  B  fi*r  »  sample 
rase.  As  can  Ire  seen,  the  multiple  dislocation  results  differ  from  the  M*B  result  of  Eq. 
(16)  when  At/A  becomes  small.  This  verifies  the  results  of  Jesner  ami  van  der  Merwe  (IS), 
although,  as  discussed  in  detail  elsewhere  (15),  they  treated  a  constrained  glide  equilibria 
case.  However,  we  note  that  the  M*H  result  does  not  apply  except  in  the  limit  A  >>  h  not 
Iteeaiise  they  used  the  Vid  terra  dislocation  approximation  as  suggested  in  Uef.  (15),  but 
because  M*H  neglected  multiple  dislocation  interactions.  Indeed,  as  mentioned  previously, 
the  paralrolic  core  potential  results  for  the  dislocation  strain  fiehl  (15,  25)  should  agree 
with  the  Vollerra  results  except  in  the  core  vicinity.  The  form  of  l*,q,  (26)  is  similar  to  the 
paraledic  potential  results,  although  the  specific  sums  and  integrals  differ.  The  V«»|lerra 
and  parabolic  potential  results  are  exited  to  differ  only  in  the  core  term  (reflected  by  4 
««r  y  in  the  present  results)  except  in  the  limit  y  or  h  — •  4.  where  the  elastic  fields  would 
differ. 

IV.  Partial  Equilibrium  Arrays 

For  Rqs.  (21),  (23)  and  (26)  ami  their  multilayer  counterparts,  Wy/h  monolonically 
decreases  with  decreasing  A  to  the  equilibrium  value  A*  of  Rq.  (B)  once  h  >  he.  Qr<cc  the 
formation  of  misfit  dislocations  becomes  thermodynamically  favorable,  then  the  formation 
of  the  equilibrium  croas*grid  of  misfit  dislocations  becomes  favorable  also.  For  the  pure 
misfit  dislocation  cast',  in  the  alweuce  of  frictional  forces  or  other  extrinsic  effects,  there 
is  no  constraint  to  the  formation  of  the  equilibrium  misfit  dislocation  array. 

However,  there  are  several  reasons  why  complete  equilibrium  might  not  be  achieved 
once  h  exceeds  hr.  First,  if  misfit  is  relieved  by  the  combiner!  dislocations  of  Fig.  Id 
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r  filer  <{  »if  the  misfit  dislocations  of  Fig.  |l>,  »«ldcd  dislocation  interaction*  arise  that 
influence  the  equilibrium  value*  of  k  and  X.  For  (he  (0  0  I)  diamond  cubic  interface 
ease,  the  combined  dislocation*  could  glide  on  the  system  )(0  I  |J(I  1  I),  Fifc.  9a,  to  create 
purr  edge,  combined  dislocation*  with  length  h'  =  [Vk/2)k.  The  interaction  energy  is 
then  of  the  form  in  Eq.  (IS)  but  with  h '  replacing  v/5 h.  Only  the  misfit  component 
Am  a  )(G  |  0]  a  (v/2/2)A  would  relievo  coherency  stresses  so  that  for  the  coherency 
portion  of  Eq,  (15)  Am  would  replace  A.  Hence  Eq*.  (16)  and  (17)  would  be  modified  fo 
the  form 

It'  /iAjk  f  /.iv/flnN  2 she. 

T  S  5X  [ln  V“J  “  ”T“ 

and 

/i,/ln(.1v/fi/»r/2A)  a  A/2*c.  (26) 

Hence,  the  erilieal  thickness  would  Ik*  larger  than  for  the  misfit  dislocation  case. 

An  analogous  qualitative  trend  holds  in  the  multilayer  ease,  Fig.  9b.  For  this  case 
there  are  added  iniernrtioiis'fnr  all  dislocations  and  each  term  in  Eq.  (26)  would  he 
modified.  Just  ns  for  the  single  layer  ease,  hc  would  be  increased  for  the  multilayer 
ease.  In  the  configuration  of  Fig.  Oh,  the  misoricnlalion  dislocation  components  of  the 
dislocations,  between  .1  and  H  for  example,  arc  also  repulsive.  Thus,  unlike  the  pure  misfit 
dislocation  case,  for  the  combined  dislocations  W/L  docs  not  monolonically  decrease  with 
decreasing  A  to  .V,  satisfying  Eq.  (8)  once  h  exceeds  hK.  Hence,  there  wil  be  a  constrained 
equilibrium  value  A,n  >  Ar  and  a  corresponding  residual  coherency  strain  present.  As 
h  increases,  when  h  >  hr.  A,n  approaches  Ae  asymptotically  and  the  coherency  slrr.in 
vanishes  only  in  this  limit. 

In  a  similar  manner,  when  h  or  A  — ►  A,  core-core  interactions  between  dislocations 


IxY.omc  important,  modifying  thr  interaction  energy  portion  of  ihe  various expression*  for 
W/b  and  hence  also  for  hr.  The  paralmlic  potential  results  (IS),  for  example,  contain  this 
feature.  There  is  little  guideline  to  the  from  of  the  core  interaction  from  atomistic  calcu¬ 
lations  because  of  uncertainties  in  the  interatomic  potentials.  However,  available  results 
(21)  suggest  that  the  very  short  range  (one  or  two  atom  distance)  core-core  interaction  en¬ 
ergy  ic  attractive  while  the  longer  range  interaction  is  repulsive.  The  former  elTect  would 
tend  to  increase  he  while  the  latter  would  tend  l«»  increase  A,„  with  the  consequences  as 
discussed  in  the  preceding  paragraph. 

Also  analogously,  I  he  presence  of  a  IVierls  barrier  or  of  frictional  forces  on  dislocations 
arising  from  extrinsic  defeels  in  the  crystals  would  contribute  to  the  force  balance  or 
dislocations  at  local  equilibrium.  The  elTccl  again  would  l>e  In  tend  to  increuse  both  he 
and  Af„. 


V.  Dislocation  Spreading 

In  the  growth  of  a  multilayer  structure,  t  breading  dislocations  can  grow  into  a  growing 
layer  and  penetrate  through  it.  Of  interest  is  the  critical  condition  for  spreading  of 
the  dislocation  into  a  dipole  coaling  the  interface.  Fig.  10.  As  a  specific  example,  wc 
again  consider  a  diamond  cubic  (0  0  I)  interface  and  a  glide  dislocation  on  the  system 
J[0  I  l)(l  I  I).  The  Peach-  Koehler  force  on  the  segment  I)  in  Fig.  I()h  arising  from 
the  coherency  stress  is  conveniently  determined  in  coordinates  fixed  nil  the  glide  system, 
i*  =  (t)  1  l)/v2,  j*  =  (I  I  !]\/ii,  and  k*  =  [2  I  I In  those  coordinates,  b  = 
A,  0,0;  =  (v/0/l»)iru  and  the  dislocation  sense  vector  £  is  parallel  to  k\  The  force  on 

the  dislocation  is  then  the  product  of  the  Peach- Kocldcr  force  per  unit  length,  </|jA,  and 
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l he  urgment  length  k*  —  (>/5/2)A.  For  Ihr  single  Inver  ease  treated  in  the  earlier  section 
where  ia  =  <n,  the  resulting  force  is 

FpK  *  /4«<nh  (29) 

For  the  multilayer  case  where  (,|S(n*  m/2  the  force  is 

FfiK  =  likttnh/ 2  (.10) 

For  the  configuration  of  Fig.  10,  llie  line  tension  Torre  on  the  segment  I),  arising  from  the 
two  dislocations  on  the  interface,  is 


with  the  k  term  arising  from  end  const  mints  as  discussed  previously,  trusting  Eq*.  (20) 
and  (.11)  for  the  single  layer  case,  we  find  the  etpiation  for  the  critical  thickness  to  lie 
identical  to  the  energy  result  of  Kip  (20).  For  h  >  hn  Fpx  dominates  and  the  dislocation 
spreads  while  it  remains  as  a  threading  dislocation  if  h  <  he.  The  multilayer  result  follows 
from  Kqs.  (.Ill)  and  (HI). 

Thus,  the  MB  asymptotic  energy  result  gives  the  exact  answer  for  the  critical  thick¬ 
ness  lor  spreading  of  an  isolated  threading  dislocation  in  the  simple  line  tension  approx¬ 
imation.  In  the  line  tension  approximation,  the  anisotropic  elastic  result  is  also  simple 
enough  in  many  cases  to  give  an  analytical  result  (2(1)  for  hr.  For  closely  spaced  threading 
dislocations,  dislocation  interactions  would  enter  the  force  balance  and  the  result  would 
differ:  the  effect  would  appear  roughly  when  the  spacing  between  threading  dislocations 
became  less  than  /«  or  \K. 

For  a  threading  dislocation  reaching  Ihc  free  surface  of  a  single  layer  on  a  thick 
substrate,  Fig.  II,  Fpx  is  still  given  by  Eq.  (29).  However,  there  is  now  only  one 
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dislocation  producing  a  line  tension  force  and  the  outer  cutoff  radius  h1  is  replaced  by  the 
image  dislocation  spacing  2 h.  Thus 

Thus,  in  this  case  the  critical  thickness  is  given  by 

A,/ln(fi  *,/*)>  t/4«r,  (3.1) 

Comparing  Rqs.  (28)  and  (.1.1),  we  see  that  spreading  is  easier  for  the  layer  at  a  free 
surface.  This  is  of  interest  in  praetieal  applications  in  that  it  implies  that  substrate 
dislocations  are  more  easily  removed  by  sweeping  for  the  first  layer,  favoring  the  growth 
of  a  perfect  multilayer  structure. 

The  line  tension  approximation  is  not  exact  because  there  is  an  interaction  energy 
between  segments  Hand  F.,  for  example,  that  comes  into  play  in  the  initiation  of  spreading. 
The  interaction  energy  ran  lu*  determined  for  either  internal  layers  nr  the  free  surface  layer 
by  standard  methods  (18)  for  dislocation  segment  interactions.  However,  at  present,  this 
extension  of  the  force  balance  model  has  not  Ireen  performed.  Also,  of  course,  forces 
associated  with  the  Feierls  barrier  or  with  frictional  effects  arising  from  extrinsic  defects, 
if  present,  would  mollify  the  force  balance  and  the  corresponding  critical  thickness.  If 
these  latter  forces  are  large,  dynamical  effects  could  become  important  as  discussed  in  the 
next  section. 

VI.  Dislocation  Injection 


/.  Nuclealinn 


For  a  perfect  layer  under  conditions  where  h  >  hc ,  there  arc  possible  kinematic 
constraints  to  the  generation  of  dislocations.  The  first  of  these  is  dislocation  nucleation. 
People  and  Bean  [311]  draw  attention  to  the  possibility  of  such  a  constraint  for  strained 
layer  Their  result  led  to  an  expression  of  the  form  he/  In  (const  'h,)  ot  (l/cj)  in  contrast 
to  Fq.  (17)  or  its  later  versions.  However,  in  their  expression  for  the  energy  of  dislocation 
they  introduced  a  typical  (constant)  dislocation  spacing  of  *1  or  5  lattice  spacings  [30]. 
Instead,  it  is  more  appropriate  to  introduce  the  spacing  A  oc  (l/r«),  and  then  they  would 
have  recovered  an  expression  for  hr  analogous  to  the  MB  result. 

Nucleatinn  of  |>erfeel  dislocations  loops  in  the  bulk  has  Ireen  considered  by  Frank 
[37]  and  Lhal  of  perfect  and  partial  dislocation  half-loopa  at  free  surfaces  by  Mirth  [33]. 
Matthews  [7]  presented  a  partial  version  of  the  latter  work,  deriving  an  expression  for 
the  crilical-sired  loop  and  discussing  it  but  not  considering  the  nucleation  rate  in  detail. 
Maree  el  al.  [39]  have  also  reconsidered  the  problem,  inclnding  the  possibility  of  surface 
nucleation.  but  also  focus  on  the  loop  energy  and  not  the  rnle  equations.  Finally,  nude- 
alion  al  the  edge  of  a  multilayer  [10]  lias  lieen  considered  in  the  near-surface  limit  where 
ffii,  Fq.  (9),  is  constant. 

Here,  we  apply  the  earlier  treatment  [33]  to  nucleation  in  the  interior  of  a  strained 
layer  where  the  complications  of  varying  coherency  stress  fields  are  alrscnl.  The  results 
qualitatively  resemble  those  for  the  surface  case.  We  first  consider  the  nucleation  of  a 
loop  of  combined  1(0  I  l](l  I  I)  dislocation  wiLhin  a  strained  multilayer  for  the  example 
of  a  diamond  cubic  (0  0  I)  interface,  Fig.  12a.  The  energy  of  the  loop  of  radius  r  is  [-11, 
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The  coherency  strain  energy  released  is  given  in  term*  of  the  resolved  coherency  stress 
ff'u  a  (\Zfi/d)<rti  of  Fig.  10b  by 

II1}  s*  “*<tJ *  -(v/D/flJsVnr.r1  (35) 


Maximising  the  total  energy  tl’i  +  II  j  with  res|>eet  to  r,  we  find  for  the  radius  of  the 
criliral  sired  loop  that  ran  grow  with  a  decrease  in  energy 

and  for  I  he  energy  of  the  critical  sired  loop 


...  MV  /Or«\ 

t  [i- 

Following  standard  rale  theory  [13],  the  concentration  of  criliral  nuclei  is 


(.17) 


n*  a  n\rrp(-\Ve/kT)  (38) 

where  »n  at  I  /A3  is  the  concentration  of  single  atoms  per  unit  volume.  The  nucleation 
rale  is  given  by  (M) 

7  =  Xujn*  (3D) 

where  7,  at  0.1  is  the  ‘Zcldovich  factor  and 


w  =  (8  wrr/b)vi>  (10) 

is  the  frequency  factor,  with  i'/>  the  Debye  frequency.  Typically,  w  ar  ID'S-1  ami  nj  ar 
|0J,cr-1  so  Kq.  (30)  becomes 

7  =  I  C)wr  j-/»(  - 1 \  'c/kT)cr  ~ 1  a" 1  (  I  I) 

For  niir.lcntion  to  be  important  .1  must  equal  a  critical  observable  value  7*.  Here,  unlike  the 
earlier  treat  mcnls,  the  critical  value  is  one  in  a  Lhin  multilayer  in  a  few  thousand  seconds  or 
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one  in  a  region  viewer!  in  an  electron  microscope:  cither  estimate  gives  J*  * 

The  condition  that  must  Ik*  satisfied  for  nueleation  to  he  observable  is  given  by  Eq.  (*l  I) 
with  J *  substituted  for  J  or 

ItV  <  37*T  (12) 

For  the  nueleation  of  a  |>artial  dislocation,  there  is  an  added  energy  term  associated  with 
the  creation  of  a  circle  of  stacking  fault, 

11*3  *7»rl  (13) 

where  7  is  the  stacking  fault  energy*.  Since  Eq.  (33)  and  (*I3)  have  the  same  functional 
«le|»endence  on  r,  the  same  procedure  as  lh«»se  for  the  perfect  dislocation  can  be  used  if 
one  replaces  r,  in  Eq.  (33)  by  r{,  =  r,  -  7/pA.  Unless  7  is  quite  large,  partial  dislocation 
nueleation  is  favorer!  relative  to  the  perfect  dislocation  case  Ihtsusc  ft  in  Eq.  (37)  is 
smaller  by  a  factor  of  0.377. 

To  test  the  alrove  rases,  we  use  the  same  parameters  as  in  a  previous  example  (>13), 
typical  of  rom|M)Und  semiconductors,  p  =  *l8<7/,«,  k  =  0.23  ami  ft  *  0.  lOOnrn  for  the 
perfect  disl«>cnlion;  with  7  =  10  mJ/’m*.  The  solution  of  the  transcendental  Eq.  (32)  then 
gives  the  results  in  Table  I  for  r,  and  t»,  the  critical  misfit  to  give  appreciable  nueleation. 
As  seen  in  the  (aide,  nueleation  is  essentially  impossible  at  room  temperature,  because 
the  theoretical  strength  of  a  perfect  crystal  (I6)(—  p/IQ)  would  Ik*  reached  before  the 
critical  nueleation  strength.  Even  at  1000  K  nueleation  is  only  a- marginal  possibility. 

Another  imssibilily.  treated  earlier  (38)  but  neglected  in  later  analyses  (7,  39],  is 
nueleation  at  the  free  surface  of  a  growing  layer.  There  are  two  possibilities:  nueleation 
at  a  singular  surface,  l;ig.  12b,  and  nueleation  at  a  vicinal  surface,  Fig.  12c.  For  the 
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vie inal  surface  owe  must  supply  the  added  energy  of  the  surface  ledge 

l»*(  *  2rr  (II) 

where  t  is  the  lerlgc  energy  per  unit  length.  However,  only  n  portion  of  a  loop  need 
Ire  created  because  of  surface  image  interaction*.  The  energies,  and  llj  arc  all 

reduced  by  a  factor  that  is  a  function  of  the  contact  angle,  #,  in  turn  determined  by  a 
balance  of  dislocation  line  tension  ami  the  surface  ledge  tension,  approximately  given  by 

y  cos  I  **  <  (•!•'») 

For  calcnlalion  purposes,  the  typical  value  of  r  is  taken  as  0.B9  n4/m. 

The  result,  for  the  vicinal  surface  is  similar,  but  the  ledge  is  removed  during  nnclealion, 
so  It’i,  of  the  same  form  as  in  Kq.  (15),  becomes  negative.  The  rumbersnme  equations 
for  this  rase  are  given  elsewhere  (.18,  17]  and  are  not  repealed  here,  but  the  results  are 
also  shown  in  Table  I.  Kven  in  this  more  favoraMc  case,  nuclealion  is  a  likely  process 
only  for  large  misfits  in  the  vicinal  surface-partial-dislocalion  case.  The  other  possibility 
of  nuclealion  at  an  edge  [10],  Fig.  1 2d,  gives  results  quite  close  to  those  for  the  singular 
surface.  A  final  possibility,  discussed  by  Matthews  (7),  occurs  if  r>  >  h1,  whereupon  the 
critical  configuration  Incomes  that  of  Fig.  I2e.  The  exact  energy  is  available  for  this 
configuration  (-18  ].  However,  the  values  of  r>  in  Table  I  are  so  small  that  this  case  seems 
unlikely  so  that  we  do  not  -woreed  with  the  analysis. 

In  summary  of  the  uiiclcation  results,  dislocation  nurlcnlinn  for  the  semiconductor 
case  is  only  likely  for  the  partial  dislocation  -  vicinal  surface  rase  and  otherwise  should 
not  occur.  The  physical  basis  for  this  result  in  comparison  with  the  easier  nuclealion 
results  for  metal  is  the  typical  larger  magnitude  ofb  for  the  semiconductor  case,  a  factor 
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Ihal  strongly  influences  H‘,  in  Eq.  (37).  This  difficulty  in  nudealion  is  a  favorable  factor 
in  the  stability  of  strained  layer  structured.  Yel,  (he  presence  of  dislocations,  presumably 
injected  by  nudeatinn,  is  often  observed  (7,  it).  We  run  only  conclude  that  nudealion 
is  augmented  by  extrinsic  stresses,  externally  imposed  or  associated  with  defects.  The 
resolved  shear  stress  components  r  ofsurh  defects  would  modify  Eq.  (35)  to 

II  j  n  -{ffjj  +  r)4xrJ  (dll) 

With  stresses  r  present,  the  eritiral  misfit  would  lie  changed  from  the  values  in  Table  I 
In  values  <!,  given  by 

fit  =  rn  -  y/Hr/itK  (17) 

If  r  were  of  the  order  of  the  coherency  stresses,  as  would  Imt>  the  case  for  microcracks, 
surface  aspertirs,  disrtiuations  [I  I],  or  inclusions,  the  critical  misfit  could  be  appreciably 
reduced. 

2.  Mnlliplirnhnti 

The  nuclealion  rate  is  so  dependent  on  ro  and  r  that  it  changes  from  a  negligible  value 
to  an  enormous  value  over  a  small  range  of  stress.  Contrariwise,  the  rale  of  dislocation 
multiplication  and  the  dislocation  velocity  are  much  less  stress  dependent.  For  example, 
under  phonon  or  electron  damping  control  the  dislocation  velocity  is  linear  in  stress.  To 
lake  account  of  this  weaker  strain  dependence,  Dodson  and  Tsno  [fiO)  have  introduced 
the  useful  concept  of  excess  stress  to  drive  the  dislocation  multiplication  processes.  If  the 
critical  coherency  stress  for  thermodynamic  stability  is  tr,  when  c,  satisfies  Eq.  ( 18),  for 
example,  the  driving  force  for  dislocation  motion  would  be  7cro  when  a  equalled  <rn.  If 
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the  coherency  stress  n  were  greater  than  ir,t  (he  term  n»  would  act  m  a  drug  stress  and 
the  driving  force  would  he  related  to  wmf  function  of  the  excess  stress  (<r  -  <r«). 

In  general,  the  critical  stress  for  nudeaUon  greatly  exceed*  tr,  so  that  if  nncleation 
is  the  constraint  to  dislocation  injection,  multiplication  and  motion  will  be  rapid  and  the 
excess  stress  considerations  will  Ire  unimportant  in  controlling  dislocation  generation.  If  a 
few  dislocations  are  already  present  in  the  structure,  however,  multiplication  can  occur  at 
stresses  well  Irelow  those  required  for  nucleation.  Under  these  conditions,  the  concept  of 
a  critical  excess  stress  to  produce  an  appreciable  rate  of  dislocation  generation  becomes 
important.  Dodson  and  Tsao  have  shown  that  this  leads  to  a  kinelically  controlled, 
required,  critical  thickness  A*  greater  than  the  thermodynamic  value  aa  schematically 
illustrated  in  Fig.  13.  The  excess  stress  monotonieally  increases  with  increasing  strain 
rale  or  dislocation  generation  rate.  Hence  A*  is  a  kinetic  factor  such  that  A*  for  a  given 
dislocation  content  decreases  with  increasing  lime  period  of  consideration. 

VII.  Summary 

Equilibrium  arrays  of  misfit  dislocations  in  layer  structures  <«rc  treated  in  the  Voltcrra 
dislocation  model,  bong  range  interactions  lead  to  deviations  from  the  early  dipole  re¬ 
sults  for  the  equilibrium  critical  layer  thirkness  and  have  the  ini|>ortanl  consequence  that 
asymmetrical  arrays  arc  favored  for  the  regime  of  a  small  ratio  or  layer  thickness  to  misfit 
dislocation  sparing.  Once  the  rrilical  thickness  is  reached,  the  energy  decreases  monolou- 
irally  with  dislocation  sparing  until  the  equilibrium  sparing  is  reached  so  that  there  is  no 
thermodynamic  constraint  to  achieving  the  equilibrium  array.  Several  cases  of  dislocation 
spreading  are  considered. 


The  nnclenimn  of  dislocations  is  considered.  Nucleation  in  Ihr  absence  of  extrinsic 
forces  or  defects  is  found  to  be  unlikely  except  for  Uic  case  of  a  partial  dislocation  nu¬ 
cleating  at  a  vicinal  surface  in  a  material  with  low  stacking  fault  energy.  The  nucleation 
constraint  lends  to  a  lower  bound  in  misfit  below  which  nucleation  is  unlikely,  a  factor 
that  should  be  of  practical  importance  in  the  use  of  strained  layer  structure  in  applica¬ 
tions.  The  interrelation  of  nucleation  and  the  overstress  needed  for  dislocation  generation 
is  considered. 
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Figure  Options 

Figure  I.  Representation  of  (a),  coherent  interface,  (b),  relaxed  crystal*  with  mi»IU  di»* 
locations,  (r),  misortentatton  dislocations,  and  («J),  combined  dislocations. 

I  Figure  2.  Projection  of  simple  mine  lattice*  along  (0  0  1)  parallel  to  a  (.1  l  0)  twin 
Imundary.  Grid  is  the  DSC  lattice  and  ball*  are  atom  positions.  Different  atom 
configurations  across  twin  plane  on  two  sides  of  II)  indicate  different  fault  energies. 

Figure  .1.  Ledge  translational  disl«*eal»ons  at  an  interface  ledge  wilh  Burgers  vector  equal 
to  ihe  difference  in  inlerplanar  spacing  at  the  interface. 

Figure  I.  (a), alternating  stresses  in  a  strainer!  layer  structure  in  a  fee  crystal,  and  (b), 
projection  of  a  single  A  layer. 

Figure  5.  Surface  tractions  at  free  edge  of  specimen  anti  resulting  shear  strrssc*  <T|j. 

Figure  <5.  Creation  of  set  I  and  set  II  detentions  illustrated  for  one  dipole:  creation  at  I 
and  separation  via  2  to  etpiilibrium  position  3. 

Figure  7.  I*t|uilibrium  arrays  f*»r  h  slightly  greater  than  hf:  (a),  hr  <  A,  (b),  ht  >  A. 

Figure  8.  Phil  of  h  (/A  versus  4/A  fi*r  Ihe  single  dipole  rase  of  Kq.  (16)  and  for  the 
multiple  dipole  rase,  K(|s.  (21)  anti  (23).  Valiicsof  ,Ve  are  nolctl  for  the  multiple 
dipole  case. 

Figures.  Combined  dislocations  formed  by  glide  on  (0  I  l)(l  I  I):  (a),  single  dipole,  (b), 
multiple  dipole. 

Figure  10.  View  parallel  to  the  (0  0  I)  interface  of  the  spreading  of  a  )  (0  I  I)  dislocation 
on  (I  I  i):  (a),  view  nlon;;  the  direction  [i  I  0)  of  spreading  and  parallel  to  the 
glide  plane,  (l>)  view  along  [i  i  0],  perpendicular  to  b,  to  (,  and  to  the  direction  of 
spreading. 


2A 

Figure  1 1.  Free  surface  version  of  Fin;.  10.  Image  dislocation  shown  as  dashed  line. 

Figure  12.  Crilical-sixcd  glide  dislocation  nuclei  for  several  cases  wilh  the  Burgers  verlor  in 
(he  plane  of  (he  loop:  (a),  nudeation  within  bulk  A  layer,  (b),  nudeation  at  a  singular 
surface,  requiring  ledge  creation,  (r.),  nudeation  at  a  vicinal  surface,  removing  a  ledge, 
(d),  nudeation  in  the  interface  plane  at  a  crystal  edge  and,  (e),  nudeation  within  an 
A  layer  for  the  case  that  tv  >  A'. 
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ABSTRACT 

Nurlenlinu  of  dislocations  within  n  strained  multilayer  and  at  a  singular  or  vicinal 
multilayer  surface  is  considered  for  typical  compound  semiconductor  and  metal  eases. 
The  results  indicate  that  strainer!  multilayer  structures  arc  stable  against  dislocation 
injection,  even  when  the  layer  thickness  exceeds  the  thermodynamic  critical  thickness  for 
misfit  dislocation  stability,  in  the  alrsencc  of  defects  or  large  external  stresses.  An  exact 
energy  calculation  for  spreading  of  a  threading  dislocation  in  CinAs  layer  is  also  presenter!. 
The  results  slum*  thnl  In  the  absence  of  any  jog  formation,  there  is  no  barrier  to  spreading 
at  ««r  above  the  thermodynamic,  Mallhewsdllakeslee  critical  layer  thickness.  Moreover, 
reversible  spreading  to  an  equilibrium  standoff  distance  occurs  for  thicknesses  smaller  Ilian 
the  critical  thermodyuamir  value  an  effect  (hat  can  lead  to  dissipative  reversed  dislocation 
motion  under  alternating  driving  forces. 
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I.  INTRODUCTION 

In  recent  years  there  lias  been  renewed  interest  in  the  study  of  strained  multilayer 
structures  with  alternating  composition  or  phases  because  of  their  potential  for  electronic 
applications.1  Many  of  these  applications  require  the  multilayer  structures  to  be  disloca¬ 
tion  free.3  However,  the  misfit  caused  by  the  lattice  mismatch  between  adjacent  layers 
*'i  a  multilayer  structure  enhances  the  likelihood  of  dislocation  formation.  Qltscrvations 
indicate  that  the  accomodation  of  misfit  between  layers  in  a  multilayer  structure  is  purely 
by  elastic  strains  below  a  critical  thickness  of  the  layers  whereas  it  ran  be  shared  between 
dislocations  and  elastic  strains  above  this  critical  thickness.  1  However,  the  fraction  of 
misfit  accomodated  by  dislocations  is  often  found  to  be  less  than  that  expected  on  the 
basis  or  purely  thermodynamic  considerations,  probably  because  of  kinematic  constraints 
to  dislocation  formation. 

Nuelealion  is  one  of  the  possible  kinematic  constraints  to  the  generation  of  disloea 
lions  in  strained  multilayer  structures.  Nuelealion  of  perfect  dislocation  loops  in  the  bulk 
has  been  previously  discussed  by  Frank*1  and  that  of  petfecl  and  partial  dislocation  half- 
loops  at  a  free  surface  by  IHrlh/  Matthews1'  presented  a  partial  version  of  the  latter  work, 
deriving  an  expression  for  the  cri  Heal -sized  loop  and  discussing  it  but  not  considering  the 
nuelealion  rale  in  detail.  Marco  el  al*  have  also  reconsidered  Hie  problem,  including  the 
possibl’ly  of  surface  nuelealion,  but  they  also  focus  on  the  loop  energy  and  not  the  rale 
equations.  Finally  nuelealion  at  the  edge  of  a  multilayer  has  been  treated  10  in  the  region 
of  varying  shear  stress  in  the  approximation  that  the  shear  stress  has  a  constant  value 
equal  to  the  limiting  value  al  the  free  lateral  surface. 

In  this  treatment  we  consider  the  nuelealion  of  perfect  and  partial  dislocation  loops 
both  in  the  interior  and  on  two  types  of  free  surface  parallel  to  the  multilayer  interfares: 
on  a  singular  surface,  amt  on  a  vicinal  surface,  with  emphasis  placed  on  the  rale  equations. 
The  example  selected  is  that  of  a  diamond  cubic,  or  metallic,  (001)  interface  ns  shown 
in  Fig.  I.  The  loops  are  assumed  to  be  formed  in  a  region  where  the  shear  stress 
associated  with  the  free  edge  surface  boundary  conditions  nre  negligibly  small  and  lienee 
the  nmiplicn lions  of  varying  coherency  stress  fields  arc  absent.  The  earlier  treatments 
r’~3  are  extended  by  including  the  influence  of  the  line  energy  associated  with  the  surface 
ledges  that  participate  in  the  surface  nuclcnlioit  events. 

We  also  consider  Hie  spreading  of  a  threading  dislocation  in  an  exact-energy  model 
for  the  bowing  dislocation,  explicitly  including  Hie  interaction  energy  of  the  moving  dis¬ 
location  segments  with  the  remainder  of  the  threading  dislocation. 

II.  NUCLEATION  FORMULATION 

The  procedure,  in  each  case  involves  calculating  the  total  energy  associated  with  the 
mirlcnlion  of  a  dislocation  loop  which  is  the  algebraic  sum  of  llie  self-energy  of  the  loop, 
Hie  coherency  strain  energy  released  because  of  the  formation  of  the  loop  and  any  energy 
required  fur  creating  n  new  surface  step  or  a  slacking  fault.  Maximizing  this  total  energy 
with  respect  In  the  loop  radius  r,  one  can  find  the  radius  (re)  and  energy  (lie)  for  a 
rrilicnl-sized  loop  that  can  grow  with  a  decrease  in  free  energy. 

hi  accord  with  standard  rale  theory11,  the  concentration  of  critical  nuclei  (n* )  is 
given  by 

n  =  mnxpi-Wefkr)  (I) 


I 


where  ii|  Sf  I  /4a  is  the  concentration  of  single  atoms  per  unit  volume,  k  is  lltc  Boltzmann 
constant  and  T  is  the  nlrsolutc  temperature.  The  nuclcnlion  rnle  is  given  by 

J  =  Zun  (2) 

where  7.  Si  0.1  is  the  Zeldovich  factor  nml  w  =  (8xre/6)iq  is  the  frequency  factor  with  v* 
the  Debye  frequency.  Typically  w  ss  and  »i  1053ec~'  so  Rq.(2)  becomes 

J  =  It)3'5 exp  (-IKr/Jt7>r-,.rl  (.1) 

For  miclenlimi  In  he  important,  J  must  equal  a  rrilical  observable  value  J\  Here,  unlike 

the  earlier  treatments/*7  we  take  the  critical  rale  as  one  nuclealinu  event  in  a  thin  mul¬ 
tilayer  in  a  few  Lhoiisauil  seconds  or  one  event  in  a  region  of  10"  ■*  to  tO"’Vc,  typical  of 
a  region  viewed  in  an  electron  microscope:  cither  estimate  gives  ./*  =S  *|Ti»» 

condition  that  must  he  satisfied  fi>r  nuclcnlion  to  he  observable  is  thus  given  by  Kq.(.l) 
with  J *  substituted  for  J  or 

He  <37  kT  (I) 

The  solution  of  Kq.(*l)  gives  the  critical  radius  and  misfit  (rj)  needed  for  nuclcnlion  In  he 
observable  in  strained  multilayers,  bet  us  now  consider  the  individual  cases  to  obtain  the 
expressions  for  rK  and  UV- 


A.  interior  loop 


I.  Perfect  Dislocation 


We  consider  the  case  of  a  nuclcnlion  of  jv  lanp  or  a  combined  ^  (0 1 1)( 1 1 1)  perfect 
dislocation,  as  shown  in  Fig.  2,  in  the  approximation  Hint  the  elastic  constants  of  the  two 
materials  in  the  layer  structures  are  the  same.  Also  we  consider  I  he  usually  observable 
rase*  of  a  glide  dislocation  on  the  (121)  plane  inclined  to  the  (001)  inlcrfnce. 

The  self-energy  of  the  loop  of  radius  r  is  given  by 


H’l 


/i£r  (2  -  v) 
•I  (I  -v) 


Mjp-) 


P) 


where  //  is  the  shear  modulus,  v  is  the  Poisson’s  ratio,  h  is  the  magnitude  ,jf  the  Burgers 
vcc.lor  and  e  is  the  Nnpe.rian  logarithmic  base.  Here,  we  have  taken  the  core  cutoff  radius 
to  be  that  characteristic*3  of  diamond-cubic  materials,  r#  =  b/, 3.  The  coherency  strain 
energy  released  because  of  the  formation  of  the  loop  is  given  by 


lTj  =  — ffjjixr3  = 


xb/tKCor 7 


(«) 


where  k  =  Here,  see  Fig.  2,  ea  »  A  a/  <  a  >  '..1  the  misfit  strain,  with  Am  die 

difference  and  <  «  >  the  average  of  the  lattice  parameters  of  the  two  materials  and VtJ 
is  the  shear  stress  resolved  on  the  glide  plane  and  in  the  glide  direction.  We  suppose  the 
thicknesses  of  the  multilayer  components  arc  equal.  Other  cases  can  be  easily  determined 
from  the  following  results  by  the  use  of  alternative  forms  relating  <„  nnd  A  a,  see  ref.  (10). 


Mnxitnirng  the  lolnl  energy  (M''i  +  llj)  gives  the.  radios  of  the  criiical-sixcd  loop  (r«) 


ns 


M  (2-»)  /B  ,24r<. 

TTtoT,  (l+W  1  6e  > 


mul  the  energy  of  the  critical-aim!  loop  (IFe)  m 


(7) 


(») 


2.  Partial  Loop 

In  diamond  cubic  structures  the  perfect  dislocation  ^[01 1  j  rati  dissociate  into  pnrlinls 
4  (Il2]n...l  i  (181).  Hence,  the  nuclcalion  of  a  partial  loop  is  of  interest,  for  which 


Ijfjr  (2  -  v) 

•I  (I-*) 


M 


(0) 


where  bp  is  the  magnitude  of  the  Burgers  vector  of  the  partial  dislocation  and  is  equal  to 
0.577i  and, 


Hj 


(in) 


where 


3  vgftA 

libpK 


O') 


with  7 ,/  being  the  stacking  fault  energy  and  the  term  containing  y,j  being  the  modifica¬ 
tion  in  the  energy  associated  with  the  area  sr1  of  created  stacking  fault.  Mnxiiiimug  the 
total  energy  we  find, 


re 

and  U*e 


U,  (2-v) 
■I (l  +  *0 


Itb^rc  (2-y) 

8  (l-v) 


(12) 

(13) 


D.  Singular  Surface 
I.  Perfect  Dislocation  loop 

Consider  Hie  nurJcntinn  of  a  loop  of  a  perfect  ^  (01 1]  (111)  dislocation  on  a  singular 
free  surface  of  a  multilayer  as  shown  in  Fig.  3.  Because  of  the  energy  c  7 h  of  the 
created  surface  ledge,  where  7  is  the  surface  energy  of  the  ledge  face,  the  loop  of  radius 
of  curvature  r  will  meet  the  surface  at  a  contact  angle  8  determined  by  a  balance  of  ledge 
line  tension  c  with  the  dislocation  line  tension: 


(15) 


llic  energy  for  Hit*  formation  of  such  a  loop  is 


ir,  = 


IjPr  (2  -  y)-  (*--0) 
*1  (I  —  v)  r 


The  coherency  strain  energy  released  is 


IVj  s=  — ^/rAKC#rl[(^  -  0)  +  cos 0 sin  0] 


(16) 


There  is  also  nn  additional  energy  term  associated  with  the  formation  of  the  surface  ledge 
that  is  given  liy 

it's  =  2r74s?n0  (17) 

Maximizing  the  total  energy  (U'i  +  H’j  +  IK3),  one  finds, 


_  v/fi  6(2-v) 


%<o  ( 1  +  v)  -  0)  +  COS03in0j 


nndIKe-  „  (1_j/) 
2.  Partial  Dislocation  Loop 


(18) 


(in) 


For  the  case  of  a  partial  dislocation  loop  nucleating  on  a  singular  surface,  the  energy 
for  the  creation  of  the  loop  is  given  by 


...  _»)(»_#)  .Nr 

"’-—(I-,,)  „  Mj^r) 


The  coherency  strain  energy  released  is  given  by 

-V* 17 


U  j  = 


/i4j,KC*r*[(jr  —  6)  +  cos  $  sin  9] 


(20) 


(21) 


where  c'a  is  given  by  equation  (li).  The  energy  for  the  creation  of  the  surface  ledge  (ll’a) 
is 

Ua  =  21-76,  sin*  (22) 

% 

Maximizing  the  total  energy  we  find 


re  = 
where  A  = 


3y/2tp(2-y)  (ir  -  9) 

8  i,  ( I  +  v)  a((jr  —  6 )  +  co.ifatn*] 

f87smg(l  -i/)  r  , 

1  ;<i>  (2-1 /)(t-*),  +  1 


M^) 


(2.1) 
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C.  Vicinrd  Surface 
I.  Perfect  Dislocation  hoop 

Consider  Uic  nuclcnlion  of  n  loop  of  *  perfect  [Oil )  (III)  dislocation  on  a  vicinnl 
surface  of  a  multilayer  ns  shown  in  Fig.  •!.  The  value  of  9  is  given  by  equation  ( 1*1)  for 
this  case  also,  resulting  from  the  line  tension  balance  Tor  the  case  of  Firj.  .1.  The  energy 
for  creation  of  such  a  loop  is 

= m 
•I  ( I  -  i/)  x  '  bn7 ' 

Here  the  culolf  distance  R  is,  inslend  of  the  loop  diameter  2r,  the  normal  distance  from 
the  deepest  part  of  the  loop  to  the  corresponding  image  dislocation  and  is  given  by 

1.63-lr  (I  —  cos  9)  (20) 

The  coherency  strain  energy  released  is 


It  j  =  — j~/f4«orJ(0  —  sin  9  cos  8] 


The  energy  associated  with  forming  the  surface  ledge  is  again  given  by  Eq.  (17). 
Maximizing  the  total  energy  with  respect  to  r,  \vc  determine 

Vgl(2  -  u)  9  ,  !9.G0(l  -  cos*)rex 

r‘~8f/(l  +  *)ir  bc*+7  ' 

where  A* » 4?)  -  I 

1  lib  (2 

,  I‘b7rc,2  -  u^9  ,  f  19.00(1  —  cns0)re^ 

"wl  "■*  “  — <-  < — b‘~> 

2.  Partial  Dislocation  lamp 

For  a  partial  dislocation  loop  nucleating  on  a  vicinal  surface 

4  (l-y)jr  6fe7/ 

-\/2 

tl-j  =  ■  ithrKc'9r7[9  —  sin  0  cos  fl] 
and  U  3  =  2rjbrsiti  6 

Maximizing  the  total  energy  with  respect  r,  vve  find 


3\/26p  (2  —  u)  ,  ,  19.00(1  —  cos 0)reN 
re"  8r'  ( I  +  v)  4,CA'«  > 


_  l^c[2-u)9  .  19.60(1  -co*g)re> 

e_  8  (1-i/)t  1  6BftA'+i  ] 


III.  THREADING  DISLOCATION  MOTION 


We  consider  the  same  glide  system  as  in  Fig.  2,  with  the  bo  won  l  configuration  as 
shown  in  Fig.  fin  and  b.  Also,  we  suppose  that  the  threading  dislocation  is  initially 
inclined  on  the  glide  system  so  ns  to  be  initially  straight.  This  will  give  a  lower  bound 
to  the  blowout  energy  since  added  energy  would  be  required  to  create  a  jog  E,  Fig.  fie,  ir 
the  threading  dislocation  were  initially  normal  to  the  interface.  The  total  energy  of  this 
configuration  is  given  by  an  alternate  limit  of  the  result  given  for  a  double  kink  in  ref. 
(13). 


W  =  ./‘m  AIK  (3fi) 

M  oo 

where  A  IK  =  2\Vinl(CA)  -  2U',n((C'.<l)  +  IKfn<(0,  £) 

+  2tK,(0)  (30) 

Here  Wj  is  the  self  energy  of  segment  I)  and  W,*nj(CA),  for  example,  is  the  interaction 
energy  between  segments  C  nnd  A.  Exact  values,  within  the  isotropic  elastic  approxima¬ 
tion,  are  available  13  for  the  segment  interaction  energies  and  self-energies.  'Inking  the 
limit  M  -♦  oo,  one  finds 


,r'  -  + “’)*  -  - + *' ji’1 

whtrr  />  rs  if  r=  j  and  h'  =  ^/i.  'Flic  coherency  strain  energy  released  because  of  the 
spreading  is  given  by 

Il'j  =  —  /li/ty/nt  (38) 

In  the  limit  a  >>  h,  the,  Mallhews-Blakcslce  result  for  the  critical  thickness  h*,  above 
which  spreading  should  occur  in  a  simple  line-tension  model,  is  obtained  by  setting  IKj  = 
IKj.  The  result  is 

A*  =  (n  (-)  (39) 

djrf#(l+v)  ve/>'  v  ' 


IV.  RESULTS  AND  DISCUSSION 
A.  Nuclention 

The  radius  of  the  critical-sized  loop  (re)  and  the  critical  misfit  (t^)  required  for 
nuclention  to  be  observable  were  calculated  for  all  the  above  cases  for  a  gallium  arsenide 
(GaAs)  and  a  silver  (Ag)  layer  in  the  respective  multilayer  systems:  GnAs-X  nnd  Ag-X. 
Here  X  would  represent  the  respective  semiconductor  compound  or  metal  for  the  second 
constituent  of  the  multilayer.  The  properties  used  in  the  calculations  for  the  GaAs  layer 
were  /i  =  <l8(7/>u,  v  —  0.23,  b  =  O.-lnm,  7  =  1.725  kJ/m7  and  7 tj  =  *10  mJ/m7  while 
those  for  the  Ag  layer  were  /i  =  33.8  GPa,  v  =  0.35*1.  b  —  0.2880nm,  7  =  1.H0  kJ/tn7 
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nml  7 ,j  =  ICmJ/m*.  Also  for  liic  silver  ease  the  culolT  radius  is  Dial  characicrislic  in  a 
nielal,  r„  ss  so  n  factor  «  appears  in  llic  denominator  of  the  logarithmic  term  for  all 
II',  equations.  The  values  of  ^  and  cj  nl  293K  and  1000K  arc  listed  in  Tables  I  ami  2 
for  the  GnAs  layer  anti  the  Ag  layer,  respectively. 

Tables  I  and  2  reveal  that  nuclealion  is  mote  iikely  at  IflOQK  than  at  293K  ns  in¬ 
dicated  by  the  relatively  lower  misfits  requires!  at  1000K.  When  all  the  other  factors  arc 
equal,  nuclealion  on  a  vicinal  surface  is  more  favorable  than  nuclealion  of  an  interior 
loop  nr  nuclealion  on  a  singular  surface.  Also,  the  critical  misfits  required  for  nuclealion 
to  be  important  are  relatively  lower  for  the  Ag  layer  than  for  the  GnAs  layer.  In  most 
compound  semiconductors  the  misfit  is  typical!*  less  than  0.01.  A  comparison  with  the 
critical  misfits  for  the  GaAs  layer  for  any  type  of  nuclealion  shows  that  the  critical  mir.fils 
are  much  larger  than  0.01.  This  suggests  that  nuclealion  of  dislocation  loops  is  highly 
unlikely  in  compound  semiconductors  such  ns  the  GaAs-X  system  in  the  absence  of  some 
exlrinsirally  imposed  external  stress  nr  of  a  defect  such  ns  a  mierncrnck.  The  present 
results  closely  parallel  those  for  nuclealion  at  a  free  edge  surface10  in  showing  that  nil* 
clenLion  is  highly  unlikely  unless  defects  or  large  external  stresses  are  present.  The  above 
solutions  are  valid  when  the  critical-sized  loop  lies  entirely  within  a  given  layer,  that  is 

when  rc  <  li/'i  <  fa-  When  the  radius  exceeds  A*/2,  the  critical  configuration  would 

be  that  in  Fig.  fi,  ns  discussed  by  Matthews.7  However,  as  indicated  in  Tables  I  and  2, 
the  small  values  of  re  for  all  eases  of  nuclealion  arc  such  that  the  condition  h!/1  <  re  is 
very  unlikely.  Were  h  to  be  so  small  that  It1  / 2  <  rK,  nonlinear  clastic  interactions  between 
interfaces  would  become  important  along  with  other  second-order  effects  not  considered 
in  the  present  treatment. 

B.  Threading  Dislocation 

The  properties  used  in  the  calculations  for  spreading  of  a  threading  dislocation  are 
those  given  above  for  a  GaAs  layer  in  a  GaAs-X  multilayer  system.  Plots  of  total  energy 
(W)  versus  the  dislocation  spreading  length  (a)  for  several  layer  thicknesses  h  are  shown 
in  Figs.  7-9.  For  values  of  I,  below  a  critical  value,  the  total  energy  W  initially  decreases 
with  increasing  a,  goes  through  a  minimum  and  then  increases  monolonically.  Above  a 
critical  value,  A*,  the  total  energy  monolonically  decreases  with  increasing  a.  The  critical 
layer  thickness  was  found  to  be  G 1 .85  inn  in  agreement  for  the  present  geometry  with  the 
Mallhews-Blakcslcc  limiting  value3-5  of  A',  equivalent  to  the  infinite  dipole  result  of  Rq. 

(39). 

Above  the  critical  thickness  IP,  the  dislocation  spreads  spontaneously  with  a  mono- 
tonic  decrease  in  free  energy,  equivalent  to  the  Mallhcws-Blakeslee,  result.3-5  Below  the 
critical  thickness  there  is  some  spreading  to  an  equilibrium  position  a*  given  in  Fig.  10. 
This  spreading  has  an  analog  in  the  reversible  bowing  of  a  pinned  dislocation  under 
bowoul stresses  less  than  the  critical  value  for  breakway.  lienee,  analogous  to  the  pinned 
dislocation  rase,  there  could  be  dissipative  reversed  dislocation  motion  for  the  multilayer 
analogous  to  the  Graualo-bucke  process  for  pinned  dislocations." 

For  the  configuration  of  Fig.  5c,  the  W-a  relation  is  equivalent  to  that  in  Figs.  7-9 
for  large  a.  However,  because  of  the  necessity  of  creating  the  jog,  there  will  be  an  energy 
barrier  of  the  order  of  a  jog  formation  energy  to  spreading  even  when  the  thickness  is 
equal  to  the  Mallhcws-Blakeslee  critical  value. 


HI 


V.  SUMMARY 

Nuclcalion  of  dislocations  within  a  strained  multilayer  and  at  a  singular  or  vicinal 
multilayer  surface  is  considered  for  aGaA.,  and  a  Ag  multilayer  component  layer.  Previous 
results  are  extended  to  include  line  tension  balances  at  the  free  surface.  In  all  eases 
at  293 K  and  for  most  eases  at  I000K,  nuclcalion  docs  not  occur  for  coherency  strains 
below  the  theoretical  failure  strain  of  a  perfect  crystal.  Nuclcalion  occurs  for  the  partial 
dislocation-vicinal  surface  case  but  only  at  very  large  misfit  strains.  The  implication  is 
that  strained  multilayer  structures  are  stable  against  dislocation  injection,  even  when 
the  layer  thickness  exceeds  the  thermodynamic  critical  thickness  for  misfit  dislocation 
stability,  in  the  absence  of  defects  or  large  external  stresses.  Hence,  if  a  dislocation-free 
structure  can  be  grown  it  should  have  enhancer!  stability  relative  to  the  thermodynamical 
stability  limit.  The  results  arc  lower  bound  calculations  for  critical  thicknesses  in  the 
sense  that  we  do  not  consider  the  resistance  to  dislocation  motion  once  dislocations  are 
nucleated.  Lattice  resistance,  extrinsic  defects,  and  frictional  damping  terms  15  would 
lead  to  shifts  of  critical  thicknesses  to  larger  values  than  those  considered  here. 

Ah  exact  energy  calculation  is  also  presented  for  the  spreading  of  threading  dislo¬ 
cations  in  multilayer  structures.  The  results  show  that  in  the  absence  of  jog  formation, 
there  is  no  barrier  to  spreading  at  or  above  the  thermodynamic  Matlhews-Blakcslrc  criti¬ 
cal  thickness  h*.  Moreover,  reversible  spreading  to  an  equilibrium  slaudoir distance  occurs 
for  thicknesses  smaller  than  h*.  This  process' can  lend  to  dissipative  reversed  dislocation 
motion  under  alternating  driving  forces.  With  the  requirement  for  jog  formation  in  the 
initial  stages  there  is  a  barrier  In  spreading  for  thicknesses  in  the  vicinity  of  h*. 
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Fig. I  A  pair  of  layers  from  adiamond  cubic  multilayer  structure  *  (001)  interface. 

Fig.2  Nuelralion  of  a  loop  of*  perfect  $  (01l](lH)  dislocation  within  a  strained  mill* 

lilayer. 

F ig.3  Nurlcnlion  of  a  loop  of  combincil  \  (0J  l](l  1 1)  dislocation  al  a  singular  surface 
in  a  strained  multilayer. 

Fig.d  Nurlcnlion  of  a  loop  of  combined  \  (01  l](l  1 1)  dislocation  at  a  vicinal  surface  in 
a  strained  multilayer. 

lMg.fi  View  parallel  to  the  (001)  interfnrc  of  the  spreading  of  a  $  (Oil (dislocation  on 
(III):  (a)  view  perpendicular  to  h  and  £,  (b)  view  pnrallel  to  the  glide  plane  and 
(r)  view  as  in  (b)  but  with  a  dislocation  with  a  jog  E. 

Fig.fi  Critical  configuration  of  dislocation  loop  when  the  radius  exceeds  h'/'i, 

Fig.7  Total  energy  (W)  versus  dislocation  spreading  length  (a)  for  e*  =  0.01  and  h  = 

10  mn. 

Fig.8  Total  energy  (W)  versus  dislocation  spreading  length  (a)  for  c,  :=  0.0 1  and  It  = 
.10  tun 

Fig.9  Total  energy  (W)  versus  dislocation  spreading  length  (a)  for  f#  =  0.01  and  h  = 
70  nm. 

Fig.  10  Equilibrium  dislocation  spreading  length  (a*)  versus  normalised  layer  thickness 
(li/li*)  for  cfl  =  0.01. 


Fig-2  Nnclcationofaloopofaperfcct  J  [Oilj(lll)  dislocation  wilhin  aslrnincd  mul¬ 
tilayer. 


Fig.3  Nuclcalion  of  a  loop  of  combined  ^  [01  l)(J  ll)  dislocation  at  a.  singular  surface 
in  a  strained  multilayer. 


Fig.!  Nudcalion  of  a  loop  of  combined  £  (0U](llI)  dislocalion  at  a  vicinal  surface 
a  strained  multilayer. 


perpendicular  to  b  and  f,  (l>)  view  parallel  lo  llic  glide  plane  and 
10  blit  with  a  dislocation  willi  a  jog  B. 


Fig.fi  Critical  configuration  of  dislocation  loop  when  the  radius  exceeds  1//2. 
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The  growth  mechanism  foe  small  precipitates  of  AI.O.  formed  by  internal  oxidation 
in  the  Nb-Al;0»  interface  is  studied  in  detail  The  observation?  show  that  the 
Nh  tOOU/Al/Oi  (001)  interface  is  almost  atomically  flat  and  that  there  are  no  interface 
compounds.  We  suggest  that  the  final  layer  on  the  AI;Oj  side  of  this  interface  const*!*  or 
oxygen  atoms.  The  effects  of  image  forces  on  misfit  dislocations  are  found  to  result  tn  a 
standoff  distance  between  dislocation  cores  and  the  interface,  m  good  agreement  with  the 
recent  theory.  The  implications  of  this  for  the  strength  of  metal-ceramic  bonding  arc 
discussed. 


I.  INTRODUCTION 

The  study  of  the  atomic  structure  at  mctat-ccramic 
interfaces  is  important  for  both  fundamental  and  applied 
reasons.  The  niobium-sapphire  system  studied  here  has 
applications  including  Joseph  son  junctions  and  structural 
ceramics,  and  has  been  widely  studied  as  a  model  sys- 
tern.' '  Structural  ceramics  must  be  bonded  to  metals.  The 
applicability  of  the  ceramic  depends  mainly  on  the  fracture 
resistance  of  the  bond.  An  understanding  of  the  adhesion 
between  the  dissimilar  materials  requires  that  structural  de¬ 
tails  are  available  down  to  the  atomic  level.  Recently  it  ha* 
become  possible  to  prepare  extremely  well-characterized 
Interfaces,  and  to  study  their  structure  at  atomic  resolution 
using  high-resolution  electron  microscopy  (HREM).  This 
technique  is  now*  capable,  in  favorable  cases,  of  determin¬ 
ing  the  atomic  structure  of  an  interface  of  known  composi¬ 
tion.1  It  >s  therefore  able  to  answer  such  ijue.uons  as  the 
location  of  misfit  dislocation  cores,  the  presence  or  ab¬ 
sence  of  reaction  layers,  and  the  degree  of  surface  rough¬ 
ness  at  interfaces  (on  an  atomic  scale).  It  Is  also  possible  in 
some  cases  to  determine  precisely  the  atomic  structure  at 
the  interface  plane  (see  Ref.  5  for  a  review). 

In  this  paper  we  report  a  study  of  the  growth  mecha¬ 
nism  of  Al:0.  panicles  formed  by  internal  oxidation  in 
Nb.  We  also  discuss  the  atomic  structure  of  the  Al»0}/Nb 
interface  and  find  that,  in  agreement  with  recent  elasticity 
calculations,4  the  misfit  dislocations  do  not  occur  exactly 
at  the  interface.  Rather,  due  to  image  forces,  their  cores 
are  set  back  a  small  “standoff  distance  into  the  Nb.  The 
implications  of  this  finding  for  the  strength  of  metal- 
ceramic  interfaces  generally  are  discussed. 

II.  EXPERIMENTAL 

The  Nb-Al  alloy  was  internally  oxidized  by  holding 
niobium  containing  3  at.  %  Al  at  1430  °C  for  40  min  at  a 


pressure  of  3  x  10"*  mbar  oxygen.  This  produces  the 
Al-O.  precipitates,  as  described  elsewhere.5  The  final 
specimens  for  the  electron  microscope  were  prepared  hs 
the  argon  ion  bombardment  of  cut  ami  dimpled  sample* 
They  suffer  little  radiation  damage.  However,  because  or 
the  slightly  different  thinning  rate  of  Nh  and  A|.Q«.  the 
thickness  on  the  Nb  side  is  always  a  little  greater  than  that 
on  the  Al-Oi  side  (see  Fig.  Halt 

The  electron  microscope  observation  was  performed 
m  a  thin  region  near  the  edge  of  the  sample,  using  a  JEOL- 
4000EX  (operated  at  400  kV».  The  wedge-shaped  region* 
show  the  full  variation  of  the  image  with  thickness.  The 
lattice  images  were  obtained  at  ihe  optimum  focus  condi¬ 
tion.  near  Schcrzcr  focus,  under  axial  illumination 

IM.  RESULTS  ANO  DISCUSSION 
A.  Structure  of  tho  Intorfoco 

Several  different  types  of  AI.O,  precipitates  were  ob¬ 
served  in  the  samples.  Figure  I  shows  an  electron  mi¬ 
crograph  and  the  corresponding  diffraction  pattern  of  u 
typical  AI.O.  panicle  which  was  frequently  observed.  In 
most  cases  the  panicles  have  a  plate-like  shape,  as  seen  in 
Fig.  1(a).  Figure  1(b)  is  a  selected  area  diffraction  pattern 
along  the  |I00|  Nb  zone  axis,  including  an  Al:Oi  panicle 
The  strong  diffracted  spots  from  the  Al;0,  particle  are 
consistent  with  the  a-AljO.  structure  along  the  |0I.U| 
zone  axis.  The  weak  extra  spots  along  the  c*  axis  arc  not. 
however.  Following  Mader,  this  phase  is  denoted  as  n‘~ 
AI.O,.  We  consider  it  to  be  a  four-layer  slacking  sequence 
variant  of  a-ALOj.  The  interface  shown  in  Fig.  1(a)  is  Nb 
(OinZ/AljO,  (00.1).  with  Nb  (I00I//AI.G,  |I2.0|.  This 
orientation  relation  has  lower  energy  than  any  other.1  Be¬ 
cause  of  the  different  thinning  rate  between  Nb  and  AI.O,, 
the  Nb  side  is  always  slightly  thicker  than  the  AI.O,  side. 
The  thickness  of  Nb  can  be  estimated  from  the  thickness 
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Irmgcs  The  thickness  in  the  first  and  second  dark  region 
t\.  respectively.  4  and  12  nm.  This  was  determined  by  a 
comparison  of  the  bright-held  Nb  images  with  many-beam 
Pcndellosung  calculations,  as  shown  m  Fig.  Itch 

Figure  2  shows  a  high  resolution  image  of  Fig,  It  a) 
near  the  crystal  edge,  The  Nb  thickness  changes  gradually 
trom  the  edge  to  about  10  nm  The  strong  long-range  con¬ 
trast  in  the  A!:Oi  panicle  is  due  to  a  slight  misalignment 
ot  crvstal  orientation.  It  is  clear  that  this  interface  is  atoini- 
calls  Hat.  and  there  are  no  reaction  layers  at  the  inter¬ 
face,  This  is  a  general  result,  found  for  all  the  interfaces 
studied.  At  the  interface  the  lattice  spaemgs  of  Nb  and 
AljO,  in  this  orientation  are  slightly  different  |t/(0  Ill 


Nb  «  0,2326  nm.  </(2i,0)Al:O»  -  0,2354  nni.  and  this 
value  was  mca>urcd  from  the  diffraction  pattern |.  This  dii- 
lerence  is  accommodaicd  hy  misili  dislocations.  In  Fig.  1. 
the  misfit  dislocations  can  be  clearly  observed  ott  hoih 
sides  of  the  Al:Oi  panicles,  as  indicated  by  the  arrows. 
They  are  arranged  with  approximately  equal  spacing.  It  is 
generally  considered  that  the  distance  L  between  disloca¬ 
tions  is  determined  by  the  difference  in  lattice  spacing  ot 
the  two  crystals.  To  obtain  an  accurate  value  of  L  the  dis¬ 
tance  between  dislocation  cores  was  measured  from  the 
HRENt  images,  and  the  average  value  found  was  L  ~ 
8.5  nm  r  0.2  nm.  According  to  simple  theory  L  *  d<tlt> 
(</,  -  </j).  (</,  *  0.2326  nm.  t /,  *  0.2394  nm).  L  is 
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8.19  nm.  The  experimental  value  it  thus  somewhat  larger 
than  the  calculated  one.  This  may  be  due  to  relaxation  in 
our  very  thin  samples. 

To  understand  the  bonding  mechanism  at  the  Nb/Al-Ot 
interface  it  it  important  to  determine  which  atom  plane 
forms  the  last  layer  at  the  interface  This  cannot  be  an¬ 
swered  definitively  without  detailed  image  simulations  for 
the  interface.  Despite  simulations  for  several  likely  models 
for  the  interface,  we  have  been  unable  to  obtain  a  satisfac¬ 
tory  match,  ouc  to  thickness  variations  along  and  across 
the  interface,  and  surface  roughness.  Al  and  0  are  bound 
by  covalent  forces  so  that  the  Al’O’Nb’  arrangement 
seems  to  be  reasonable  on  chemical  grounds.  In  addition, 
for  chemical  reasons  it  can  be  expected  that  the  outermost 
layer  of  Al;0>  will  contain  an  excess  of  O’,  since  Al-Oi  is 
much  more  stable  than  Nb<0<.  and  any  unsaturated  Al 
bonds  will  be  saturated  with  oxsgen.  which  is  present  in 
excess  during  the  Internal  oxidation  process.  Therefore  we 
assume  that  the  top  layer  at  this  interface  is  an  oxygen 
atom  plane. 

A  two-dimensional  model  for  this  interface  is  shown 
in  Fig.  3  The  top  layer  is  an  oxygen  atom  plane,  and 
along  the  (10.0)  direction  the  misfit  dislocations  observed 
in  HREM  images  allow  a  periodic  interface.  However,  at 
the  interface  the  Nb  and  0  atom  planes  have  difference 
symmetry.  As  shown  in  the  model,  the  Nb  period  L I  and 
Al  period  L2  along  the  (12.0)  direction  match  well,  since 
2*  (1.6436  nm)  *  S*L\  f  1.645  nm).  This  relationship 
keeps  the  Nb  (Oil)  and  AI.Oj  (00.1)  planes  parallel,  even 
though  they  have  different  symmetry. 

B.  Standoff  affoct  at  tha  Intarfaca 

Figure  4  shows  the  misfit  dislocation  core.  These  are 
dislocation  loops,  generated  as  the  panicles  grow  by,  for 
example,  mechanism  (3)  of  Ref.  9  (see  also  Ref.  10).  In 
this  mechanism,  a  dislocation  loop  is  generated  around  the 
end  of  the  panicle  as  required  to  accommodate  mismatch 
as  the  panicle  grows.  The  requirement  for  this  process  is 


that  the  self-energy  of  the  loop  plus  the  interaction  en¬ 
ergy  of  the  loop  with  the  precipitate  be  negative.  This  in 
turn  provides  a  condition  on  the  critical  panicle  sue  tor 
stable  growth  of  the  incoherent  panicle  Since  the  panicle 
growth  is  competitive,  wc  expect  iIhi>c  incoherent  panicles 
which,  by  an  accident  of  btnh.  have  access  to  mtxtu  dis¬ 
locations  to  grow  al  the  expense  of  smaller  coherent  pani¬ 
cles.  Very  aceuralc  thickness  determination  and  detailed 
image  simulations  could  be  used  to  determine  the  details 
of  the  atom  positions  at  the  dislocation  core,  if  it  were 
assumed  that  these  sessile  dislocations  arc  straight  and  un¬ 
affected  by  surface  relaxation.  For  our  purposes,  however, 
the  Scherzcr  focus  images  from  the  thinnest  regions  at 
0.18  nm  point  resolution  arc  sufficient  to  localize  the  dis¬ 
location  cores  to  within  about  0.2  nm.  It  is  clear  that  the 
misfit  dislocation  consists  of  one  extra  half  plane,  and  that 
its  strain  field  extends  about  4-3  layers  along  (Oil)  from 
the  core.  Most  of  the  core  does  not  lie  in  the  interface,  hut 
is  located  a  few  layers  away  from  the  interface.  This  aver¬ 
aged  "standoff’  distance,  measured  from  this  interface,  is 
0.54  nm. 

The  “standofT  distance  «/,  is  a  result  of  the  balance 
between  the  image  force  (normally  neglected)  and  adhe¬ 
sion  forces  due  to  bonding.  The  image  force  is  analogous 
to  the  corresponding  effect  in  electrostatics,  and  results 
from  the  requirement  that  stresses  and  displacements  must 
be  continuous  across  the  boundary  between  material  with 
different  shear  moduli  n,  (for  Nb)  and  M:  (for  AI.Ot).  A 
similar  effect  is  well  known  in  the  study  of  dislocations  in 
metals  approaching  oxidized  surfaces,  where  the  oxide  is 
found  to  repel  dislocations.  Since  M:  >  Mi-  (^e  misfit  dis¬ 
locations  are  also  repelled  in  our  system  from  the  interface 
into  the  softer  material.  A  detailed  analysis  of  the  standoff 
distance  for  the  Nb/AI-O,  interface  has  been  published/ 
in  which  it  is  predicted  that  d,  *  3.6  inteiplanar  spacings 
(using  Mi  s  28.7  GPa  and  m-  ■  179  GPa),  in  good  agree¬ 
ment  with  our  observations. 

To  understand  the  effect  of  the  standoff  distance  on 
(he  strength  of  the  interface  we  consider  a  crack  propagat- 
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inf  along  the  Nb  ( 1 10)  interface.  The  effect  of  variations  in 
</.  may  produce  a  .shielding  or  antishiclding  effect  on  the 
crack  tip,  depending  on  the  tip  position.  For  the  disloca* 
non.  wc  note  that  slip  is  commonly  observed  on  the  (110) 
interface  plane  (also  (112)  and  (123)  in  bcc  metals).  The 
force  on  the  dislocation  F  *  b<r„  *  tfb/.,  (6)/(2nr)i: 
may  be  calculated  for  u  pure  mode  I  crack  with  stress- 
intensity  factor  K.  (See  Ref.  7  for  plots  of fjti)  showing 
the  tf  regions  in  which  a  dislocation  is  attracted  or  repulsed 
from  a  crack  tip  in  a  homogenous  medium.)  A  complete 
stress  analysis  of  the  problem  of  a  dislocation  near  an 
interface  between  different  media  subject  to  forces  from  a 
crack  has  recently  been  completed/  However,  our  problem 
is  complicated  by  the  three-dimensional  nature  of  the  dis¬ 
location  loops,  und  their  behavior  on  the  other  particle 
laces.  For  an  infinite  interlace*  extensive  numerical  evalu¬ 
ation  of  the  expressions  given  in  Ref.  8  would  appear  to 
offer  the  only  possibility  for  determining  the  effect  of  vari¬ 
ations  in  </j  on  crack  propagation. 


C.  At|0,  parttel#  growth 

The  misfit  dislocations  on  each  side  of  the  particles 
arc  almost  symmetrically  located  across  the  particle,  us 
seen  in  Fig.  2.  This  suggests  that  the  misfit  dislocations 
are  loops  around  the  particles,  arising  from  the  initial  stage 
of  particle  growth.  The  mechanism  for  this  loss  of  coher¬ 
ence  in  growing  panicles  has  been  discussed  extensivelv  in 
the  literature/  10 

As  mentioned  previously,  most  of  the  panicles  hase  a 
plate-lihe  shape,  and  there  are  no  steps  on  the  Al:0«  has*i! 
plane.  Figure  5  shows  a  different  Al:0»  panicle  with  the 
hexagonal  symmetry  of  a-AriOi  (corundum).  the  inter¬ 
faces  (A.C)  between  Nb  (Oil)  anti  AriOt  (00.1)  are  also 
atomically  fiat.  Moir£  fringes  caused  by  Nb  und  AKO»  can 
be  seen  at  (he  R  ano  D  interface:  furthermore,  there  is  a 
large  step  at  D.  Tilts  evidence  indicates  that  the  Al:Ot  pre¬ 
cipitates,  whirl*  have  a-like  structure,  tend  to  grow  in  di¬ 
rections  normal  to  d*  C  axis  of  the  AKO,. 
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FIG-  4  StnKturt  Image  a  mofit  UithfCjiion  c me,  .Vck  “ytandotr  du* 
t*ncc  between  ok*  ami  intaUco  The  cone  d«%  m*  I*  esxtly  in  the 
plane  of  the  imerf*:*, 


Figure  6  shows  another  typical  ALO*  particle.  From 
the  diffraction  pattern,  this  particle  is  found  to  be  y- 
AUO».  At  the  A  and  C  interface  many  misfit  dislocation* 
can  be  observed:  on  the  other  hand,  there  are  complicated 


dislocation*  and  steps  in  the  Nb  crystal  near  the  B  and  I) 
interface.  The  dislocations  are  arranged  symmetrically 
against  the  (001 1  plane  indicated  by  the  white  lines,  and 
the  B.D  interfaces  arc  more  rough  than  the  A.C  inter¬ 
faces.  Larger  steps,  similar  to  the  one  in  Fig.  5.  can  be 
seen  at  the  interfxc  B.  During  ibc  panicle  growth.  n\\* 
gen  atom*  rotiM  he  Mippltcd  Irom  the  Mirfxv  It  iv  likely 
lhat  thcM?  oxvgcn  atoms  enter  at  surface  steps  on  the  'lip 
planes  of  the  Nb  erjM.il  \\c  suggest  that  the  Uishua 
linns  observed  at  the  H.l)  tnterl.ue  were  lormed  dwme 
the  partule  growth  Mep.  with  the  paitulc  growth  al**«. 
the  indicated  arrows  Growth  awtiutv  is  h*cii  oiiIj  at  then 
ends  ot  the  particle* 

IV.  CONCLUSIONS 

The  present  IIRIiNt  oh'crxatioiis  lead  to  the  hdMwnt., 
vtmcIu*ions,  The  interna!  oxidation  m  Nh-AI  alloy  d*v* 
not  produce  any  intermediate  compounds  at  Nb  AI.O 
interfaces.  The  interface  between  Nb  (Oil)  and  o-AI;0* 
<00* I)  is  atomically  flat.  The  observed  distance  between 
misfit  dislocations  at  the  intcrfxc  is  larger  than  that  euleu* 
lated  by  simple  theory.  The  outermost  ALO*  layer  at  this 
interfxe  is  believed  to  consist  of  oxygen  atoms. 

The  standoff  effect  which  has  been  predicted  from 
theoretical  work  has  been  confirmed,  and  may  intluence 
the  strength  of  the  interfxe.  This  confirmation  improves 


HG  5  Another  a*lilc  Al;0»  precipitate,  interface  (A.C)  Nb  (Oil)  and  Al:Oi  (00. 1 1  ore  both  atomically  Hat.  Moire  fringe*  wan  be  ween  at  &  and  D 
The  large  step,  which  is  responsible  for  the  panicle's  growth,  is  on  the  interface  D, 
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our  understanding  of  the  metal/ceramics  bonding  mecha¬ 
nism  and  may  assist  in  the  design  of  stronger  metal/ce¬ 
ramic  interfaces. 

It  has  also  been  suggested  that  oxygen  atoms  supplied 
from  the  crystal  surface  through  dislocations  on  the  slip 
planes  of  Nb.  and  Al;Oi  particles  grow  by  ateps  at  the 
interlace. 
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HREM  STUDIES  OF  A^Oa  PRECIPITATES  IN  Nb 
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Introduction  High  resolution  oloctron  microscopy  (HREM)  studies  aro,  in  principle, 
capable  ol  determining  the  atomic  structure  o I  defects,  such  as  interfaces, in 
crystalline  materials.  A  quantitative  evaluation  of  the  defect  structure  requires, 
hewover,  that  the  examined  speclmon  fulfills  cortain  conditions,  e.g.  low-indexed 
zone  axes  of  both  materials  adjacent  to  the  interface  must  be  parallel  to  each  other 
and  to  the  eloctron  beam.  Well  defined  geometrical  characteristics  exist  between  a 
metallic  matrix  and  oxide  precipitates  formed  by  internal  oxidation  of  a  metallic 
alloy[  1). 

Results  will  bo  roported  on  structure  and  defects  at  NWAI2O3  Interfaces  formed 
by  internal  oxidation  of  a  Nb-2.9  at  %  At  alloy  (oxidation  conditions:  30  min.  at  1820 
K.  poa  -6.l0,5mbar).  In  addition,  information  on  growth  mechanisms  of  the  AI2O3 
precipitate  can  bo  extracted  from  the  HREM  studios.  An  extended  papor  ol  the 
research  will  be  published  separately  (2]. 

Structure  ol  the  Interface.  Most  A^Oa  precipitates  possess  a  plate-like  shape  with 
dimension  of  (200...600)  x  (200...600)  x  (10..  40)  nm3.  The  basis  of  the  plate  ("base 
interface')  lies  parallel  to  the  (00.1)  plane  of  AI2O3  and  to  a  (1 10)  plane  of  Nb  wnh 
(031]  Nb  II  (01.0]  a'*Al203  [3].  No  reaction  layer  could  be  Identified  at  any  interface. 
The  base  interface  is  atomically  Hat,  no  steps  or  facet  could  be  Identified.  For  a  fo<! 
orientation  parallel  to  (100)  Nb  the  corresponding  lattice  planes  (perpendicular  to  the 
interface)  of  Nb  and  A^Oa  possess  different  spacings  (d  (Oll)Nb  ■  0.2336nm, 
d(2l.0]a,-Ai203  ■  0.2394nm.)  The  difference  is  accomodated  by  misfit  dislocations 
(MFD)  in  Nb  which  can  clearly  be  identified  on  both  sides  of  the  precipitate  (Fig.  1). 

Stand-otf  Effect  at  Interface  HREM  studies  show  that  the  core  of  the  MFD  does  not 
lie  in  the  interface  but  is  located  a  few  layors  away  (Fig.  1,  see  also  (3)  ).  The 
averago  stand-off  distance  is  In  good  agreement  to  theoretical  predictions  (4).  This 
‘stand-off'  distance  is  caused  by  a  balance  of  Interface  coherency  forces  and  image 
forces  exerted  on  the  MFD. 

Growth  of  AlpO^  precipitates  The  MFD  on  each  side  of  the  precipitate  are  almost 
symmetrical  located  across  the  particle,  (Fig.  2).  This  suggests  that  the  MFDs  are 
loops  around  the  particles,  arising  from  the  initial  stage  of  particle  growth.  The  small 
precipitate  shows  atomically  flat  Interfaces  between  (Oil)  Nb  and  (00.1)Al203at  the 
interfaces  A  and  C  In  Fig.  2.  Molrd  fringes  caused  by  an  overlap  of  Nb  and  AI2O3 
within  the  foil  can  be  Identified  at  the  B  and  D  Interface.  Large  steps  are  found  at  B 
and  D.  The  observations  are  indicative  that  the  AI2O3  precipitates  tend  to  grow  in 
directions  normal  to  the  c-  direction  of  AI2O3. 

Conclusions.  Atomic  structures  of  NWAI2O3  Interfaces  can  be  analysed  by  HREM. 
MFD  are  Identified  In  Nb  close  to  the  Interface.  Information  on  the  precipitate  growth 
can  be  obtained  by  studying  steps  and  facets  at  the  interface  (5J. 
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Fio.l  HREM  image  ot  Nb/Al203  interface  (internally  oxidized  Nb/AI  alloy).  Interface 

plane  parallel  to  (0001)  Al203  II  (110)  Nb  and  (01 10j  Al203  I!  (001]  Nb.  Misfit 
dislocations  in  Nb  are  arrowed.  The  extra  hall  plane  forming  the  misfit  dislocation 
does  not  terminate  at  the  interface. 

Fio.  2  HREM  of  small  Al203  precipitate  in  Nb.  Interfaces  A  and  C  are  parallel  to 
(Oil)  Nb  and  (01.0)  Al203and  are  atomically  flat.  Steps  and  facets  can  be  identified 
at  interfaces  B  and  0.  Growth  direction  during  oxidation. 
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Abstract 

77ic  present  state  of  knowledge  is  review/  con¬ 
cerning  the  structure  and  chemistry  of  metiilt 
ceramic  interfaces.  Experimental  observations  are 
described  for  several  motlel  svvents  and  open 
problems  concerning  different  aspects  of  structure 
and  properties  of  heterophase  boundaries  ure  dis¬ 
cussed. 


I.  Introduction 

The  use  of  ceramics  as  structural  components, 
as  well  as  in  chemical  technology  and  in  elec¬ 
tronic  devices  is  steadily  increasing  because  of 
improved  mechanical  integrity  afforded  by 
enhanced  toughness  and  by  process  control. 
Ceramic  components  must  typically  be  con¬ 
nected  to  other  materials,  mainly  metals.  The 
requirements  that  the  bonded  couple  must  fulfil 
are  dictated  by  the  functions  of  the  ceramic: 
physical,  chemical,  electrical,  mechanical. 
However,  in  all  cases,  adequate  mechanical 
integrity  is  a  technical  prerequisite,  as  reflected  in 
the  fracture  resistance  of  the  interfaces.  Metal/ 
ceramic  bonded  couples  are  presently  being  used 
in  electron  tubes,  multilayer  substrates  and 
capacitors,  metal  ...atrix  composites,  automotive 
power  sources,  etc.  (1-9J. 

Systematic  studies  of  metal/ceramic  interfaces 
started  in  the  early  1960s.  Such  studies  were 
directed  towards  the  identification  of  general 
rules  that  govern  bonding  and  interface  behavior, 
both  theoretically  and  experimentally,  including 
the  thermodynamics  of  interfacial  reactions,  crys¬ 
tallographic  relationships  and  the  atomistic  struc¬ 
ture  at  the  interface.  The  intention  of  this  article  is 
to  review  the  present  state  of  knowledge  concern- 
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ing  the  physics,  chemistry  and  structure  of  inter¬ 
racial  regions  between  metals  and  ceramics. 

2.  The  work  of  adhesion 

The  driving  force  for  formation  of  a  metal/ 
ceramic  interface  is  the  yield  in  energy  when 
intimate  contact  is  established  between  the  metal 
and  ceramic  surfaces  1 1 II  j.  For  a  high  rate  of  inter¬ 
action,  the  surfaces  have  to  be  brought  into  excited 
states.  Therefore,  temperature  and  atmosphere 
ure  important  variables,  as  well  as  the  properties 
and  structures  of  the  surfaces. 

The  simplest  description  of  the  physical  inter¬ 
action  between  a  metal  and  a  ceramic  is  the  work 
of  adhesion.  W^.  Specifically,  when  clean,  defect- 
free  surfaces  ure  brought  into  contact,  energy  is 
released  in  accordance  with  the  Dupre  equation: 

||ij"iv*,)Vi-y«*  dl 

where  y<  and  ym  are  the  free  energies  of  the 
relaxed  surfaces  of  the  ceramic  and  the  metal, 
respectively,  represents  the  energy  of  the 
relaxed  interface  between  the  metal  and  the 
ceramic.  The  quantity  is  thus  the  reversible 
work  released  per  unit  area  of  interface  formed 
by  two  free  surfaces.  Direct  measurement  of 
is  not  possible  (II).  Consequently,  in  practice, 
is  deduced  by  measuring  the  contact  angle  9 
established  by  a  solid  metal  in  contact  with  a 
ceramic, 

Mw-y«(l+cos0)  (2) 

Adequate  measurement  of  9  and  of  ym  constitutes 
a  non-trivial  experimental  task.  Often  ym  is  aniso¬ 
tropic  and,  hence,  the  crystallography  of  the 
surface  has  to  be  determined.  Furthermore,  true 
equilibrium  has  to  be  established  by  allowing  suf¬ 
ficient  mass  transport  and  the  associated 
morphological  evolution.  Measurements  on  small 
particles  are  preferred,  although  contamination 
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during  annealing  is  always  a  problem  [I2J.  The 
most  acceptable  approach  involves  the  deforma¬ 
tion  and  heat  treatment  of  alloy’s  containing  par¬ 
ticles  of  ceramic  formed  by  internal  oxidation  etc. 
1 13.  I4|.  Plastic  straining  of  the  alloy  causes  par¬ 
ticle  dccohcsion.  Subsequent  annealing  then 
allows  maw  transport  to  create  an  equilibrium 
void  from  the  initial  debond.  The  angle  0  can 
then  be  measured  on  cross-sections  through  the 
particles  (ll|.  Different  authors  >12,  14,  |5j 
measured  and  calculated  values  of and  II*,. 

Alloying  additions  strongly  influence  the 
thermodynamic  quantities  [HtJ,  Furthermore, 
certain  alloying  additions  segregate  at  the  inter¬ 
face.  by  Gibbsian  absorption.  As  an  example,  the 
segregation  of  chromium  at  various  mctal/ALO, 
interfaces  results  in  a  rearrangement  of  the  inter¬ 
face  into  a  more  relaxed  structure  with  a  lower 
interfaced  energy,  resulting  in  a  lower  work  of 
adhesion.  Such  segregant  effects  are  a  major  Issue 
in  mctal/ccrnmic  bonded  couples  1 1 2. 20. 2 1 ). 

3.  Bonding  models 

A  rudimentary  understanding  of  interfaces  ean 
be  achieved  by  adopting  phenomenological 
models.  Such  models  are  capable  of  correlating 
trends  in  bonding  between  different  material 
couples  and  provide  insight  into  some  of  the 
broad  issues.  However,  the  detailed  understand¬ 
ing  of  trends  in  interface  structure  and  properties 
with  alloy  composition,  segregation,  etc.,  requires 
more  sophisticated  momistie  models. 

Elucidation  of  the  essential  issues,  especially 
the  prediction  of  trends  in  the  work  of  adhesion 
land,  eventually,  in  fracture  resistance)  with  such 
variables  as  alloy  additions  and  segregation, 
requires  that  bonding  be  examined  at  all  levels. 
The  eventual  objective  would  be  the  judicious 
coupling  of  information  obtained  from  the  most 
rigorous,  but  compute  bound,  quantum  mech¬ 
anical  supcrcell  approaches  with  the  results  of 
cluster  calculations  and  of  simple  continuum, 
thermodynamic  formalisms. 

3.1.  Continuum  models 

Interactions  across  the  interface  first  occur 
without  charge  exchange.  Such  interactions 
develop  between  induced  dipoles  (London/, 
between  neutral  atoms  polarized  by  a  dipole 
molecule  (Debye)  and  between  dipole  moments 
(Keesom).  (Another  interaction  without  charge 
exchange  involves  anions  in  the  ceramic  and 


image  forces  in  the  metal,  and  occurs;  when  the 
dielectric  constants  of  the  metal  and  the  ceramic 
are  different  [23-25].)  Together,  these  interac¬ 
tions  constitute  the  Van  der  Wanis  attractions  (see 
for  example  ref.  221.  The  London  term  is  gener¬ 
ally  the  most  pronounced.  For  a  pair  consisting  of 
a  meal  atom  and  an  oxygen  ion.  the  interaction 
energy  has  the  form 

i  ,  O", O  \  Us  » 


where  H  is  the  distance  between  the  centers  of  the 
interacting  atoms/ions.  a  is  the  polarizability  and 
/  the  ionization  potential,  with  m  referring  to  the 
metal  and  A  the  anion  in  the  ceramic. 

Charge  exchange  allows  ion  pairs  to  form  and 
interact  across  the  interfaces.  For  example,  the 
interactions  between  ions  of  the  metal  and  of 
oxygen  tor  other  anions)  in  the  commie  is  related 
to  the  free  energy  ul  metal  oxide  formation.  Mi" 
[2fi.  27J.  Furthermore,  when  the  cations  of  the 
ceramic  arc  soluble  in  the  metal,  dissolution  from 
the  interface  allows  ionic  interaction  between  dis¬ 
solved  cations  and  the  anions  in  the  ceramic. 

McDonald  and  Eberhart  |28J  examined  inter¬ 
actions  involving  various  metals  in  contact  with 
the  tOOOII  plane  of  sapphire.  For  this  purpose, 
they  assumed  that  the  (0001)  sapphire  surface 
terminates  with  a  layer  of  close-packed  oxygen 
ions.  The  metal  atoms  (to  be  bonded  to  AI.Ot* 
arc  then  offered  two  sites:  those  above  the 
aluminum  ions  located  Wow  the  top  layer  of 
oxygen  ions  and  those  above  empty  sites.  The 
first  site  results  in  attractive  dipole  forces,  as 
described  in  eqn.  (3),  which  are  about  constant 
for  all  metal/Al.O,  couples.  The  second  metal 
site  forms  ionic  oxygen-meial  bonds  having  a 
free  energy  proportional  to  AG".  By  further 
assuming  that  all  interactions  of  the  dense-packed 
oxygen  plane  tire  occupied  with  metal  atoms,  the 
calculated  trends  in  IF*,  agree  quite  well  with 
experimental  data  for  the  bonding  of  Al>0,  to 
simple  metals  [3 1 J.  The  very  strong  bonding  of 
platinum  and  palladium  [  1 9]  to  alumina  is 
evidently  at  variance  with  the  simple  model. 
However,  aluminum  possesses  a  very  high  heat  of 
solution  in  these  metals.  Consequently,  as  noted 
above,  bonds  could  be  formed  between  the 
oxygen  ions  and  aluminum  ions  dissolved  in  the 
metal.  Alternatively,  a  thin  segregated  aluminum 
layer  could  form  between  the  metal  and  the 
AI.O,  to  enhance  the  bonding  (3 1 1. 


The  McDonakl-Ebcrhart  approach  provides 
helpful  generalizations.  However,  a  more  funda* 
menial,  atomistic  understanding  of  (he  nature  of 
the  bonding  is  needed  to  adequately  understand 
critically  important  alloying  and  segregation 
effects,  as  well  as  trends  in  the  fracture  resistance. 

J.Z  Atomistic  models 

An  understanding  of  the  fundamental  physics 
of  bonding  between  a  vnetnl  anil  a  ceramic 
requires  that  quantum  mechanical  models  lie 
developed.  The  simplest  approach  involves 
cluster  calculations  {30].  Such  calculations  have 
established  that  the  primary  interactions  at  metal/ 
oxide  interfaces  involve  the  metal  id)  and  oxygen 
ip»  orbitals,  to  create  both  bonding  and  antibond- 
ing  orbitals.  For  copper  and  silver  in  contact  with 
AI.Oi.  both  states  are  about  equally  occupied, 
resulting  in  zero  net  bonding.  However,  for  nickel 
and  iron,  fewer  antibonding  states  are  occupied 
and  net  bonding  occurs-.  The  calculations  also 
reveal  that  a  transfer  of  valence  charge  occurs, 
resulting  in  a  contribution  to  the  net  ionic  bond* 
mg  which  increases  in  strength  as  the  metal 
becomes  more  noble.  Consequently,  mctol-to- 
alumina  bonding  strengths  arc  predicted  to 
increase  in  the  order:  Ag-Cu-Ni-Fe.  This  order 
is  generally  consistent  with  the  measured  trends 
in  sliding  resistance  as  well  as  with  the  energies  of 
adhesion.  However,  it  is  emphasized  that  the 
calculations  approxir  ««  the  interface  by  an 
i  AlO»iv"  cluster  and  one  metal  atom.  The  selec¬ 
tion  of  the  charge  to  be  assigned  to  this  cluster  is 
non-trivial  and  the  choice  influences  the 
predicted  magnitudes  of  the  energies  [32J.  To 
further  examine  this  issue,  Anderson  et  al.  [33] 
performed  calculations  for  the  AI.O,/Pt  couple 
that  included  more  atoms:  3 1  dose-packed  plat¬ 
inum  atoms  and  the  corresponding  numbers  of 
aluminum  and  oxygen  ions.  Then,  by  applying  a 
quantum-chemical  superposition  technique, 
including  an  electron  delocalization  molecular 
orbital  method,  bonding  energies  were  calculated 
for  different  atomic  configurations  of  the  Pt/ 
AI.Oj  interface.  These  calculations  confirmed 
that  the  bond  was  strongest  when  oxidized 
platinum  atoms  opposed  close-packed  oxygen 
ion  planes.  However,  further  quantitative  insights 
did  not  emerge.  Indeed,  the  preceding  models  all 
have  the  deficiency  that  they  do  not  fully  account 
for  the  heterogeneous  nature  of  the  interface  and 
cannot,  therefore,  be  expected  to  accurately 
predict  energies,  segregant  effects,  etc. 


Ab  initio  calculations  seem  to  be  essential  for  a 
full  understanding  of  the  bonding.  Louie  and 
coworkcrs  [34. 35]  have  performed  such  calcula* 
tions  on  metal-semiconductor  interfaces.  In  these 
calculations,  the  metal  was  described  by  a  jellium. 
so  that  insight  emerged  regarding  the  bonding 
mechanisms,  but  not  on  the  atomistic  structure. 
More  recently,  supercell  calculations  have  been 
performed  that  include  an  interface  area  and 
adjacent  regions  large  enough  to  incorporate  the 
distorted  (relaxed I  volumes  of  both  crystals.  With 
this  approach,  the  electron  distribution  around  all 
atoms  has  been  calculated  and  the  atomic  poten¬ 
tials  evaluated,  in  a  next  step,  interatomic  forces 
may  be  calculated  and  strains  determined.  Such 
calculations  have  been  performed  rather  success¬ 
fully  for  the  interface  between  Gc-GaAs  [3fi]  and 
Si-Ge  [37].  The  crystals  adjacent  to  those  inter¬ 
faces  are  isomorphous  and  very  nearly  com¬ 
mensurate.  such  that  the  misfit  between  lattice 
planes  is  very  small.  However,  misfits  between 
metals  and  ceramics  are  typically  rather  large  so 
that  extremely  large  supercells  urc  required. 
Therefore,  only  preliminary  calculations  have 
been  conducted  thus  far  (3KJ.  Nevertheless,  the 
calculations,  performed  for  MgO/Ag.  have 
allowed  determination  of  the  atomic  potentials 
surrounding  the  different  atoms,  ns  well  as  a 
separation  of  bonding  into  different  contributions 
•  ionic,  covalent  and  polarization1. 

With  the  advent  of  a  new  calculational  scheme. 
Car  and  Parrinello  [39] » involving  a  combination 
of  molecular  dynamics  isee  <*.£.  Rahman  [40ji  and 
density  functional  theory  tKuhn  and  Sham  [4|J», 
it  should  be  possible  to  conduct  computations  of 
relaxed  interfaces  much  more  efficiently.  The 
scheme  should  also  allow  equilibrium  computa¬ 
tions  of  metal/ceramic  interfaces  at  finite  tem¬ 
peratures.  The  conduct  of  such  analysis  on  model 
interfaces  should  greatly  facilitate  the  basic 
understanding  of  the  bonding  phenomenon  and 
allow  judicious  usage  of  both  cluster  calculations 
and  continuum  thermodynamic  formulations. 

4.  Structure  of  interfaces 

In  thermodynamic  equilibrium,  the  atoms  and/ 
or  ions  close  to  an  interface  occupy  positions 
that  minimize  the  total  energy  ol  the  system.  How¬ 
ever,  the  proximity  to  equilibrium  depends  on  the 
conditions  used  to  form  the  interface.  For  exam¬ 
ple,  diffusion-bonded  interfaces  have  atomistic 
arrangements  influenced  by  the  orientation  of  the 


190 


two  surface*  pr4sr  to  bonding  Additionally,  when 
the  bonding  is  performed  at  high  temperature, 
chemkal  gradients  often  develop  and  Influence 
the  structure  (see  Section  5)  and  residual  strains 
form  upon  coding.  The  interface  structure  thus 
Involves  geometric  as  well  as  atomistic  consider* 
atioos,  conditioned  by  relaxation  mechanisms 
inherent  in  each  bonding  process.  Consequently, 
interface  structures  are  conveniently  described  by 
firstly  defining  generalized  geometric  parameters 
for  the  unrelated  interfaces.  Then,  the  relaxation 
mechanism  pertinent  to  each  bonding  process 
may  be  considered.  Finally,  various  geometric 
and  atomistic  bonding  models,  and  associated 
experimental  results,  may  be  evaluated. 

4.1.  Geometrical  parameters 

An  unrelaxed  interface  can  be  described  by 
nine  geometrical  parameters.  The  required 
number  was  evaluated  by  a  thought  experiment, 
similar  to  that  previously  used  for  grain  boun¬ 
daries  (42).  Six  parameters  describe  the  relative 
orientation  and  translation  of  the  two  crystals. 
The  description  of  the  interface  orientation  with 
respect  to  the  crystal  requires  three  additional 
parameters. 

4.2.  Process  relaxations 

The  bonding  method  governs  the  actual  geo¬ 
metrical  parameters  that  describe  the  Interface, 
by  virtue  of  the  imposed  geometry  and  the  allow¬ 
able  relaxations.  During  diffusion  bonding  [6], 
intimate  surface  contact  at  elevated  temperatures, 
subject  to  a  small  pressure,  generates  the  bonded 
interface.  This  technique,  pre-selects  the  (macros¬ 
copic)  rotation,  two  components  of  the  transla¬ 
tion  and  the  interface  orientation.  However,  some 
of  these  geometrical  parameters  are  relaxed  by 
local  deviations.  Specifically,  bonding  is  usually 
performed  at  temperatures  wherein  at  least  one 
component  may  undergo  plastic  deformation. 
Consequently,  local  geometrical  relaxation  may 
be  accommodated  by  small-angle  grain  boundary 
formation  adjacent  to  the  interface.  Furthermore, 
mass  transport  may  allow  interface  facets  to 
develop  that  relax  the  constraint  on  interface 
planarity. 

Interfaces  may  also  be  formed  by  internal  oxid¬ 
ation  (43, 44).  Such  interfaces  are  not  unique,  but 
are  related  to  the  precipitate  morphology,  as 
governed  by  thermodynamic  principles.  In  par¬ 
ticular,  since  the  total  energy  of  the  precipitate 
depends  not  only  on  the  interfacial  energy  but 


also  on  coherency  strains,  the  interface  structure 
and  the  shape  of  the  precipitate  depend  usually 
on  its  size  (45).  For  coherent  precipitates,  orienta¬ 
tion  relationships  are  governed  by  constraints 
imposed  by  interfacial  energies,  the  solubility  and 
lattice  parameters,  and  the  most  stable  morpho¬ 
logies.  These  relationships  should  be  an  integral 
part  of  the  analysis  of  the  structure  of  interfaces 
formed  by  internal  oxidation. 

A  third  way  of  producing  mctal/cenimic  inter¬ 
faces  is  by  ewporatton  of  the  metal  onto  a  clean 
ceramic  surface.  The  evaporated  species  is 
usually  highly  mobile  (46)  at  high  temperature. 
Consequently,  if  the  metal  wets  the  ceramic,  a 
thin  layer  forms  in  an  equilibrium  intcrfacial  con¬ 
figuration.  For  non-wetting  configurations, 
islands  are  formed.  Then,  when  the  substrate  is  a 
single  crystal  and  a  one-to-one  orientation  rela¬ 
tionship  exists  between  the  two  components,  the 
islands  may  grow  together  and  form  a  single¬ 
crystal  film  (46 J.  Alternatively,  when  different 
equivalent  orientation  relationships  exist,  the 
islands  develop  with  slightly  different  orienta¬ 
tions.  A  range  of  different  behaviors  is  thus 
expected  for  interfaces  formed  by  evaporation. 

4.3.  Geometrical  models 

Models  described  by  geometrical  parameters 
may  sometimes  be  insightful  as  a  basis  for  the 
description  of  unrelaxed  interfaces.  However,  it 
must  be  appreciated  that  the  direct  correlation 
between  such  models  and  interface  properties 
(e.g.  energy)  is  not  possible  (47).  Foremost  among 
such  models  is  a  Mlock-in“  model  developed  by 
Gleiter  and  Fecht  (48),  deduced  from  experi¬ 
ments  wherein  small  metallic  single  crystals  were 
sintered  onto  a  single-crystal  ceramic  substrate. 
Interfaces  between  several  alkali  halides  or  rock 
salt  structure  oxides  and  various  noble  metals 
were  formed  in  this  manner.  It  was  observed  that 
the  spheres  rotated  into  orientations  which  tend 
to  minimize  the  energy  of  the  sphere/plate  boun¬ 
dary.  Consequently,  the  orientation  relationships 
determined  by  X-ray  diffraction  may  be  sup¬ 
posed  to  reflect  a  low-energy  configuration  of 
those  interfaces.  Gleiter  and  Fecht  (48)  accounted 
for  the  observed  “stable*’  configurations  by  means 
of  a  model  which  describes  low-energy  interfaces 
in  terms  of  densely  packed  atom  rows  of  one 
crystal  nesting  in  the  grooves  between  similar 
rows  of  the  other  crystal.  The  requisite  periodic 
matching  between  (small)  multiples  of  lattice 
plane  spacing*  was  achieved  by  imposing  small 
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displacements  upon  certain  of  the  atom  rows. 
The  lattice  strains  from  such  imposed  displace¬ 
ments  have  thus  far  been  neglected.  Nevertheless, 
in  some  cases,  "lock-in’*  seemingly  describes 
observations,  even  when  large  misfits  exist.  Con¬ 
formity  with  the  "lock-in“  structure  has  been  esta¬ 
blished  for  MgO/Au  interface  formed  by 
evaporation  (49)  and  for  gold  on  KCI 1 35%  misfit  < 
14Sf;  in  both  cases,  the  predicted  cube-on-cubc 
orientation  was  osberved.  The  "lock-in*  concept 
thus  appears  to  be  u  useful  first-order  description 
in  some  cases.  However,  more  detailed  investiga¬ 
tions  have  revealed  important  discrepancies. 
Various  observations  indicate  that  small  but  defi¬ 
nite  angular  off-sets  occur  between  close-packed 
directions  and/or  planes.  Mulder  and  Kk>mpi5il) 
studied  orientation  relationships  in  diffusion- 
bonded  sandwiches  of  polycrystalline  copper 
and  platinum  foils  between  identically  onemed 
i parallel!  sapphire  crystals.  As  expected,  the 
metal  grains  developed  a  preferred  orientation, 
with 1  ’  l  H  of  the  metal  parallel  to  tOOOl  >  of  the 
sappi.  c.  However,  the  grains  were  rotated  within 
a  wide  angular  range  about  the  close-packed 
directions.  Discrepancies  have  also  been  found 
for  the  N'b/Al'Oj  system  (51.  52).  Notably,  the 
close-packed  planes  are  not  aligned:  instead,  the 
IKK)  I  i  plane  of  Al.Oi  and  (0 1 11  of  Nb  are  tilted 
by  about  3*  around  an  axis  parallel  toil  I  -Hi  Al.O, 
ami  (101  !sv  This  tilt  occurs  in  specimens  grown 
by  epitaxy  of  niobium  on  <0001 i  AI.O»  (5IJ  and 
in  specimens  formed  by  diffusion  bonding  (52) 
even  when  initially  the  specimens  were  adjusted 
to  have  parallel  dose-packed  planes.  It  is  also 
noted  that  even  though  MgO/Au  has  the  cube- 
on-cube  orientation  predicted  by  "lock-in*,  misfit 
dislocations  are  observed,  indicative  of  interface 
strains.  Such  dislocations  are  not  consistent  with 
the  "lock-in"  concept. 

Relaxation  effects  are  presumably  responsible 
for  discrepancies  with  the  "lock-in"  model.  For 
example,  as  noted  above,  subgrain  boundaries  in 
diffusion-bonded  Nb/AKO,  provide  freedom  for 
some  rotation  of  the  niobium  lattice.  Also,  the 
interface  develops  facets  while  retaining  the  3*  tilt 
of  the  two  lattices.  Clearly,  the  facets  alleviate  the 
misfit  strain  which  would  develop  if  dose-packed 
planes  were  kept  in  contact  everywhere  across 
the  interface. 

•/.V.  Atomistic  models 

The  relaxed  structure  of  interfaces  is  obviously 
of  greater  significance  than  the  unrelaxed  state. 


Adequate  models  of  this  structure  do  not  yet 
exist,  but  await  comprehensive  experimental 
insight.  Experimental  studies  can  be  performed 
either  by  diffraction  (53. 54J  <*  by  high-resolution 
(direct  imaging!  techniques  (55).*  With  the  new 
generation  of  electron  microscopes,  direct  imag¬ 
ing  of  atomic  columns  is  possible.  Specifically,  by 
aligning  along  the  axis  of  an  interface  which 
possesses  only  a  tilt  component,  each  column  of 
atoms  is  imaged  in  one  spot,  giving  a  projection  of 
the  atomic  arrangements  in  the  interface.  How¬ 
ever,  to  derive  reliable  atomic  positions,  a  series 
of  observed  images,  taken  at  different  focus  set¬ 
tings.  must  be  matched  quantitatively  with  com¬ 
puted  images,  based  on  an  assumed  set  of  atomic 
coordinates.  For  matching  purposes,  image  com¬ 
putation  and  position  adjustment  is  repeated  until 
the  best  possible  fit  is  reached  for  the  entire 
through-focus  scries.  This  technique  is  referred  to 
a  quantitative  high-rcsolution  electron  micros¬ 
copy  (MRE.M1  (561-  The  interpretation  is.  of 
course,  most  difficult  close  to  the  interface  where 
deviations  from  the  perfect  lattice  arc  most 
extreme.  Fully  quantitative  HREM  studies  have 
been  performed  on  grain  boundaries  in  germa¬ 
nium  f55|  and  on  scmiconductorfmctal  interfaces 
such  as  Si/NiSi:{57j, 

Quantitative  studies  of  metal/ceramic  inter¬ 
faces  have  been  initiated  for  the  Nb/AKO.  and 
Au/.MgO  systems  formed  using  each  of  the  three 
processes  described  above  Interpretation  of 
high-resolution  images  of  regions  close  to  a  dtlfu • 
sion-bonded  interface  (58)  (Fig.  li  requires  that 
image  simulations  for  perfect  latttices  first  be 
performed.  For  this  purpose,  the  projected 
atomic  positions  and  potentials  of  niobium  and 
Al>Oi  in  the  selected  orientation  have  been 
determined  and  used  to  construct  the  simulated 
image  for  a  foil  having  a  thickness  ( 1 2  nm)  which 
corresponds  with  that  for  the  actual  test  speci¬ 
men.  It  is  evident  that  lens  aberration  }C,"  1.1 
mm.  200  kV)  conceals  some  details  of  the  perfect 
lattice  structure.  Nevertheless,  i'  is  still  apparent 
(Fig.  I )  that  the  perfect  lattice  is  ^reserved  in  (he 
AI.Oj  up  to  the  interface.  Conversely,  in  the 
niobium  strong  deviations  occur  for  distances  up 
to  four  lattice  planes  from  the  interface.  However, 
a  periodicity  along  the  interface  can  be  rerog- 


•Diffraetion  studies  require  specimens  with  interfaces  (hat 
extend  homogeneously  over  a  larje  area  (about  I  mm!'.while 
direct  lattice  imaging  requires  a  thin  specimen  (thickness  <  1 0 
nml  plus  constraints  concerning  homogeneity  and  orienta¬ 
tion. 


Hg  I  Lattkc  of  the  rcpwx  Jt^c  u*  an  imciUu  lv* 
l*ctn  niobium  ami  Al*0»  Oncnunon  relationship  between 
the  ceramic  and  the  metal-  ilHMtl  A1;0*  *»  S  IU<  Nil  ami 
(illll}  AKOi>;00l|  NK  The  M  orwnunon  is  parallel  to 
;  Oil  If  NH  Wtx  in  the  hi^h  rcvilumm  elect  rim  micrmcony- 
ima^ex  of  niobium  ami  Al*0»  nrpreH*m  omulateJ  lattice 
ima^ct  Only  four  latt'ec  planer  *nhn  the  niobium  next  to 
the  interface  arc  distorted,  baevtx  can  Iv  obwrxcd.  The  pen* 
odietty  of  the  interface  i\  indicated, 
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l;te.  1  Lattice  imajc  of  Nb/AljOi  interfxc  of  an  internally 
oxidized  NtyAl  alloy  Interface  plane  parallel  to  IHH*| » 
AI)OiSllll> Nh ami  ftti HI)  Al.O,<l«Hi  NK  MidU didoea- 
turn*  in  niulMum  van  ta  otuerxvd  we  mwi  The  extra  hall 
plane  (turning  the  mi'iii  divliHMitoti  dtio  mu  leimmaic  at  the 
mietfaceiJvi 


nized  within  the  distorted  region.  Faceting 
parallel  to  the  interface  also  occurs  and  the  titter* 
face  is  slightly  inclined  with  respect  to  the  *0(10 1 
plane  of  Al.Ot.  It  is  expected  that  imaging  of  the 
same  interface  with  instruments  possi  'sing  supe¬ 
rior  resolution  would  result  in  a  better  icsolutum 
of  the  distorted  atomistic  structure  close  to  the 
interface.  When  the  results  of  such  studies 
become  available,  insightful  atomistic  models  of 
the  interface  might  be  developed. 

Interfaces'  created  by  inttnud  oxiihmun  have 
well  defined  geometrical  characteristics.  Precipi¬ 
tates  of  o-AIjO)  formed  in  Nb/AI  alloys  are  small 
and  penny-shaped  (about  300  nm  in  diameter) 
and  exhibit  a  fixed  orientation  relationship: 

10001)^,1(1 10U 

and 

loi  iou,|0,  |(005  U 

High-resolution  transmission  electron  microscopy 
(TEM)  investigation  (Fig.  2)  has  revealed  (59j, 
however,  that  the  spacings  of  the  ( 1  IO)Nb  planes 
id- 0.23  nin)  and  of  the  (0001)  Al,0»  planes 
(d,- 0.39  nm)  are  sufficiently  different  that  misfit 
dislocations  would  be  predicted  with  spacing 
D»</,</:yfd:-£/|)-8.8  nm.  Wealt-beam  images 
confirm  such  dislocations  (Fig.  3)  with 
D-9.1±0.5  nm.  To  fully  analyze  the  interface 
structure,  as  well  as  the  atomistic  structure  of  the 


Fig.  3,  WcaLbcaro  dark-field  image  of  inclined  inierfxcs  of 
Fit  2  limiting  the  a-AIjO,  ptceipiuie.  Ima^infi  with  Nb 
lOIOl  reflection.  Light  lines  represent  the  contrail  from 
misfit  dislocations. 


misfit  dislocations,  superior  resolution  (less  than 
0.2  nm)  would  be  needed. 

Finally,  it  is  noted  that  conventional  TEM  pro¬ 
vides  complementary  information  on  defects  at 
or  close  to  the  interface,  such  us  dislocation 
spacings.  ledge  densities,  etc.  It  is  emphasized, 
however,  that  a  more  complete  analysis  of  such 
defects,  including  Burgers  vector  determination, 
is  generally  not  possible  since  the  materials 
adjacent  to  the  inter'.*  .  possess  (usually)  dif- 


fcrsnt  lattice  parameters  and  few  'common"  dif¬ 
fraction  vectors  exist  (60 J. 

5.  Chemistry  of  interfaces 

5.1.  Thtorttical  background 

In  multicomponent  two-phase  systems,  non- 
planar  interfaces  or  two-phase  product  regions  can 
evolve  from  initially  planar  interfaces  (6 1  j,  even  at 
constant  temperature  and  pressure.  Under  the 
same  conditions,  the  interface  stays  planar  in 
binary  systems.  This  difference  originates  with 
the  thermodynamic  degrees  of  freedom,  /  For  a 
binary  system  /-  0.  whereas  for  ternary  or  higher- 
order  systems.  />  0  (Gibbs’  phase  rule).  Con¬ 
sequently,  in  the  latter,  interface  compositions  are 
in  part  controlled  by  the  kinetics. 

Not  all  Ihigher-order)  interfaces  necessarily 
develop  an  unstable  morphology  durtttg  a  high- 
temperature  treatment.  Analysis  of  the  pheno¬ 
menon  is  needed  to  assess  susceptibility.  Similar 
problems  exist  for  solidification  and  for  the 
oxidation  of  alloys  (62}.  Mathematical  treatments 
predict  the  time  evolution  of  small  interface 
perturbations.  The  perturbations  may  occur 
either  due  to  initial  roughnesses  or  upon  small 
transport  fluctuations  caused  by  changes  in  tem¬ 
perature  or  by  the  presence  of  defects.  If  perturb¬ 
ations  increase  in  amplitude  with  time,  initially 
planar  interfaces  become  morphologically 
unstable  The  critical  conditions  for  instability 
depend  primarily  on  the  mobility  of  the  con¬ 
stituents  and  the  thermodynamic  properties  of 
the  system. 

The  formalism  previously  developed  for 
ternary  systems  (61)  can  be  adapted  to  metal/ 
ceramic  couples,  with  the  three  independent 
components  being  the  two  cations  and  the  anion. 
A  schematic  ternary  phase  diagram  and  the 
expected  concentration  profiles  are  shown  in  Fig. 
4  (63).  In  general,  the  problem  is  complicated  by 
having  several  phase  fields  present,  such  that 
intermediate  phases  form:  usually  intermetallics 
with  noble  metals  and  spinel  (or  other  oxides) 
with  less  noble  metals.  The  actual  phases  depend 
on  the  geometty  of  the  tie  lines,  as  well  as  on  the 
diffusion  paths  in  the  ternary  phase  field,  and 
cannot  be  predicted  a  priori. 

The  diffusion  problem  has  thus  far  been 
examined  (63)  for  the  simple  case  wherein  no 
product  phases  formed,  the  interfacial  stresses 
were  negligible,  mass  transport  occurred  by  bulk 
diffusion  and  local  equilibrium  was  imposed 
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Fig.  J  131  Schematic  ternary  ph»\c  diagram.  EuenJed 
pha««  field*  exist  near  metal  A  and  o»W<  (10..  <h>  Equili¬ 
brium  concentration  profiles  during  diffusion  bunding 
between  metal  phase  t  A)  and  oxide  BO,. 


everywhere.  Even  (hen,  a  general  analytical  solu¬ 
tion  was  not  possible.  However,  for  several  metal/ 
ceramic  systems,  some  further  simplifications  arc 
appropriate.  The  oxygen  and  the  metal  atoms 
diffuse  on  different  sublatticcs  allowing  the  inter¬ 
action  ;trm  in  the  diffusion  coefficients  to  be  neg¬ 
lected.  (In  the  niobium,  oxygen  diffuses  on 
interstitial  sites  while  the  aluminum  diffuses  by 
vacancies.)  Negligible  solubility  of  the  metal  in  the 
oxide  (grad  pw  m  0)  allows  point  defect  relaxa¬ 
tion  only  in  the  ceramic.  Therefore,  for  a  stoich¬ 
iometric  ceramic,  the  remaining  defect  fluxes  are 
small  compared  with  the  fluxes  in  the  metal  and 
can  be  ignored.  Subject  to  the  above  simplifica¬ 
tions,  solutions  have  been  obtained  for  Nb/A!,Ov 
(63,64). 
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father  high  and  probably  unrealistic  values  of 
solute  concentration*  are  calculated  at  the  inter* 
face.  In  particular,  the  aluminum  concentration 
profile  in  the  niobium  is  steep  and  reveals  an 
enrichment  very  near  the  interface,  whereas  the 
oxygen  concentration  profile  is  more  extended, 
but  with  small  absolute  values.  Such  results  do 
not  agree  with  experiment'd  observations,  as 
elaborated  below,  suggesting  that  several  assump¬ 
tions  are  invalid.  More  sophisticated  numerical 
models  will  thus  require  development  as  addi¬ 
tional  experimental  results  become  available. 

5.2.  Inttifacts  without  traction  laytrs 
Detailed  scanning  electron  microscopy  (SEND 
and  TEM  studio  performed  for  Nb/Al;0> 
(64-67)  have  shown  that  no  reaction  layer  forms 
(see  Fig.  1 1  Concentration  profiles  determined 
on  cross-sections  of  rapidly  cooled  specimens 
revealed  that,  close  to  the  interface,  the  con¬ 
centration  of  aluminum  is  below  the  limit  of 
detectability.  However,  with  increasing  distance 
from  the  interface,  the  concentration  of  alu¬ 
minum.  rAI  increases  to  a  saturation  value. 
rA,*"0.75  wt.%.  at  a  distance  of  about  2.5 
(Fig.  S).  The  rAI  remains  at  that  level  up  to  a  dis¬ 
tance  ofd*»  16^m  after  bonding  for  2  h  and  then 
decays  exponentially.  The  magnitude  of  d*  depends 
on  the  bonding  time.  The  corresponding  oxygen 
content  is  below  the  limit  of  detectability.  These 
measurements  suggest  that  at  the  bonding  tem¬ 
perature,  cA  *  at  the  interface  possesses  a  value 
governed  by  the  solubility  limit.  This  limiting  con¬ 
centration  would  then  extend  into  the  niobium  to 
a  characteristic  distance  that  depends  on  the 


Fi|.S.  Mcfeu.v.  'oocwitution  profiles  of  aluminum  in 
niobium  as  a  fine.  V  the  distance  of  bonding  time  and  of 
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bonding  temperature  and  time.  Upon  cooling,  the 
solubility  of  aluminum  in  niobium  decreases, 
causing  some  of  the  dissolved  aluminum  (as  well 
as  oxygen)  to  diffuse  beck  to  the  interface  and 
condense  a*  AKO>. 

"Slow'*  cooling  after  bonding  resulted  in  com¬ 
pletely  different  observation*.  Instead,  small  pte- 
cipitates  of  frAI-Oy  form  in  the  niobium  at 
distances  between  8  ><m  and  14  ^m  from  the 
interface  [65. 66).  Furthermore,  dose  to  the  zone 
wherein  precipitation  occurs,  cA,  is  very  small. 
The  predpitation  presumably  occurs  during  slow 
cooling,  because  the  time  requirement*  for  pre¬ 
cipitate  nudeation  are  satisfied. 

Bonding  between  platinum  and  Al<0(  subject 
to  on  inert  atmosphere  also  occurs  without 
chemical  reaction.  Specifically,  no  aluminum  can 
be  detected  by  Auger  spectroscopy  on  the  plati¬ 
num  side  of  an  intcrfacial  fracture  surface  (18. 
1»|.  However,  for  bonds  formed  subject  to  a 
hydrogen  atmosphere  containing  about  1(H)  ppm 
H.O,  aluminum  is  detected  in  the  platinum,  indic¬ 
ative  of  Al-Oj  being  dissolved  by  platinum.  More 
detailed  studies  concerning  local  chemical  com¬ 
positions  are  clearly  required  for  a  better  under¬ 
standing  of  the  bonding  processes  involved. 

5.3.  Inttifacts  with  traction  laytr 

For  systems  that  form  interphases,  it  is  impor¬ 
tant  to  be  able  to  predict  those  product  phases 
created  during  diffusion  bonding  (given  the  pos¬ 
sible  phases  present  in  the  phase  diagram?. 
However,  even  if  all  the  thermodynamic  data  are 
known,  so  that  the  different  phase  fields  and  the 
connecting  tie  lines  can  be  calculated,  the  pre¬ 
ferred  product  phase  still  cannot  be  unambigu¬ 
ously  determined.  The  problem  involves  kinetic 
considerations.  Specifically,  the  diffusion  paths  in 
phase  space  are  controlled  by  different  diffusion 
coefficients  and,  consequently,  interface  com¬ 
positions  depend  also  on  the  diffusivity  ratios. 
Sometimes,  small  changes  in  the  initial  conditions 
can  influence  the  reaction  path  dramatically,  as 
exemplified  by  the  Ni-AI-O  systems  (68).  Under 
high  vacuum  conditions  (activity  of  oxygen 
ao<10"IJ)  the  diffusion  path  in  the  extended 
nickel  phase  field  follows  that  side  of  the  miscibi¬ 
lity  gap  rich  in  aluminum  and  low  in  oxygen,  (path 
1  in  Fig.  6),  caused  by  the  more  rapid  diffusion  of 
oxygen  than  aluminum  in  nickel.  This  interface 
composition  is  directly  connected  by  a  tie  line  to 
the  AI.Oj  phase  field,  such  that  no  product  phase 
forms.  However,  whenever  nickel  contains  suf- 
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ficient  oxygen  (about  500  ppm  solubility),  the 
NHOJ/Al.Oj  diffusion  couple  yields  a  spinel 
product  layer.  Under  these  conditions,  spinel 
forms,  because  the  new  diffusion  path  in  the 
nickel  phase  field  requires  that  the  tie  line  con* 
nects  the  metal  and  spinel  field  (path  II  in  Fig.  6). 
The  associated  thermodynamic  and  atomistic 
consideration  pertinent  to  spinel  layer  formation 
have  been  addressed  [67, 68).  However,  available 
observations  do  not  unequivocally  identify*  the 
operative  mechanism.  It  is  also  noted  that  the 
interface  between  spinel  and  nickel  seems  to  be 
unstable,  morphological  instabilities  becoming 
more  apparent  with  increasing  spinel  layer  thick* 
ness. 

Bonding  of  copper  to  AI.Oj  seems  to  require  a 
thin  layer  of  oxygen  on  the  surface  of  copper 
prior  to  bonding  and  CuAIjO,  or  CuA1204 
form  [69].  The  spinel  thickness  can  be  reduced  by 
annealing  under  extremely  low  oxygen  activities 
leading  first  to  a  “non-wetting"  layer  of  Cu.O  and 
then  to  a  direct  Cu/AIjOj  bond.  The  mechanical 
stability  of  spinel*free  Cu/AIjOj  specimens  has 
not  yet  been  investigated. 

Bonding  of  titanium  to  AI.Oj  results  in  the 
formation  of  the  intermetallic  phases  TiAl  or 
TijAl,  which  probably  also  include  oxygen.  The 
thickness  of  the  reactive  layer  increases  with 
increasing  bonding  time  and  morphologically 
unstable  interfaces  develop.  A  detailed  study  is 


again  required  for  the  identification  of  the  dif¬ 
ferent  stable  phases. 

Similar  studies  have  been  performed  for  other 
ceramic  partners  such  as  simple  cubic  oxides 
(MgO,  NiO, ...),  sesquioxides  (Cr204,  Mn.Oj, ...), 
SijN4  and  SiC.  The  situation  is  much  more  com¬ 
plicated  for  the  latter  materials,  since  impurities 
or  sintering  additives  quite  frequently  diffuse  to 
the  interface  and  form  a  glassy  film.  The  bonding 
is  then  governed  by  the  interfaces  between  the 
glass  film  and  both  the  ceramic  and  the  metal. 

6.  Sintering  of  Interfacial  flaws 

Scratches  and  other  defects  frequently  exist  on 
surfaces  which  have  to  be  bonded.  Long  bonding 
times  and  high  bonding  temperatures  are 
required  when  such  flaws  are  present,  because 
residual  defects  at  the  interface  restrict  the 
mechanical  properties  of  the  metal/ceramk  inter¬ 
face.  Investigation  of  the  sintering  of  interface 
flaws  is  thus  of  great  importance.  The  closure  of 
interfacial  flaws  at  homogeneous  bonds  involves 
several  mechanisms  [70):  surface  diffusion, 
volume  diffusion,  diffusion  along  the  interface, 
power-law  creep  and  plastic  yielding.  Models  for 
homogeneous  interfaces  based  on  these  me¬ 
chanisms  qualitatively  describe  the  experimental 
observations  However,  a  quantitative  com¬ 
parison  has  been  inhibited  by  the  scarcity  of  reli¬ 
able  experimental  data.  For  a  heterogeneous  bond 
and  especially  for  a  metal/ceramk  interface, 
additional  processes  have  to  be  considered  [64); 
namely,  the  diffusion  of  metal  atoms  into  the 
ceramk,  dissolutior  of  the  ceramic  at  the  inter¬ 
face  and  diffusion  of  the  species  of  the  ceramic 
into  the  metal,  chemical  reactions  between  the 
metal  and  the  ceramk  to  form  a  product  phase 
and  recondensation  of  a  dissolved  ceramic  at  the 
interface.  The  inherent  complexity  demands  a 
vital  role  of  experiment  in  ascertaining  the  most 
important  variables  for  typical  metal/ceramk 
couples. 

Far  evaluation  of  the  governing  transport 
mechanisms,  artificial  interfacial  defects  of  dif¬ 
ferent  dimensionality  and  sizes  may  be  intro¬ 
duced  into  the  metalik  surfaces  (66, 67]  prior  to 
bonding:  linear  flaws  by  photolithography  and 
other  shapes  by  indentation.  Alter  bonding, 
cross-sections  of  interfacial  fracture  surfaces 
studied  by  SEM  allow  determination  of  the 
change  in  flaw  size.  The  depth  variations  may  be 
measured  with  a  profilometer. 


Inspection  of  results  obtained  for  Nb/AUO* 
reveafed  that  the  surface  of  niobium  hardly 
changes,  whereas  condensation  products  of 
AI;Oj  could  be  detected  on  the  sapphire.  The 
amount  of  condensed  AI2Oj  depends  on  the 
cooling.  From  chemistry  studies  (Section  4),  it  has 
already  been  established  that  niobium  dissolves 
A!:Ot  and,  upon  cooling,  Al:0»  recondcnscs  at 
the  interface.  This  mechanism  alx>  seems  to  be 
involved  in  the  "filling"  of  the  flaws.  However,  the 
experimental,  as  well  as  the  theoretical,  studies 
are  not  yet  sufficient  to  derive  a  quantitative 
description  of  the  process.  Studies  of  this  type  on 
other  systems  arc  also  needed  to  obtain  a  com¬ 
prehensive  view  of  the  important  issues  in  dif¬ 
fusion  bonding. 

7,  Conclusions 

Although  considerable  progress  has  been 
made  in  the  understanding  of  structure  and 
chemistry  of  metal/ceramic  interfaces,  still  many 
open  qu^,Jons  exist.  Detailed  and  careful  experi¬ 
mental  will  reveal  more  insight  into  the 
mechat  bondings  and  these  experimental 
studies  r  .*i$engc  further  theoretical  studies, 
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The  fracture  rt*uu*ce  of  a  *<kkW  btmaierisl  interface  ha*  been  measured  for  i  *i$k  rant*  of  pha*  »ngkv  the  mcaiu/e  of 
the  relative  crack  face  sliding  and  opening  displacement  Mir  the  crack  npv  The*  eeperimenti  have  revealed  that  the  enthral 
attain  energy  fekate  rate  increases  with  increase  in  phi*  ingle,  especially  *  hen  the  crack  epentng  becomes  small  The  result* 
4ft  consistent  with  i  model  bind  on  crack  surface  contact  associated  nompUnamy  of  the  fracture  interface. 


I.  Introduction 

When  a  component  containing  bimateria!  inter* 
facets  is  subjected  to  residual  and/or  external 
stresses,  failure  may  occur  either  within  one  of  the 
constituents  or  along  the  interface  (e.g.,  Turwiu  et 
alM  1985;  Bemdt  and  McfVrson,  1981;  Twenty- 
man  and  Homcock.  1981).  The  mechanism  of 
failure  depends  on  the  geometry  of  the  specimen, 
the  loading,  the  matrix  toughness  and  interface 
fucture  resistance.  For  example,  decohesion  of 
thin  films  on  brittle  substrates  often  initiates  pref¬ 
erentially  at  the  specimen  edge  and  initially  prop¬ 
agates  inward  along  the  interface.  However,  after 
extending  for  a  length  of  the  order  of  film  thick¬ 
ness,  the  decohesion  crack  is  frequently  observed 
to  deviate  into  the  brittle  substrate  (Drory  et  al., 
1988).  This  phenomenon  and  others  (Evans  and 
Hutchinson,  1989)  cannot  be  explained  by  using 
the  normal  assumption  that  the  fracture  resistance 
of  the  interface  is  governed  by  a  constant  value  of 
the  energy  release  rate. 

The  present  study  consists  of  an  experimental 
approach  that  elucidates  some  important  features 
concerning  the  above  debonding  and  interface 
fracture  resistance  issues.  Specifically,  the  debond¬ 
ing  phenomenon  is  examined  on  a  model  interface 
using  composite  beams  and  a  composite  cylinder. 
Measurements  of  the  critical  energy  release  rate  *FC 
are  made  on  geometries  having  a  spectrum  of 


*  mixed  mode"  loading  Following  Rice  (1988), 
the  phase  angle  +  is  defined  through  a  complex 
stress  intensity  factor  associated  with  an  interface 
crack, 

K**  |  A' I*'*  (1) 

where  |  AT  |  is  the  modulus  of  and 
tan^IMA'yRefA')).  A  failure  locus.  is 

thereby  established  and  a  crack  surface  contact 
zone  model  developed  by  Evans  and  Hutchinson 
(1989)  is  used  to  rationalize  the  experimental  re¬ 
sults.  Finally,  the  important  transition  between 
interfacia)  cracking  and  kinking  out  of  the  inter¬ 
face  is  discussed. 


2.  Theoretical  background 

2J  Energy  rtltas e  rate 

Four  specimen  geometries  are  used  in  the  pre¬ 
sent  study  as  depicted  in  Fig.  1:  symmetric  and 
asymmetric  cantilever  beam  specimens,  a  four- 
point  flexure  beam  and  a  cylindrical  tensile  speci¬ 
men.  The  strain  energy  release  rate  for  *  symmet¬ 
rical,  homogeneous  double  cantilever  beam  can  be 
approximated  by  beam  theory  provided  that  the 
crack  length/b&am  thickness  ratio  is  large  (Fig. 
la).  Then,  the  strain  energy  stored  within  each 
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F«l»  I.  Sfwarotfl  fcf  micrfKC  ffKturt  rctuunct  rrxAiuftttxnur  (a)  i)mmttric  double  Gumkvtr  b«*m,  (b)  a lymtr^tnc 

cimikvtr  beam*  l«)  fovf-po«nt  fkawt.  and  (d)  compose  cybmkf. 


beam,  (A  i|norin|  the  shear  contribution,  is  given 
by  (Crandall  et  j!m  1978). 


U  - 


2/>V 

Eh}b 


(2a) 


where  £  it  Young's  modulus,  A  the  beam  thick¬ 
ness,  a  the  crack  length,  P  the  applied  load,  and 
b  the  beam  width.  Therefore,  the  strain  energy 
release  upon  crack  extension  becomes. 


„  2/91A  12/>V 

"  lU<» if "  Eb1  h* 


(2b) 


The  strain  energy  release  rate  can  also  be  ex¬ 
pressed  in  terms  of  the  displacement  at  the  point 
of  loading.  4,  (Tada  et  al.,  1973)  as, 


3  EtfA* 
16  a4 


(3) 


where 


.  iPa^ 

m  Eh*  b  ’ 

In  the  asymmetric  btam  specimen  (Fig.  lb), 
only  the  strain  energy  in  the  peeled  arm  contrib¬ 
utes  to  9.  Approximating  the  arm  by  a  built-in 
beam  with  a  vertical  force  P  exerted  at  the  end, 
the  strain  energy  release  .ate  is  given  by  (Tada  et 
al.,  1973), 


y- 


6/>V  3£,4!AJ 


r 

a*|l/  n 


an4 


(4) 


where  £,  refers  10  the  cantilever  beam. 

In  the  case  of  the  four*point  fltxure  specimen,  a 
constant  moment  exists  within  the  inner  loading 
points  (Fig.  1c).  Consequently,  the  energy  release 
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2f7 


rate  of  tlx  interface  crack  exhibits  steady-state 
behavior,  wherein  *  is  independent  of  the  crack 
length  (Charalambides  et  al.,  J989a).  Again,  by 
using  beam  theory,  the  stioin  energy  release  rate 
can  be  evaluated  by  subtracting  the  strain  energy 
stored  in  a  unit  section  of  composite  beam  from 
the  strain  energy  stored  in  the  uncracked  beam. 


where  the  subscript  c  refers  to  the  composite 
beam.  M  «  F//2,  with  /  being  the  spacing  be¬ 
tween  the  inner  and  outer  loading  lines:  /-  and  /* 
refer  to  the  moment  of  inertia  of  the  uncracked 
and  composite  beams  respectively, 

/.-Mj/12 

/,  “  M|/12  +  XMj/12 

4,AU|A](i)|  +  Aj)j/*(*i  +  AA») 

with  X  -  £}/£t. 

For  the  axisymmetric  tensile  test,  the  energy 
release  rate  again  reaches  a  steady  state,  when  the 
debond  length  is  greater  than  (he  fiber  diameter 
(Fig.  Id).  The  steady-state  energy  release  rate  can 
be  evaluated  by  subtracting  the  strain  energy 
stored  in  a  section  of  the  "fiber"  from  that  in  the 
lower  portion  of  the  composite,  leading  to  (Char¬ 
alambides  and  Evans,  1989), 

_  (L\ 

*  4£,(A+//(1-/)]  W 

where  R  is  the  "fiber"  radius,  /  the  applied  stress, 
/  the  "fiber"  volume  fraction  and  £f  the  "fiber" 
modulus. 


2.2.  The  phase  angle  of  loading 

For  each  of  the  specimen  geometries  described 
above,  the  phase  angle  of  loading  develops  an 
unique  value,  independent  of  crack  length,  when 
the  crack  is  long  compared  with  other  characteris¬ 
tic  dimensions  (for  example,  the  beam  thickness  or 
the  fiber  radius).  The  steady-state  if  has  been 
calculated  for  each  geometry  using  a  finite  ele- 


Fig.  2  The  phax  t  *  foe 

an  interface  crack  »ft  a  fknurt  ipectimn,  wuH  retfxct  10 
thkkMM  r»Uo  A,/A3  aid  modulo*  ratio  for  fi**d 

Pouton'i  ratio.  *| »  r;  •  OX 


ment  procedure  described  elsewhere  (Matos  et  al., 
1989).  The  salient  results  are  described  below. 

An  elastically  homogeneous  symmetry  DCB 
specimen  is  obviously  subject  to  mode  I(  +  «0). 
However,  when  the  upper  and  lower  beams  arc 
cither  of  different  thickness  or  made  from  differ¬ 
ent  materials,  the  phase  angle  deviates  from  zero. 
The  result  most  relevant  to  the  present  study  gives 
a  phase  angle  of  36*  when  the  beam  thickness 
ratio  is  0.1  and  the  upper  and  lower  beams  have 
similar  modulus  and  Poisson's  ratio. 

The  phase  angle  for  the  flexure  specimen  varies 
with  the  thickness  ratio,  A,/A  2,  and  modulus  ratio, 
X,  as  depicted  in  Fig.  2.  The  phase  angles  relevant 
to  the  present  specimens  (£j-£j)  are  ♦-dC* 
when  hx/hl  -  1,  and  if  -  49*  when  h}/h2  m  0.1. 

For  the  axisymmemc  specimen,  the  phase  angle 
varies  with  the  "fiber"  volume  fraction  and  the 
elastic  constants  of  the  system  (Fig.  3).  For  pre¬ 
sent  purposes,  it  is  noted  that,  when  the  "fiber" 
volume  fraction  is  small  and  when  "fiber"  and 
matrix  have  similar  modulus  and  Poisson's  ratio, 
the  phase  angle  is  -70*. 

2.3  The  interfacial  zone 

When  the  crack  lies  on  one  interface  of  a  thin 
layer,  thickness  A,  bounded  to  two  thick  bodies 
(Fig.  4),  the  strain  energy  release  rate  can  be 
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Fig.  3.  Tht  m«k^»ui«  ittn*4imtf»Moiwl  pH**  and*  for  a 
oompoww  c>kmkr  Mttycct  io  imkm. 


estimated  by  ignoring  the  layer  if  its  thickness.  A, 
is  small  compared  with  other  specimen  dimen¬ 
sions  and  crack  length.  However,  the  phase  angle 
for  the  near  tip  stress  field  is  modified  from  that 
of  the  asymptotic  field.  It  has  been  shown  by  Suo 
and  Hutchinson  (1989)  that  the  modified  phase 
angle  can  be  related  to  the  remote  quantity  through 

♦-<  In  A  + u(n,  /?)  (7) 


Fit  4.  (a)  A  ihm-Uyfr  composite  with  a  lemi-wfiwte  crack 
on  an  iniarfac*.  (b)  Rotation  parameter  w  caused  by  the 
pmencc  of  a  thin  layer  for  $  •  0.  (However,  w  it  intenuiivt  to 

A) 


where  (Dundurs,  1969), 

M»(l  —  •'s)  —  *-,) 

B  \  J*|{1  -2»,)-MiP -2»,) 
2  + 


(S) 


with  m  being  the  shear  modulus,  r  Poisson's  ratio 
and  the  subscripts  1  and  2  now  referring  to  the 
thin  layer  and  the  material  on  the  other  side  of  the 
cracked  interface,  respectively,  and 


It  has  been  pointed  out  by  Suo  and  Hutchinson 
that  i  and  u  are  insensitive  to  /}.  For  the  very  thin 
layers  used  in  this  study  (A  *  25  pm),  and  using 
micrometers  as  the  unit  for  A,  ♦**  and  +  differ  by 
-  5*  (Fig,  4).  The  interface  failure  locus 
can  thus  be  recovered  from  the  remote  quantities 
^(♦),  provided  that  the  layer  thickness  is  small 
compared  with  other  specimen  dimensions. 


3.  Experimental 

3J  Maurial 

One  objective  of  the  present  experimental  study 
is  to  observe  the  sequence  of  events  associated 
with  bimaterial  interface  failure  under  general 
mixed  mode  loading.  A  translucent  material 
facilitates  such  observations.  For  this  purpose, 
glass  plates  and  rods  have  been  selected  with 
surfaces  that  are  smooth  and  uniform.  An 
aluminum  alloy  is  chosen  as  another  component 
because  it  has  similar  elastic  properties  to  glass, 
thus  eliminating  complexities  arising  from  elastic 
mismatch.  However,  the  thermal  expansion  mis¬ 
match  between  the  two  it  significant,  allowing 
residual  stress  effects  to  be  explored.  The  bonding 
agent  used  to  join  the  specimens  is  a  thermoplastic 
adhesive  which  softens  at  74*  C  and  flows  at 
135*C.  At  room  temperature,  the  material  is 
translucent  and  very  brittle.  In  addition,  it  can  be 
easily  dissolved  into  acetone. 


W  C  t'<M  *4  </  Etmf  r 


S.2  Specimen  prtparauon 

The  bonding  procedure  (Fig.  5)  has  been 
selected  to  maximize  reproducibility.  Further¬ 
more.  to  assure  crack  surface  uniformity,  the 
bonding  surfaces  of  aluminum  are  first  polished 
with  \  pm  diamond  paste  resulting  in  a  roughness 
of  ~  0.1  pm.  Each  of  the  constituents  is  then 
immersed  into  acetone  for  30  min  and  subse¬ 
quently  cleaned  in  an  ultrasonic  cleaner.  Bonding 
is  conducted  on  a  hot  plate  at  controlled  tempera¬ 
ture.  Bubbles  within  the  adhesive  are  driven  out 
by  shearing  and  establishing  bonding  from  one 
edge.  These  procedures  are  followed  for  both  the 
planar  and  cylindrical  geometries.  The  cooling 
rate  following  bonding  is  also  controlled  so  that 
the  residual  stresses  remain  constant  among  speci¬ 
mens.  The  amplitude  of  the  residual  stress  is  as¬ 
sessed  separately  (Appendix). 


r* 
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3J  Titling 

For  (he  ouwltvtr  /warn  specimen*,  initial 
cracking  is  achieved  by  inserting  a  wedge  between 
the  beams,  clamped  at  the  other  end  (Fig.  6).  The 
damp  exerts  a  compressive  pressure  on  the  inter* 
face  and  arrests  the  crack.  The  clamp  is  then 
gradually  removed  and  the  critical  crack  length  Tor 
interface  crack  extension  measured  upon  re-insert* 
ing  the  wedge. 

The  flixurt  specimen  is  precracked  using 
three-point  bending  (Fig.  7).  For  (his  purpose,  a 
scratch  is  Inscribed  onto  the  glass  before  bonding. 
Then,  upon  three-point  loading,  the  scratch  propa¬ 
gates  toward  the  interface  in  an  unstable  fashion 
and  branches  into  the  interface.  However,  because 
the  driving  force  for  the  interface  crack  diminishes 


initial  Notcn 
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Fig.  7  Procedures  (or  creating  decohesion  pre-deck  in  fleturc 
specimen  using  three-point  bending;  (a)  threc-p^.M  tend  of 
mini)  notched  beam.  (b|  crack  terminating  as  ibe  interface, 
and  «)  decohesion  at  adhesive/suhstratc  interface. 
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at  the  crack  extends  away  from  the  central  plane, 
the  crack  arrests.  The  crack  arrest  length  is  con¬ 
trolled  tc  be  approximately  10  times  the  thickness 
of  the  cracked  beam.  The  precracked  beam  is  then 
transferred  to  the  four-point  loading  fixture,  with 
the  arrested  crack  tip  located  between  the  inner 
loading  points,  whereupon  steady-state  conditions 
exist.  For  this  geometry,  frictional  forces  at  the 
loading  points  have  a  profound  effect  cn  the  val¬ 
ues  of  9  inferred  from  the  critical  loads  (Char- 
alambides  et  ah,  1919a).  Consequently,  friction  is 
first  minimized  by  inserting  a  thin  layer  of  TcP.cn 
tape  between  the  specimen  and  the  loading  points. 
The  amplitude  of  the  resultant  friction  is  then 
measured  from  the  hysteresis  in  the  elastic  compli¬ 
ance. 

For  the  ttnuU  specimen  consisting  of  a  glass 
rod  bonded  into  a  glass  tube,  an  initial  debond  is 
created  by  partially  dissolving  the  adhesive  in 
acetone,  using  ultrasonic  vibration  to  cause  the 
solvent  to  penetrate  uniformly.  The  specimen  is 
then  loaded  in  a  tensile  fixture  (Fig.  8).  with  the 
glass  rod  bonded  to  a  set  screw  using  epoxy.  The 


smooth  transition  of  the  bond  coupled  with  the 
viscous  deformation  of  the  epoxy  alleviate  the 
stress  concentration  at  the  grips.  The  rod  it  con¬ 
nected  to  a  hardened  steel  ball  within  a  spherical 
washer  having  a  thin  layer  of  Teflon  between  the 
contacts.  This  arrangement  provides  a  moment 
free  connection  between  the  two  ends. 


4.  Observations  and  measurements 

4./  Thifotlitrt  loon 

For  the  cantiltvtr  burn  tests,  the  difference  in 
the  reflection  of  light  by  the  bonded  interface  and 
the  decohered  region  makes  the  crack  tip  readily 
visible.  Such  optical  monitoring  of  debonding  re¬ 
veals  that,  when  the  crack  becomes  critical,  it 
jumps,  despite  the  decreasing  nature  of  the  energy 
release  rate  as  crack  extends.  The  critical  energy 
release  rate  for  crack  initiation,  and  crack 
arrest.  thus  differ.  To  validate  the  test  proce¬ 
dure.  the  crack  initiation  energy  release  rate  3f 
was  measured  using  different  wedges  (Fig.  9).  The 
results  exhibit  the  required  Insensitivity  to  the 
wedge  opening  within  experimental  uncertainty 
(^-7*2 Jm‘5).  For  the  Jltxwt  and  ttnsile 
tests,  crack  length  measurement  is  not  important 
because  the  energy  release  rate  and  phase  angle 
are  constant.  However,  an  LVDT  is  used  to  moni¬ 
tor  the  displacement,  because  debond  growth  is 
then  clearly  delineated  by  a  displacement  discon- 


Fig.  9.  InicrfK*  fracture  rtsuuncei  obuunm*  uunj  itymmei* 
tic  ctntikvrr  specimens  (♦-34*)  for  ihrte  wedge  thick- 
ntties. 
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tinuiiy.  A  typical  specimen  after  &  flexure  test 
(Fig,  10)  provides  clear  evidence  of  markings  asso¬ 
ciated  with  initial  growth  and  crack  arrest. 

The  measurements  of  9C  obtained  from  each  of 
the  above  tests  are  combined  in  Fig.  11  to  estab¬ 
lish  the  failure  locus  for  the  interface  by  applying 
the  values  of  the  phase  angle  described  in  Section 
2.  For  the  Al/glass  specimens,  the  residual  stress 
was  taken  into  account,  as  described  in  the  Ap¬ 
pendix.  It  is  apparent  that  %  is  larger  for  the 
glass/polymer  interface  than  for  the  Al/polymer 
interface  and  the  9t  increases  as  *  increases, 
becoming  quite  large  when  ♦  approaches  «/2. 

4.2  The  crack  extension  path 

Another  important  issue  concerns  the  crack 
extension  path  in  a  three-layer  composite  (Fig. 


12).  When  the  crack  is  subject  to  opening  mode 
loading  1^*0),  crack  extension  is  observed  to 
occur  within  the  interlayer.  However,  when  subject 
to  mixed  mode  loading,  the  crack  always  propa¬ 
gates  within  the  interface.  Furthermore,  the  crack 
selects  the  upper  interface  when  'f  <0  and  the 
lower  interface  when  ♦  >  0.  Specifically,  for  asym¬ 
metric  cantilever  specimens  in  which  *  <  0,  the 
crack  extends  on  the  upper  interface,  whereas  in 
the  flexure  specimen,  for  which  *  >  0,  the  crack 
path  is  along  the  bwer  interface.  Additionally, 
and  most  insightful,  when  a  flexure  test  is  inter¬ 
rupted  and  a  cantilever  force  applied,  the  interface 
crack  path  abruptly  changes  (Fig.  12c).  These  re¬ 
sults  provide  definitive  evidence  that  the  crack 
trajectory  and  thus  the  preferred  fracture  interface 
is  largely  dominated  by  the  sign  of  the  phase 
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Ph*M  A nglg  o\  loa*og<  v 

Fig.  U.  Interf k<  fracture  resistance  %tth  respect  to  phase 
angle. 


un|te,  at  least  when  the  interlayer  material  has  a 
relatively  low  toughness. 


5.  Comparison  with  theory 

The  only  well  developed  model  that  describes 
the  trends  in  9C  with  if  invokes  a  non-planar 
interface  and  examines  the  effect  of  the  contact 
provided  by  non-planarity  on  the  shieldin|  of  the 
lip  from  the  applied  toads  (Evans  and  Hutchin¬ 
son,  1989).  This  model  has  several  simplifying 
features,  such  as  an  idealized  interface  mor¬ 
phology  (Fig*  13a),  homogeneous  elastic  proper¬ 
ties,  and  freely  sliding  contacts  (no  friction).  Nev. 
er  the  less,  the  model  identifies  the  existence  of  a 
non-dimensional  material  parameter  x  that  pro¬ 
foundly  influences  the  trend  in  with  *  (Evans 
and  Hutchinson,  1988), 

X  *  EH2/y0L 


where  H  is  the  amplitude  of  the  interface  rough¬ 
ness,  L  the  wavelength,  is  the  fracture  resis¬ 
tance  of  \be  interface  at  ♦  -  0  and  £  is  Young's 
modulus.  Trends  in  crack  shielding  with 

ir  predicted  by  the  model  are  plotted  on  Fig.  13: 
the  present  experimental  results  are  juxtaposed. 
Comparison  indicates  that  agreement  between  the¬ 
ory  and  experiment  implies  a  magnitude  of  x  of 
order  10.  reasonably  consistent  with  the  character¬ 
istics  of  the  present  systems  (£  *  2  -  70  GPu,  // 
*0.1  pm,  £*  l  pm,  Jm°)< 


•  P 


M 


C)  Alternating  loads 


Fig.  12,  (a)  Crack  cxicnstoa  path  taker,  by  the  interfxe  crack 
in  peel  specimen.  (b)  Crack  path  in  flexure  specimen.  (cl 
Schematic  illustrating  crack  extension  path  change  uben  a 
flexure  specimen  ts  subsequently  loaded  at  end  of  beam,  noting 
interface  crack  Unking  into  adhesive  and  extending  on  the 
other  interface  of  a  thin  interlayer  structure,  when  the  phase 
angle  changes  sign. 


MC  t**rf#*i 


Fi|<  U>  (*)  Sch«ro*uc  of  co*tK(  *0f*  illunraung  crxk  fKc 
cofliKi  upon  utMvtm  ditplKtmtnt  (b)  Trcndi  in  crsck 
thi<tdin|  wuh  pH**  sn|I«  of  !o*dm$  f  for  various 

*»tu«s  of  iHc  cqa:k(  io<m  p*um<tcr  x*  Th<  «p*nm«nul 
ftsulti  Art  alto  ihown. 


1  CoocknioM 

Mixed  mode  fracture  conditions  have  been 
established  for  a  model  bimaterial  interface  by 
introducing  interface  cracks  into  different  speci¬ 
men  geometries.  The  interface  fracture  resistance 
has  been  found  to  increase  with  increase  in  phase 
angle  of  loading.  A  simple  contact  zone  model 
predicts  trends  consistent  with  the  experimental 
results.  However,  the  trend  could  also  be  in¬ 
fluenced  by  other  phase  angle  dependent  phenom¬ 
ena.  such  as  blunting  and  plasticity. 

The  f*acture  trajectory  has  been  shown  to  de¬ 
pend  on  the  sign  of  the  phase  angle,  and  cm  be 
moved  from  one  interface  to  another  by  changing 


SOS 

the  sign  of  t  while  if  remains  constant  Further¬ 
more,  the  crack  remains  in  the  bond  layer  when 
♦  «  0.  Measurements  of  the  interface  fracturt  re¬ 
sistance  must,  therefore,  be  cognizant  of  the  sign 
of  +  and  of  the  fracture  interface  involved. 


Appendix 


RtstduaJ  urns  t/fttts  m  btams 


Thermal  residual  stresses  arise  within  com¬ 
posite  beams  when  cooled  from  the  processing 
temperature.  The  differential  shrinkage  between 
the  two  beams  deforms  the  composite  beam  into  a 
curved  shape.  The  curvature  of  the  beam  can  be 
measured  using  a  profiler  and  the  residual  stress 
computed  following  a  beam  thcoty  solution. 
Specifically,  when  a  profiler  travels  a  distance,  </, 
on  the  beam  surface,  a  maximum  displacement,  8, 
occurs  at  the  center  point  such  that  the  misfit 
stress  is 


4  Elf 


(A.1) 


where  A,  and  A:  are  the  thickness  of  the  upper 
and  lower  beams  respectively  and  /c  is  the  mo¬ 
ment  of  inertia  for  the  composite  beam. 

When  an  external  load  is  applied  (Fig.  lc),  both 
the  applied  and  residual  stress  contribute  to  the 
energy  release  rate  upon  crack  propagation,  such 
that  (Charalambides  et  a!.,  1989b) 


(A.2) 


where  Ax  «AA,,  Af  -  (At  4  AA:)A,  and  Mm 
AAfo*/*  the  applied  moment  with  om  being  the 
maximum  bending  stress  over  the  uncrncked  beam. 
Rearranging  gives: 

*  x)  (a.3) 
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X* 

whcrt 

♦((.  n.A)**j+n5(i--nr^) 

,  4{N-<V3-fV 

i+.\f’+3M{i  +rr7o+xo 

with  o,/om  and  n^Aj/Aj.  Consequently.  bv 
evaluating  <r(  from  the  bending  and  determining 
from  the  applied  load  a;  crack  extension.  ? 
can  be  determined  from  eq,  CA.3).  This  procedure 
is  used  for  the  Al/gla«  specimens. 

The  phase  angle  is  also  modified  when  residual 
stress  is  present  tCharalambides  ct  al..  1989b). 
However,  for  the  relative  stress  levels  arising  dur¬ 
ing  the  present  experiments.  ({  *  0.2).  this  effect  is 
small. 
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